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Observations on Mechanical Properties of 


Hydrogenated Vanadium 


Vanadium foils and wires, either cold-worked or recrystallized, show a ductile-brittle-ductile 
fracture sequence with temperature. At about 150°C the hydrogenated vanadium wires are found 
to be ductile. At room temperature the wires show brittle fracture, and at liquid nitrogen tempera- 
ture the wires are again ductile, although to a lesser extent than found at 150°C. Hydrogenated 
cold-rolled vanadium foils have been found to fracture in unusually straight lines along the [100] 


texture directions. 


The hydrogen content required to show this [100] texture fracture is limited to 


a few atomic percent in range. Hydrogen content above this range causes fracture to occur in 


random directions. 


by B. W. Roberts and H. C. Rogers 


RELIMINARY experiments with hydrogenated 

vanadium foils indicated that the embrittling 
effect of the hydrogen on the vanadium, which was 
severe at room temperature, was reduced at both 
lower and higher temperatures. In order to inves- 
tigate more quantitatively the ductility changes with 
temperature, vanadium wires were tested in tension 
at three temperatures. The reduction of area was 
measured and the fractures examined. 

Specimen Preparation—The material used was 
kindly supplied by A. U. Seybolt' in the form of 
%-in. rod. The nominal analysis was: 99.2 pet V 
assay, 0.2 pet C, 0.01 pet Si, 0.01 pet Fe, 0.015 pet 
Ca, 0.02 pet O., 0.01 pet N,, and 0.003 pet H,. 

The specimens were 0.035-in. diam wires. These 
were prepared by cold-swaging the supplied rod to 
the final diameter without intermediate anneal. They 
were finished with long-bearing dies. The surface 
was then given a light polishing with 0 emery paper 
and degreased in trichlorethylene. An X-ray check 
indicated that the cold-swaged wire had a fairly 
strong [110] fiber texture. 

The wires were then recrystallized in vacuum in 
continuously pumped quartz tubes at two tempera- 
tures to give two different grain sizes. One group of 
wires was given 45 min at 800°C; another, 60 min 


B. W. ROBERTS and H. C. ROGERS, Associate Member AIME, 
are associated with Research Laboratory, General Electric Co., 
Schenectady 

TP 4305E. Manuscript, Aug. 10, 1955. Cleveland Meeting, Octo- 


TRANSACTIONS AIME 


at 1000°C. The microstructures in Fig. 1 show the 
wires after they have been electropolished and elec- 
troetched in 10 pet HCl. 

After the 800°C anneal, the vanadium grains had 
a diameter of 1 to 24 and there appeared to be a 
tendency to elongation in the longitudinal direction. 
However, the latter may be an etching effect. After 
the 1000°C anneal, the grains appeared to be equi- 
axed, but there was a very large spread in grain 
size, probably due to some impurity segregation in 
the wire, Fig. 1, right. The grain diameters varied 
between the limits of 1 to 1504. The small particles 
shown particularly clearly in Fig. 1, left, are also 
visible on the polished surface of all samples before 
etching and are undoubtedly carbides and nitrides 
of vanadium. An X-ray check indicated these an- 
nealed wires had a strong [110] recrystallization 
fiber texture 

The hydrogenation was carried out in an iron 
retort with dry hydrogen flowing through it, the 
retort and contents being heated in a tube furnace 
with a hydrogen atmosphere. The hydrogenation 
temperature was approximately 500°C, The hydro- 
genation times chosen were approximately those 
which would be just enough to cause the vanadium 
to be brittle at room temperature and thus allow 
the greatest chance for ductility to occur at the 
other two temperatures. Part of the fine grained 
specimens were hydrogenated for 2% min at 490°C. 
Part of the coarse grained specimens were hydro- 
genated for 1% min at 515°C 


AF 
i 1—Microstructures of oer att fine grained and coarse grained vanadium wires Lave Cross section of fine grained 


vanadium. X1000. CENTER: Longitudinal section of fine grained vanadium. X1000. RIGHT: Longitudinal section of coarse grained 
vanadium. X100. Reduced approximately 30 pct for reproduction. 
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fine grained vanadium. X1000 


The vacuum fusion analyses for hydrogen were as 
shown in Table I 

The effect of hydrogenation on the microstructure 
of the fine grained vanadium is shown in Fig. 2. 
There is definite evidence of localized formation of 
a second phase, perhaps VH. Figs. 2, left, and 2, 
center, indicate that it forms in irregular thin strips 
along the length of the wire. These strips do not 
appear to be intergranular. At higher magnifica- 
tion, the strips can be seen to consist of an acicular 
structure, as seen in Fig. 2, right. 

There was no evidence of any second phase forma- 
tion in the coarse grained vanadium which was 
hydrogenated for only 1% min. Since this single- 
phase vanadium behaves in a manner comparable 
to the fine grained two-phase material, the second 
phase is considered to have little or no effect on the 
mechanical properties in the present amount and 
distribution 

Testing—The tensile tests were performed at a 
strain rate of 0.05 in. per min. The wires were 
gripped between grooved blocks. To increase fric- 


Fig. 3—Vanadium foils (1 mil) which have been hy- 
drogenated catalytically, LEFT: Illustrates the 45° 
cleavage. Percentage of hydrogen found: 0.10+0.01 
wt pet. RIGHT: Irregular cleavage. Percentage of 


hydrogen found: 0.15+ 0.01 pet. 
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Fig. 2-—-Microstructures of hydrogenoted fine grained and coarse grained vanadium wires. LEFT: Cross section of hydrogenated 
CENTER: Longitudinal section of hydrogenated fine grained vanadium. X250. RIGHT: Longi- 


tudinal section of hydrogenated fine grained vanadium. X1500. Reduced approximately 30 pct for reproduction. 


tion and reduce local stress concentrations at the 
gripping surface, the wire was wrapped at the 
gripped ends with several layers of copper foil 0.001 
in. thick. The test temperatures were —196°C, 24°C, 
and approximately 160°C. These were obtained re- 
spectively with a bath of liquid nitrogen, air, and 
a bath of preheated silicone oil. 


Table |. Vacuum Fusion Analyses for Hydrogen 


Atomic 
Material Wt Pet H, Pet Hy 
Unhydrogenated vanadium 0.003 + 0.0003 0.15 
Fine grained vanadium hydrogenated 0.042: +-0.004 2.1 
min at 490°C 0.062 + 0.006 3.1 
Coarse grained vanadium hydrogenated 0.045+0.004 22 


1% min at 515°C 


Results—The results of measurements of reduc- 
tion in area at fracture are shown in Table II. 

The results are incomplete because of the small 
number of specimens available for preliminary ex- 
periment. The amount of deformation at 160°C and 
at room temperature was sufficient to cause consid- 
erable slipping in the grips, and the specimen supply 
was exhausted before complete results could be 
obtained. The results indicate the high temperature 


Table Il. Reduction in Area of Wire 


Reduction in Area at Various 
Test Temperatures, Pet 


24°C 150° te 160°C 


Specimen Type 


Fine grained vanadium 
Hydrogenated fine grained vanadium 33, 29 0 80 
Coarse grained vanadium 63 77, 87° 

Hydrogenated coarse grained vanadium » © 


* There appeared to be a large defect near the fracture 


to be more effective in increasing the ductility than 
the low temperature. Such a minimum in ductility 
has been observed in the case of iron.’* At one time 
this high temperature ductility was thought to be 
caused by a loss of hydrogen from the supersaturated 
iron. To eliminate this possibility of a significant 
loss of hydrogen in the case of vanadium, the speci- 
men which had fractured in a ductile manner at 
160°C was subsequently bent at room temperature 
and again the fracture was brittle. 

All of the unhydrogenated vanadium fractures 
were typical ductile cup-cone fractures. The hydro- 
genated fine grained vanadium fractured similarly 
at 160°C. The room temperature fracture of the 
hydrogenated coarse grained wire resembled a 
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cleavage fracture, while that of the hydrogenated 
fine grained wires consisted of several large flat 
areas, oriented normal to the stress axis. These were 
on slightly different levels and were joined together 
by rather sharp cliffs. There was considerable river- 
like substructure on the fractured surface, but no 
evidence of grain boundaries. The fractures of both 
hydrogenated groups at —196°C resembled the rough 
fractures of hydrogen embrittled iron at room tem- 
perature. 


Dependence of Fracture Behavior on Hydrogen Content 


Foils of fairly pure vanadium were used to study 
the effect of hydrogen content on the fracture 
characteristics. 

Foil Preparation—Vanadium foils of 1 mil thick- 
ness were prepared by initially cold-rolling and 
then pack-rolling 32-mil sheet vanadium of 99.7 
pet purity." The rolled metal had a very strong 

* From A. D. Mackay Co. Nominal analysis: 0.07 wt pet C, 0.08 
pet N, 0.03 pet H, 0.02 pet O, 0.02 pet Fe, and 0.10 pct Si 
(100)[110] texture. 

The hydrogen was added to the foil by a surface 
catalysis method" utilizing manganese metal as the 
catalyst and water vapor as the hydrogen source. 
The hydrogenation was carried out at 300°C for 
various times. 

Foil Fracture—A foil strip held for 0.6 hr showed 
no embrittlement on bending while the foil held for 
1 hr under the same conditions yielded a brittle foil 
which cleaved directionally at 45° from the rolling 
direction as shown in Fig. 3, left. Fig. 3, right, is a 
photograph of an identical foil held for 2 hr which 
shows cleavage in many directions with respect to 
the rolling direction. The foil exhibiting 45° cleav- 
age gave a hydrogen content of 0.10+0.01 wt pct 
(4.6 atomic pct), while the irregular cleavage sample 
contained 0.15+0.01 wt pct (6.9 atomic pct) as de- 
termined by a vacuum fusion analysis. 

Fig. 4 illustrates the degree of perfection of the 
cleavage that occurs in hydrogenated foil at 45° to 
the rolling direction and normal to the foil surface. 
It thus follows the (100) cleavage planes of the 
highly textured sheet. However, electron micro- 
scope pictures taken at a magnification of X10,000 
show very definite small angle jogs in the fracture 
edge. The jogs were roughly 5y in separation and 
could be interpreted as fracture travel through 
slightly misaligned crystallites. 

Metallographic examination of the fracture sur- 
face gave no clear evidence of a precipitated phase, 
although some striations were observed parallel to 
the sheet surface which may be associated with the 
rolling or with the hydrogenation of the sheet. 

A square hole similar to that shown in Fig. 4 has 
been observed in rolled tungsten’ and molybdenum." 
The tungsten cleaved at very high temperature due 
to an unknown cause. The molybdenum observation 
is an instance of low temperature fracture along 
oriented cleavage planes and is not associated with 
the presence of hydrogen. 

Discussion—The directional fracture in vanadium 
as well as the temperature-dependent ductile- 
brittle-ductile sequence are clearly associated with 
the hydrogen content. However, the mechanism 
whereby the hydrogen causes these phenomena is 
as yet not understood. Unpublished data’ on the 
structure of VH (1:0.92 atomic) suggest, but do not 
prove, that hydrogen atoms lie in a simple cubic 
planar array parallel to one set of (100) vanadium 
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Fig. 4—Square hole area in hydrogenated vanadium foil. X5. 
Reduced approximately 15 pct for reproduction. 


metal planes. Thus in the directional embrittlement 
of the vanadium, a crack propagating down the 
sheets of hydrogen atoms might be conjectured. 
However, no diffiraction evidence exists to show 
the location of the hydrogens in low hydrogen-con- 
tent alloys. 

Recent crystal studies” by neutron diffraction on 
VD,, have demonstrated that a structural change 
involving at least the deuterium atoms occurs at a 
temperature of —66+5°C. This reorganization of 
the deuterium atoms between room temperature 
and liquid nitrogen temperature may be associated 
with the ductility of hydrogenated vanadium at 
low temperatures. Since the temperature depend- 
ence of the embrittlement is similar but more pro- 
nounced than that of iron, it will be carefully inves- 
tigated by H. C. Rogers.” For further comparison, the 
dependence of the embrittlement on strain rate at a 
series of hydrogen contents is being studied. 
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Configurations of ferrite 


Sympathetic Nucleation of Ferrite 


tals have been found in a plain carbon steel which 


appear to have resulted from the nucleation of new ferrite crystals at the interphase 
boundaries of previously formed crystals despite the high carbon concentrations which 
necessarily develop at these boundaries. This phenomenon has been termed sympathetic 
nucleation. An attempt has been made to reconcile the occurrence of sympathetic nu- 


cleation with current nucleation theory. 


HIS investigation is one of a series on the forma- 
tion of proeutectoid ferrite from austenite. From 
the viewpoint of chemical composition, this reaction 
consists of the nucleation and diffusional growth of 
crystals of carbon-poor ferrite within a matrix of 
carbon-rich austenite. The austenite adjacent to the 
austenite-ferrite boundaries will be greatly enriched 
in carbon, approximately to the value of the 
y/(a + y) equilibrium curve or its metastable ex- 
trapolation at the temperature of transformation. 
Those areas of austenite appreciably farther re- 
moved from the growing ferrite, on the other hand, 
will be relatively unaltered in composition, especi- 
ally at the earlier stages of transformation. Since 
rates of nucleation are considered to decrease ex- 
ponentially with decreasing supersaturation,’ the 
frequency with which ferrite nuclei appear at 
austenite-ferrite boundaries should be negligible in 
relation to that at which they form in other regions 
of the austenite. During this investigation, however, 
many groupings of ferrite crystals have been found 
which appear to have resulted from the nucleation 
of ferrite at austenite-ferrite boundaries, This phen- 
omenon has been given the name of sympathetic 
nucleation. A number of micrographs of morphologi- 
cal configurations caused by sympathetic nucleation 
will be presented, after which an explanation for 
this reaction will be proposed in terms of current 
nucleation theory. 

Some of the structures to be considered are com- 
posed of bainite, an aggregate of ferrite and carbide, 
rather than of ferrite. Since ferrite and bainite differ 
only in that bainite forms under conditions which 
result in the nucleation of carbides behind the ad- 
vancing austenite-ferrite boundaries,’ it will usually 
be unnecessary, for the purpose of this paper, to dis- 
tinguish between the two reaction products. 

All studies were performed on an electric furnace 
steel (obtained from the Vanadium Alloy Steel Co.) 
containing 0.29 pet C, 0.76 pet Mn, 0.25 pct Si, 0.005 
pet P, and 0.007 pct S. The alloy was cast as a 150 Ib, 
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by H. |. Aaronson and C. Wells 


7x7 in. cross section ingot and forged into bars 2x2 
in. in cross section. These bars were homogenized for 
48 hr at 1250°C in an Endo-Gas atmosphere. The 
depth to which decarburization penetrated during 
this heat treatment was determined by chemical and 
microscopic analyses and the affected metal was 
removed by machining. Specimens for isothermal 
transformation studies were cut from the remaining 
material; most of these specimens were 2x %4x1/16 
in., though some with a thickness of 1/32 in. were 
prepared for use at the shorter reaction times and 
lower reaction temperatures. 

Specimens were austenitized for 30 min at 1300°C, 
isothermally reacted for various times at tempera- 
tures ranging from 775° to 475°C, and _ then 
quenched in iced water. The austenite grain sizes 
within individual specimens ranged from ASTM 
Nos. 1 through —4. A commercial heat-treating salt 
which was continuously deoxidized by an immersed 
graphite crucible served to minimize the loss of 
carbon during austenitizing; thick covers of pow- 
dered graphite and immersed graphite rods effec- 
tively prevented decarburization in the lead pots 
employed for the isothermal reaction treatments. 

The heat-treated specimens were sectioned and 
mvounted in Bakelite. Following the completion of 
standard grinding and mechanical polishing pro- 
cedures, the specimens were electrolytically polished 
with a Buehler-Waisman apparatus and etched in 2 
pet nital. 

Experimental Results 

Rules of Evidence for Sympathetic Nucleation—On 
the basis of observations made on a single plane of 
polish, one precipitate crystal may be considered to 
have been sympathetically nucleated at the inter- 
phase boundary of another precipitate crystal when 
the following conditions are fulfilled: 

1) The sympathetically nucleated crystal is not 
in contact with a grain boundary or a subboundary 
in the matrix phase. 

2) The shape, size, and location of the crystal at 
whose boundary sympathetic nucleation occurred 
(hereafter termed the base crystal) and the crystal 
formed by sympathetic nucleation substantially pre- 
clude the possibility that the plane of polish em- 
ployed may have concealed the fact that both crys- 
tals actually nucleated at a grain boundary or a sub- 
boundary in the matrix phase. 
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3) It is improbable that the grain boundary 
separating the sympathetically nucleated crystal 
from its base crystal was created within a single 
precipitate crystal (by polygonization, etc.) or 
reached the observed position by migration within 
the precipitate phase. 

4) Rates of nucleation at intragranular sites are 
low. 

5) The total amount of transformation is rela- 
tively small, especially in the matrix grain or grains 
concerned. 

In addition to these requirements, it is also desir- 
able that the configurations which are ascribed to 
sympathetic nucleation do not have counterparts 
among structures developed through the operation 
of other mechanisms. Also, in view of the limitations 
of currently available experimental techniques, it is 
usually necessary that enough examples of a given 
type of configuration be found to minimize the pos- 
sibility that an uncommon accident, rather than 
sympathetic nucleation, is responsible for the con- 
figuration in question. 


Configurations Resulting from Sympathetic Nucle- 
ation—Sideplates on Widmanstaetten Stars: When 
intragranular Widmanstaetten plates grow in more 
than one direction from nuclei which developed 
about a central locus, which is often and perhaps 
always an inclusion, the resultant configuration may 
be termed a Widmanstaetten star. Two of these con- 
figurations are shown in Fig. 1. Since the Widman- 
staetten star has no readily recognizable counter- 
part among groupings of crystals nucleated at grain 
boundaries, it is quite certain that the crystals of the 
star are of intragranular origin. Similarly, the two 
groups of sideplates,” labeled C in Fig. 1, which ter- 
minate at component plates (labeled A) of the two 
stars, bear no resemblance whatever to any config- 
urations of plates resulting from nucleation at iso- 
lated intragranular sites at reaction temperatures of 
550°C and above. These groupings of parallel plates 
are, instead, identical in overall form to those which 
develop from interfaces, i.e., from austenite grain 
boundaries and from rows of impinged grain bound- 
ary ferrite crystals. Even the individual plates tend 
to have the comparatively thick bases and narrow 
tips which characterize individual crystals in con- 
ventionally formed groups of sideplates. It thus ap- 
pears that the sideplates in Fig. 1 nucleated at the 
interphase boundaries of the plates in the Widman- 
staetten stars which they abut, rather than at near- 
by intragranular lattice defects. 

The small percentage of ferrite in this specimen 
and the large distance separating this field from the 
nearest austenite grain boundary also serve to indi- 
cate that the sideplate structures are the result of 
sympathetic nucleation rather than of a nonrepre- 
sentative plane of polish. The grain boundaries be- 
tween the base and the sympathetically nucleated 
plates, however, are very faint. Fig. 2, showing a 
similar configuration of intragranular plates in 
which the ferrite-ferrite boundaries are more satis- 
factorily revealed, has therefore been included. In 
order to reveal all of the boundaries due to sym- 
pathetic nucleation in this structure, however, it was 
necessary to overetch the specimen, employ oblique 
illumination and a higher magnification, and focus 
directly on the ferrite-ferrite boundaries. The light 
etching behavior of most boundaries of this type is 
probably due to the relatively low energies of these 
boundaries, as suggested in the Discussion section of 
this paper. On the other hand, ferrite-ferrite bound- 
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aries necessarily separate the plates which are in 
contact in both Figs. 1 and 2, since Dube and Mehl’ 
have demonstrated that the crystallography of the 
Kurdjumow and Sachs orientation and habit plane 
relationships,’ previously shown to be applicable to 
proeutectoid ferrite,’ will not permit a single ferrite 
crystal to evolve plates parallel to more than one 
octahedral austenite plane. Extended studies have 
shown that the octahedral habit plane is the only 
habit plane operative in this steel in the temperature 
range 775° to 550°C; at 525°C and at lower temper- 
atures in the range studied, another habit plane, as 
yet unidentified, supplements but does not replace 
the octahedral habit plane.’ 

Fig. 3 shows a less orderly arrangement of side- 
plates at a Widmanstaetten star. In view of the low 
average density of intragranular crystals in this 
specimen, the concentration of plates about the cen- 
ter of the star appears to have resulted from the 
prior presence of the star. Some of the sympathetic- 
ally nucleated plates are pointed out by arrows. The 
ferrite-ferrite boundaries, which are more easily 
seen in this structure, suggest the presence of sym- 
pathetic nucleation in several places where it might 
not otherwise be suspected. 

The type of structure illustrated in Figs. 1 and 2, 
sympathetically nucleated groups of sideplates, de- 
velops with some frequency, though it is not a prom- 
inent feature of intragranular plate structures, The 
type of intragranular sideplate arrangement ex- 
emplified by Fig. 3, however, occurs quite generally 
at temperatures at which stars develop in significant 
numbers. 

Sheaves: Fig. 4 shows a type of intragranular 
structure which is often found at reaction tempera- 
tures of 525°C and below. Careful examination of 
these structures indicates that in almost every case 
they are composed of several parallel plates in con- 
tact. This observation is confirmed on similar struc- 
tures viewed at higher magnification, as shown in 
Fig. 5, though it is necessary to use for this purpose 
the precipitation of bainitic carbides preferentially 
at the boundaries between adjacent plates*® to sup- 
plement the often faint traces of these boundaries.* 


*The approximate linearity of these boundaries indicates that 
they are not merely subboundaries resulting from polygonization 


induced by transformation stresses. Both light and electronmicro- 
scopic observations indicate that ferrite subgrains in this steel are 
polygonal in shape, as would be expected from the intricate and 


varying pattern of the transformation stresses accompanying the 
growth of the irregularly shaped ferrite crystals 


These groupings of intragranular plates may be 
termed sheaves. Individual plates in a sheaf are 
parallel to the same octahedral austenite plane; the 
octahedral directions in adjacent plates, however, 
are presumably parallel to different dodecahedral 
directions in their common matrix habit plane. 

The mechanism through which sheaves develop 
appears to be the repeated sympathetic nucleation 
of new plates against and parallel to the broad faces 
of previously formed plates. Assuming that the ini- 
tial plates of sheaves are nucleated approximately at 
random, this mechanism is consistent with the fol- 
lowing observations which have been made on the 
structures and growth patterns of sheaves: 1) ad- 
jacent plates within a sheaf are normally in contact 
with each other over most of their lengths (Figs. 
4 to 6); 2) the density of isolated intragranular plates 
in the austenite regions between sheaves is quite 
low, even at late stages of transformation (Figs. 7 
and 8); 3) the average number of plates in a sheaf 
increases with increasing isothermal reaction time 
(compare Figs. 6 and 7); and 4) in specimens re- 
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acted at 525° to 475°C, the interiors of austenite 
grains are almost entirely transformed by the oper- 
ation of the sheaving mechanism (Fig. 8). 

Although it is not impossible that clusters of lat- 
tice defects within austenite grains may be respons- 
ible for the formation of sheaves, such defect regions 
would be required to have the following properties: 
1) average diameters somewhat larger than 10° cm 
(the width attained by many sheaves at the comple- 
tion of transformation); 2) wide variations among 
different clusters in the time required to nucleate 
the first plate of a sheaf; 3) differences in the struc- 
ture of individual defects of a cluster or the presence 
of a triggering mechanism which will permit the 
systematic and sequential nucleation of the com- 
ponent plates of a sheaf; and 4) capability of nucle- 
ating all of the plates of a sheaf without being over- 
run by the nucleation and continuing growth of the 
plates formed earlier. The number and complexity of 
the assumptions which must be made in order to con- 
struct defect regions having these properties neces- 
sarily results in a mechanism of rather doubtful 
value. The postulation of networks of subboundaries 
within austenite grains also appears to be an in- 
adequate means of fulfilling these requirements. 

Widmanstaetten Structures at Grain Boundary 
Precipitates; Even when a ferrite-ferrite boundary 
separates a Widmanstaetten sideplate from another 
ferrite crystal which is in contact with an austenite 
grain boundary, it is normally very difficult to argue 
convincingly that the Widmanstaetten plate was 
sympathetically nucleated. The proximity of the 
austenite grain boundary and the elongated form of 
the sideplate immediately suggest that the sideplate 
may have developed in more conventional fashion 
from a point not in the plane of polish, either as an 
integral part of a grain boundary ferrite crystal or 
directly from the austenite grain boundary. The 
same objection applies, though less forcefully, when 
the crystal in question has the more compact shape 
of a Widmanstaetten sawtooth.” The structures to be 

*A Widmanstaetten sawtooth is a crystal of triangular cross sec- 
tion, formed at a matrix grain boundary or a grain boundary fer 


rite crystal, whose major axis is parallel to a habit plane in its 
matrix grain 


discussed in this section, however, were found in 
specimens which contained only a few isolated 
Widmanstaetten sideplates and sawteeth and no in- 
tragranular crystals. A reasonably satisfactory 
answer to the question of a nonrepresentative plane 
of polish thus becomes feasible in some cases. 

Fig. 9 shows a Widmanstaetten sawtooth, C, which 
appears to have been sympathetically nucleated at 
the interphase boundary of the grain boundary fer- 
rite crystal, A. The failure of crystal A to extend 
through the row of impinged crystals to the aus- 
tenite grain boundary (in this plane of polish) may 
be readily explained by the migration of ferrite- 
ferrite boundaries. The assumption that the C-A 
boundary was also formed by the impingement of 
adjacent crystals and migrated to the observed posi- 
tion, however, requires that grain boundary move- 
ments of improbable extent and complexity have 
occurred. The comparatively small size of the saw- 
tooth relative to the other crystals in this field indi- 
cates that the sawtooth probably was not in con- 
tact with the austenite grain boundary at some 
position above or below the plane of polish 

The Widmanstaetten sideplate in Fig. 10 also ap- 
pears to be the result of sympathetic nucleation. In 
this case, however, the approximate equality of the 
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length of the sideplate and the thickness of the base 
structure suggests that this configuration may be the 
result of a nonrepresentative plane of polish. A sim- 
ilar objection cannot be raised, on the other hand, to 
the structure shown in Fig. 11. Arrows point out 
fringes of tiny crystals, apparently sawteeth, at sim- 
ilarly oriented facets of large base crystals. The 
complete absence of groups of sideplates or sawteeth 
which developed from grain boundary ferrite in any 
specimen reacted at 775°C and the small size of 
these sawteeth relative to that of their base crystals 
makes it highly improbable that the sawteeth grew 
directly from the austenite grain boundary. 

The connection of the large ferrite crystal in the 
center of Fig. 12 with the nearest austenite grain 
boundary is uncertain. The disposition of the side- 
plates surrounding this crystal and the readily visi- 
ble boundaries between the sideplates and this crys- 
tal, however, clearly indicate that the sideplates 
were sympathetically nucleated at the interphase 
boundaries of the crystal. 

Although the general type of configuration illus- 
trated in this section occurred much less frequently 
than those discussed in previous sections, a sufficient 
number of examples indicated that these structures 
are not the result of rare accidents of growth. 

Characteristics of Sympathetic Nucleation—The 
material presented in the previous section was pri- 
marily concerned with establishing the existence of 
sympathetic nucleation. An attempt will now be 
made to extract from this material and from other 
evidence obtained during this investigation the most 
important general characteristics of this reaction. 

In a given specimen, there is a marked difference 
in the rates at which sympathetic nucleation occurs 
at the various ferrite morphologies. Sympathetic 
nucleation takes place most frequently at intragran- 
ular plates, develops occasionally at the oriented- 
lattices boundaries* of morphologies which nucleate 

* The interphase boundary between a precipitate crystal formed 
at a grain boundary and the matrix grain in which it nucleated is 
termed an ortented-lattices boundary; the boundary between this 


erystal and the adjacent matrix grain is termed an unoriented-lat- 
tices boundary 


at austenite grain boundaries, and occurs rarely, if 
ever, at the unoriented-lattices boundaries of the 
latter morphologies. 

The broad faces of intragranular Widmanstaetten 
plates appear to be the most important sites for 
sympathetic nucleation, as indicated by the struc- 
tures shown in Figs. 3 through 8. The groups of side- 
plates shown in Figs. 1 and 2, however, may have 
nucleated at the edges of the plates which served as 
their base crystals. More satisfactory evidence for 
sympathetic nucleation at plate edges is provided by 
the row of tiny intragranular plates indicated by 
the arrow in Fig. 13. Ferrite-ferrite boundaries sep- 
arate the resolvable crystals in this structure. Al- 
though similarly unequivocal examples of the latter 
configuration were found infrequently, an appreci- 
able number of structures of this type has been rec- 
ognized within sheaves. It has not proved prac- 
ticable to characterize the sites at which sympathetic 
nucleation occurs at the less regularly shaped mor- 
phologies which form at austenite grain boundaries. 

Experimental evidence has been obtained for 
three types of disposition of sympathetically nucle- 
ated plates, C, with respect to their base crystals, A, 
when the latter are intragranular plates: 1) edge of 
C at face of A (sideplates at Widmanstaetten stars) ; 
2) face of C at face of A (sheaves); 3) edge of C at 


TRANSACTIONS AIME 


j 
ag 
| 


Fig. 1—Contigurations termed Widman- 
stoetten stars are illustrated in the mi- 
crograph. Two groups of sideplates are 
labeled C and the component plates are 
labeled A. Reacted at 575°C for 13 sec. 
Etched in 2 pct nital. X500. Reduced 
approximately 25 pct for reproduction. 


Fig. 4—Type of intergranular structure 
which often is found at reaction tempera- 
tures of 525°C or below. Reacted at 
500°C for 9 sec. Etched in 2 pct nital. 
X500. Reduced approximately 25 pct for 
reproduction. 


Fig. 7—Similar to Fig. 6. The density of 
isolated intergranular plates in the aus- 
tenite regions between sheaves is quite 


low. Reacted at 500°C for 16 sec 
Etched in 2 pct nital. X1000. Reduced 
approximately 25 pct for reproduction. 
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Fig. 2—Ferrite-ferrite boundaries are re- 
vealed. Reacted at 575°C for 13 sec. 
Oblique illumination 
nital. X1500 
pct for reproduction. 


Fig. 5—Higher magnification of similar 
structures to those shown in Fig. 4. Re- 
acted at 475°C for 7 sec. Etched in 2 
pet nital. X1000. Reduced approximately 
25 pct for reproduction 


Fig. 8—Similar to Figs. 6 and 7. In speci- 
mens reacted at 525° to 475°C the in- 
teriors of austenite grains are almost en 
tirely transformed by the operation of the 
sheaving mechanism. Reacted at 500°C 
for 20 sec. Etched in 2 pct nital. X500. 
Reduced approximately 25 pct for repro 
duction. 


Etched in 2 pct 
Reduced approximately 25 


Fig. 3—Less orderly arrangement of side- 
plates at a Widmanstaetten star. Reacted 
at 550°C for 7 sec. Etched in 2 pct nital 
X1500. Reduced approximately 25 pct 
tor reproduction. 


Fig. 6—Adjacent plates within a sheaf 
are normally in contact with each other 
over most of their lengths. Reacted at 
500°C for 8 sec. Etched in 2 pct nital. 
X1000. Reduced approximately 25 pct 
for reproduction 


Fig. 9-—Widmanstaetten sawtooth, C, ap 
pears to have been sympathetically nucle 
ated at the interphase boundary of the 
grain boundary ferrite crystal, A. Re 
acted at 750°C for | hr. Etched in 2 pct 
nital. X250. Reduced approximately 25 
pet for reproduction 
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Fig. 10—Widmonstaetten sideplates ap- 
pear to be the result of sympathetic nu- 
cleation. Reacted at 750°C for 1 hr. 
Etched in 2 pct nital. X250. Reduced ap- 


proximately 25 pct for reproduction. pet nital. X1000 


edge of A (Fig. 13). The geometry of the Kurdjumow 
and Sachs orientation relationships requires that 
these configurations represent the true dispositions 
of the nuclei of the sympathetically nucleated plates 
with respect to the plates against which they 
formed.’ 

The frequency with which sympathetic nucleation 
occurs at intragranular plates is markedly increased 
and the form which it predominantly takes is 
changed as the isothermal reaction temperature is 
reduced. In the temperature range 700° to 550°C, 
sympathetic nucleation occurs largely in the form 
of edge-to-face nucleation of sideplates at stars and 
at isolated intragranular plates. At temperatures of 
525°C and below, most sympathetic nucleation takes 
the form of face-to-face nucleation of new plates 
during the formation and thickening of sheaves. The 
contribution of edge-to-face sympathetic nucleation 
in this temperature range consists largely in forming 
the first plate of new sheaves (Fig. 8). As the trans- 
formation temperature is decreased below 525°C, 
the number of plates within individual sheaves of a 
given thickness increases, indicating increased rates 
of sympathetic nucleation 


Discussion 


An insight into the mechanism of sympathetic 
nucleation may be obtained by comparing the effects 
of various factors upon the rates of nucleation of 
ferrite at austenite-ferrite and at austenite-austenite 
boundaries. The following general expression for 
the rates of nucleation in solid-solid transforma- 
tions will be employed for this purpose’ 


N ~@ {i ] 


where N is the number of nuclei per sec per unit 
volume of austenite; AF* is the free energy of for- 
mation of a ferrite nucleus of critical size; AF, is the 
free energy of activation for diffusion of carbon in 
austenite; and T is absolute temperature. 

The AF, term can be readily shown to favor the 
nucleation of ferrite at austenite-ferrite boundaries. 
This term is evaluated from the relationship AF, 
SH, — TAS», where AH, and AS, are the enthalpy and 
entropy of activation, respectively, for the diffusion 
of carbon in austenite. AH, is obtained directly from 
the experimental data of Wells, Batz, and Mehl,” 
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Fig. 11—Arrows indicate fringes of tiny 
crystals, apparently sawteeth, at similarly 
oriented facets of large base crystals. Re- 
acted at 775°C for 12 hr 
Reduced approximately pet nital. 
25 pct for reproduction 


Fig. 12—Connection of the large ferrite 
crystal in the center with the nearest aus- 
tenite grain boundary is uncertain. Re- 
acted at 750°C for 15 hr. Etched in 2 
X1000. Reduced approxi- 
mately 25 pct for reproduction. 


Etched in 2 


while AS, is calculated from the equation of Wert 
and Zener” for D,, the frequency factor, in interstitial 
diffusion. It is found that AF, decreases with increas- 
ing carbon content throughout the range of trans- 
formation temperatures studied. 

Equations for AF* will be derived under the as- 
sumptions that the ferrite nucleus is a hemisphere, 
the segment of the boundary at which it forms is 
planar, and both homophase and interphase inter- 
facial free energies are isotropic. The free energy 
change, AF’, resulting from the formation of a hemi- 
spherical embryo of ferrite at an austenite-austenite 
boundary, is accordingly 

where r is the radius of the hemisphere; a,, is the 
specific interfacial free energy of an austenite- 
austenite boundary; a,, is the specific interfacial free 
energy of an austenite-ferrite boundary; AF,” is the 
free energy change per unit volume of austenite 
transformed at an austenite-austenite boundary; and 
E is the volume strain energy of transformation. The 
radius of the critical nucleus, r*, is 


3046 [3] 
AF." +E 


Substituting Eq. 3 into Eq. 2, the free energy of 
formation of a critical nucleus of ferrite at an aus- 
tenite-austenite boundary, AF*”’, is obtained. 


Fig. 13—Evidence tor 
sympathetic nuclea- 
tion at plate edges 

is provided by row of 

tiny intragranular 

plates—indicated by 

arrow. Reacted at 

500°C for 6 sec. 

Etched in 2 pct nital. 

Reduced approxi- 

mately 25 pct for 

reproduction. 
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When nucleation takes place at an austenite-ferrite 
boundary 

AF” = 2ar’a,, + + (AF,"* + E) [5] 
where oa,, is the specific interfacial free energy of a 
ferrite-ferrite boundary. 


[6] 
+E 


The free energy of formation of a critical nucleus 
at an austenite-ferrite boundary is therefore 


+ Fee)" 
[7] 
3(AF,”* + E)’ 

The volume strain energy, E, may be slightly 
smaller at austenite-ferrite than at austenite- 
austenite boundaries, since the supposedly weaker 
ferrite lattice would reduce the strain energy accom- 
panying nucleation at austenite-ferrite boundaries 
The insufficiency of the data on elastic constants, 
however, precludes quantitative estimation of the 
reduction in AF*™ relative to AF*” which might 
thus develop. 

The AF, term, however, clearly favors the nuclea- 
tion of ferrite at austenite-austenite boundaries. It 
will be sufficient for present purposes to assume that 
the activity of iron in austenite is proportional to the 
mol fraction of iren and that the free energy change 
involved in transferring a unit volume of iron from 
austenite to ferrite is approximately equal to the 
free energy change associated with the transforma- 
tion of the same volume of austenite. At austenite- 
austenite boundaries 


aF.” — [8] 
V 


where V is the molar volume of austenite; X is the 
mol fraction of iron in the alloy; and X,, is the mol 
fraction of iron in austenite in equilibrium with 
ferrite at temperature T. At austenite-ferrite 
boundaries” 


aF." [9] 


where AX is the difference between X,, and the mol 
fraction of iron in austenite at an austenite-ferrite 
interface. At 550°C, a temperature at which rates of 
sympathetic nucleation are appreciable, the extra- 
polated y/(a 4 y) equilibrium curve indicates val- 
ues of In X/X,,, ~ 0.21 ina 0.30 pct steel; thus AF,” 

48 cal per cu cm. Presumably AX<<(X—X.,,) 
at temperatures in the proeutectoid ferrite and 
upper bainite regions. Assuming that AX = 0.01 
(equivalent to 0.22 pet C) at 550°C, In 
(X,. + 4X)/X,. 0.01 and AF,” 2.3 cal per cu 
cm. Since AF, is raised to the second power in the 
equations for AF” (Eqs. 4 and 7), while AF” appears 
in the exponential of the nucleation rate equation 
(Eq. 1), this term should result in much higher rates 
of nucleation at austenite-austenite than at austen- 
ite-ferrite boundaries. 

Assuming that the interfacial energies involved 
are isotropic, or orientation-independent, the inter- 
facial energy components of Eqs. 4 and 7 also 
strongly favor nucleation at austenite-austenite 
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boundaries. Since 0.71," 0.74," 
and o 850 ergs per sq cm.” 
1.60x10 “ (cal per sq em)’ 


(AF,” + E)' 


aF* [10] 


5.01x10 (cal per sq cm)’* 
—, [11] 
(AF,”* + 

Ferrite crystals, however, are rationally oriented 
with respect to the austenite grains within which 
they nucleate. Marked variations in the energies of 
oriented-lattices austenite-ferrite boundaries as a 
function of the orientation of these boundaries are 
accordingly to be expected. Since ferrite crystals 
may have 24 different, but rational, orientations 
with respect to a single austenite grain, many (if 
not all) of these crystals will be rationally oriented 
with respect to each other, and the energies of the 
boundaries between them will also be noticeably 
orientation-dependent. The possibility thus arises 
that certain combinations of lattice and boundary 
orientations may change the values of the various 
interfacial energies sufficiently to make the inter- 
facial energy part of Eq. 4 applicable to nucleation 
at both austenite-austenite and austenite-ferrite 
boundaries. This situation will obtain when the fol- 
lowing condition is fulfilled 


[12] 
Substituting the relative interfacial energy values 
previously listed 


2a a Dea: 


0.98 [13] 


Tae 


In microstructures in which almost all of the bound- 
aries are of the high energy type, however, a,,/ax. 
0.71. Eq. 13 therefore indicates that the interfacial 
energy deterrent to sympathetic nucleation will be 
removed when this reaction occurs under crystal- 
lographic conditions which permit segments of aus- 
tenite-ferrite boundaries with average specific in- 
terfacial free energies to be replaced by ferrite-ferrite 
boundaries with energies equal to or less than 0.72 
of the average grain boundary energy in randomly 
polycrystalline ferrite. Following Read,” the maxi- 
mum permissible energy of the  ferrite-ferrite 
boundary formed during sympathetic nucleation is 
0.61 of the maximum grain boundary energy in fer- 
rite. Although the pertinent experimental data are 
not available, this energy limitation does not appear 
to be unreasonably severe, inasmuch as most of the 
boundaries involved are probably of the energy cusp 
type. The maximum energy of these boundaries is 
thus greater than that of several of the energy cusps 
in the plot of relative grain boundary energy vs 
angular disorientation calculated by Read and 
Shockley” for simple cubic crystals. The lattice and 
boundary orientation requirement, however, clearly 
restricts the proportion of the austenite-ferrite in- 
terfacial area which can serve as sites for sympa- 
thetic nucleation 

Although the high ratio of the supersaturation at 
austenite-austenite boundaries, X/X.,, relative to 
that at austenite-ferrite boundaries, (X,, + AX)/ 
X,,, cannot be similarly eliminated, this ratio may 
be reduced at lower reaction temperatures, Consid- 
ering the carbon concentration in austenite at aus- 
tenite-ferrite boundaries in connection with studies 
on the bainite reaction, the authors concluded that 
this value begins to fall appreciably below that 
given by the extrapolated y/(a + y) equilibrium 
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curve at approximately 550°C, closely approaching 
the gross composition of the alloy at very low tem- 
peratures. This deduction was based on two observa- 
tions: 1) in higher carbon steels, bainite has been 
found at temperatures substantially below those at 
which the Brandt” and the Zener” extrapolations of 
the y/(a@ + y) curve attain the composition of 
cementite;" “ and 2) the amount of austenite which 
is retained after partial transformation to bainite 
becomes smaller at lower reaction temperatures.” 
On the basis of this modified extrapolation, the 
supersaturation at austenite-ferrite boundaries ap- 
proaches that at austenite-austenite boundaries as 
the temperature of transformation is reduced 
Although the supersaturation factor will tend to 
insure that rates of nucleation of ferrite per unit of 
interfacial area will be higher at austenite-austenite 
than at austenite-ferrite boundaries, it is sufficient to 
indicate a basis upon which the two nucleation rates 
may become roughly comparable. The much larger 
total area of austenite-ferrite boundaries in speci- 
mens of coarse grained steels which are reacted at 
low temperatures may then be the factor that per- 
mits sympathetic nucleation to contribute an appre- 
ciable proportion of the total number of ferrite crys- 
tals formed 
The foregoing mechanism of sympathetic nuclea- 
tion accounts for the effectively complete absence 
of this reaction at unoriented-lattices boundaries and 
for the substantial increase in the frequency of sym- 
pathetic nucleation which is observed in the tem- 
perature range 550° to 525°C. Some of the effects 
which have been found, however, may be partly for- 
tuitous. The infrequent occurrence of sympathetic 
nucleation even at the oriented-lattices boundaries 
of grain boundary ferrite, for example, may be ex- 
plained by the observation that most of the inter- 
facial area of this morphology is exposed to the sur- 
rounding austenite for appreciable intervals of re- 
action time only at high temperatures, when sym- 
pathetic nucleation does not often occur. At lower 
temperatures, grain boundary ferrite is quickly 
covered with densely packed groups of sideplates, 
most of which develop through the action of another 
mechanism. Similarly, the small area of the edges 
of plates relative to that of their faces will minimize 
the total number of crystals formed by edge-to-edge 
sympathetic nucleation on a probability basis alone 
Another structural factor, however, may con- 
tribute to the observed effects of the morphology of 
base crystals upon the frequency with which sym- 
pathetic nucleation occurs at the boundaries of these 
crystals. Mehl and Dube’ have pointed out that the 
movement of austenite-ferrite boundaries will tend 
to destroy embryos of cementite forming at these 
boundaries. The reduction in the rates of nucleation 
of pearlite with decreasing carbon content at a given 
reaction temperature was thus ascribed to the con- 
comitant increase in the rates of growth of ferrite 
The low rates of growth of the faces of plates rela- 
tive to those of their edges, for example, would sim- 
ilarly be expected to favor the successful formation 
of ferrite nuclei at plate faces. (Local irregularities 
in the low energy faces of the plates, found during 
electromicroscopic studies on this steel,” will pro- 
vide the necessary high energy nucleation sites.) 
Face-to-face sympathetic nucleation, resulting in 
the formation of sheaves, occurs much more fre- 
quently than edge-to-face nucleation at low reac- 
tion temperatures. An explanation for this well con- 
firmed effect has not yet been found. 
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Brief mention must be made of the obvious mor- 
phological similarity between the sympathetic nu- 
cleation of precipitate crystals and the stimulated 


nucleation of recrystallized grains reported by 
Sandee” and Burgers” in deformed and annealed alu- 
minum plates. The composition difference across the 
nucleus-matrix boundary which figures so impor- 
tantly in sympathetic nucleation, however, is not 
present in stimulated nucleation. Further, Orowan” 
has suggested that the similarity in the nucleation 
processes involved in phase transformations and in 
recrystallization may be largely formal in nature. 
Consideration of the two types of reaction from sim- 
ilar viewpoints accordingly does not now appear to 
be profitable. 

Sympathetic Nucleation in Other Alloys—Klier 
and Lyman,” Jolivet,” and Scott, Forward and Arm- 
strong” have found examples of branching among 
Widmanstaetten plates formed in the bainite re- 
gions of a number of plain carbon and alloy steels. 
These structures appear to have resulted from the 
occurrence of sympathetic nucleation in the mode 
illustrated in Figs. 1 through 3. Mehl and Marzke” 
noted the development of similar groupings during 
the precipitation of y crystals from a 8 matrix in a 
47.8 pct Cu-Zn alloy. The sheaf configuration, shown 
in Figs. 3 through 6, was discovered by Mehl, Bar- 
rett, and Smith" during their studies on the pro- 
eutectoid cementite reaction. These examples sug- 
gest that sympathetic nucleation is not peculiar to 
the alloy used in this investigation but may rather 
frequently accompany phase transformations which 
proceed by nucleation and growth. 


Conclusions 


A metallographic investigation of the proeutec- 
toid ferrite reaction in an 0.29 pet C, 0.76 pet Mn 
steel has revealed configurations of ferrite crystals 
which appear to have resulted from the sympathetic 
nucleation of new ferrite crystals at the interphase 
boundaries of those previously formed. Rates of 
sympathetic nucleation increase as the temperature 
of transformation is decreased. This type of nuclea- 
tion occurs most frequently at intragranular plates, 
occasionally at the oriented-lattices boundaries of 
crystals which nucleated at austenite grain bound- 
aries, and rarely, if ever, at the unoriented-lattices 
boundaries of the latter morphologies. When sym- 
pathetic nucleation takes place at intragranular 
plates, the new crystal is normally a plate oriented 
parallel to a different octahedral austenite plane 
than that employed by its base plate at temperatures 
of 550°C and above, and a plate parallel to and 
extensively in contact with its base plate at lower 
temperatures. 

Two factors militate against the occurrence of 
sympathetic nucleation at rates comparable to those 
developed at austenite grain boundaries. These 
factors are the higher specific interfacial free energy 
of the nucleus-nucleation site interface which often 
obtains at austenite-ferrite boundaries, and the 
lower supersaturation of the austenite at these 
boundaries. Only the free energy of activation for 
the diffusion of carbon in austenite, which decreases 
with increasing carbon content at a given tempera- 
ture, is consistently favorable to sympathetic nuclea- 
tion. The supersaturation at austenite-ferrite bound- 
may relative to that at austenite 


aries increase 


grain boundaries, however, as the isothermal reac- 
tion temperature is decreased. The energy of the 
nucleus-nucleation site interface at austenite-ferrite 
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boundaries may be reduced below the critical value 
which makes it an important obstacle to nucleation 
if the lattice orientation relationship between the 
nucleus and its base crystal and the boundary 
orientation of the nucleation site are such that a low 
energy ferrite-ferrite boundary can replace a high 
energy austenite-ferrite boundary. The large total 
area of the austenite-ferrite boundaries relative to 
that of the austenite grain boundaries in coarse 
grained specimens which have been reacted at low 
temperatures will then permit a significant number 
of ferrite crystals to form by sympathetic nucleation. 
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Creep of Polycrystalline Nickel 


Minimum creep rates of nickel samples were measured in the stress oe of 


2.5x10' to 2.8x10" dyne per sq cm and the temperature region of 400° to 1100 


. The 


creep rate seems to be proportional to (stress)'" at stresses below 7x10" dyne per sq 


N a recent theory’ of steady-state creep which is 
based on Mott’s dislocation climb mechanism, the 
following creep equation was derived for creep in 
polycrystalline metals 


K v M** LL’ sinh 
ao 
\a | 
e [ 1 ] 
J. WEERTMAN, Senior Member AIME, and P. SHAHINIAN are 
associated with High Temperature Alloys Branch, Metallurgy Div., 


Naval Research Laboratory, Washington, D. C 
TP 4307E. Manuscript, Aug. 23, 1955. Cleveland Meeting, Octo- 
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cm. The activation energy of creep is approximately 65,000 cal per mol. 


by J. Weertman and P. Shahinian 


where K is creep rate, Q the activation energy of 
self-diffusion, S the entropy of activation of self- 
diffusion, L’ the grain size, L the subgrain size, b the 
length of the Burgers’ vector of a dislocation, yw the 
shear modulus, o the stress, o the critical shear 
stress, M the density of active Frank-Read sources, 
v the vibrational frequency of a vacancy, and kT has 
its usual meaning. This equation predicts a creep 
rate which depends on the stress through a power 
law at low stresses. At high stresses the creep rate 
increases much more rapidly with stress. The theory 
breaks down for stresses great enough that the in- 


equality 
oO 
( ) >» M'*y*b/12 
ao 


It was the purpose of the present in- 


holds true 
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Fig. |—Logorithm of product of creep rate, absolute tem- 
perature, and exp(Q/kT) vs logarithm of initial applied stress 
for polycrystalline nickel. The NBS dota is from ref. 3. 


vestigation to see how well the creep of nickel fol- 
lows Eq. 1 


Material and Experimental Details 

The material used was 99.75 pct pure Ni (princi- 
pal impurity was cobalt, with traces of iron, 
manganese, magnesium, and aluminum). Specimens 
were machined from as-received bars. The diameter 
of the specimens was 0.250 in. with a gage length of 
1.0 in. After machining, the specimens were an- 
nealed in two batches (labeled A and B in Table I). 
Both batches were annealed at 1150°C for 1 hr 
under helium. This annealing treatment gave an 
average grain diameter of 0.033 cm. The specimens 
were tested in constant-load creep units which have 
been described elsewhere.’ The stress range covered 
was from 350 to 30,000 psi; the temperature range 
was from 400° to 1100°C. All tests run at 800°C 
and lower were in air. Those run at 900°C and 
higher were either in air or in helium. Helium was 
used to avoid the heavy oxide layer which forms on 
testing in air at temperatures over 900°C. This oxide 
layer reduced the creep rate at 1100°C, but did not 
seem to affect the creep rate of the shorter time tests 
at 900°C. In the graphs in this paper the points 
representing the tests in air at 1100°C have been 
omitted because of this effect. The creep rates for 
these tests, however, have been listed in Table I. 

Another complicating factor, besides formation of 
oxide layers, was the occurrence of grain refinement 
in a few of the tests. Tests run at 1100°C and at 
stresses of 2000 psi (1.4x10° dyne per sq cm) or 
higher showed grain refinement, the number of 
grains per unit volume approximately doubling 
Tests below 2000 psi at 1100°C and tests at lower 
temperatures at all stresses showed no grain re- 
finement. 
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Results 

The observed minimum creep rates of all speci- 
mens have been listed in Table I along with the test 
temperatures and initial stresses. Rupture times 
have also been listed. Those listed for the helium 
tests are the times required to obtain necking. The 
experimental setup did not allow a great enough 
extension to get rupture. The strain at which the 
minimum creep rate occurred is also listed. 

In Figs. 1 and 2 is plotted the logarithm of the 
product of the creep rate, the absolute temperature, 
and exp Q/kT against the logarithm of the initial 
stress. Fig. 2 is an enlargement of the low stress 
portion of Fig. 1. Also included in Fig. 1 are data 
of Jenkins, Digges, and Johnson’ on creep of nickel 
of purity comparable to that used in the present 
work. The data at low stresses seem to follow a 
power law stress dependence. The exponent on the 
stress is about equal to 4.6. This value is almost the 
same as that found by Servi and Grant‘ in polycrys- 
talline aluminum.’ The power law breaks down at a 
stress of about 7x10° dyne per sq cm. This stress 
can be predicted from Eq. 1 using reasonable val- 
ues of M, «, », and T. In aluminum’ * the power law 
breaks down for a stress of 2x10° dyne per sq cm 
Since by theory the stress above which the power 
law is no longer valid is proportional to the shear 
modulus to the one half power, it is reasonable to 
find this difference between nickel and aluminum. 

The solid and dashed lines in Fig. 1 are theoretical 
values of the creep rate calculated from Eq. 1. The 
following values were used for the various quanti- 
ties in Eq. 1: b 2.5x10° cm, v 10” sec", L’ 
0.033 em, L = (0.02 cm) (a/a)*”* (This is the approx!- 
mate experimental dependence of subgrain size with 
stress found in aluminum;’ it was assumed that the 
same result applies to nickel.), ao = 3x10° dyne per sq 
cm, » = 7.5x10" dyne per sq cm (It was assumed that 
the shear modulus of nickel is three times that of 
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Fig. 2—Logarithm of product of creep rate, absolute tem- 
perature, and exp(Q/kT) vs logarithm of the initial applied 
stress for polycrystalline nickel. 
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Table |. Creep Data of Polycrystalline Nickel 


Stress, Dyne 
per Cm 


Minimam Creep 
Rate, 


Temperature, 
°C 


35x10 0.15 
28x10" 0.043 
9x10 0.0068 
70x10" Broke on loading 
14x10" 0.00058 
70x10" 0.015 
49x10" 0.0012 
105x10 0.223 
56x10" Broke on loading 
28x10" 4.6x10 
21x10" 1.3x10 
10.5x10° 8.9x10 


0.0001 

Broke on loading 
1.4x10-¢ 

140x10" 0.0068 

210x10" Broke on loading 
175x10" 0.062 

63x10" 4.9x10¢ 


84x10" 
210x108" 
21x10 


Strain Region 
in Which 
Minimem 

Creep Rate 
Occurred 


Rupture 


Time, Hr Atmosphere 


0.017 0.10to 0.18 
0.055 0.08 to 0.16 
0.33 0.08 to 0.11 


52 0.04 to 0.12 
0.11 0.11 to 0.18 
0.83 0.09 to 0.11 
0.02 0.18 to 0.24 


23.6 0.08 to 0.10 
244 0.06 to 0.08 
Not tested to 0.06 to 0.07 
rupture 
62 0.08 to 0.12 


766.9 0,08 to 0.11 
0.18 0.12 to 0.16 


0.04 0.20 to 0.26 
323 0.10 to 0.15 


Batch B 


28x10 0.41 
14x10" 0.00205 
0.014 
0.00029 
3.5x10° 68x10 
10.5x10 0.00065 
5.3x10° 2.14x10 
2ixilo 0.0079 
247x10" 6.5x10 


49x10 0017 
35x10" Broke on loading 
42x10 0.0053 
14x10 8x10 
21x10 0.00012 
21x10 0.00022 
15x10 0.0027 
17.5x10 9.3x10 
21x10 2.3x10° 
210x10 Broke on loading 
140x10 2.5x10° 


Broke on loading 
4.3%10 

6.4x10 4 

Broke on loading 


280x10 
210x10 
175x10 
245x190" 


Helium 
Helium 
Helium 
Helium 
Helium 
Helium 
Helium 
Helium 
Helium 


0.08 to 0.12 
0.05 to 0.08 
0.07 to 0.12 
0.06 to 0.14 
0.02 to 0.065 
0.03 to 0.07 
0.05 to 0.06 
0.07 to 0.12 
Not tested to 0 to 0.05 
rupture 


0.009 


0.10 0.16 Alr 
Alr 
0.12 to 0.16 Alr 
0.04 to 0.065 Air 
0.05 to 0.10 Alr 
0.07 to 0.11 Helium 
0.09 to 0.15 Helium 
0.03 to 0.086 Helium 
160.9 0.04 to 0.055 Air 
Air 
Not tested to 0.11 to 0.12 Alr 
rupture 
Air 
22.5 02110026 Air 
130.1 0.18 to 0.22 Air 
Air 


aluminum; this is true’ for their Young’s moduli.), M 

10° per cucm (This would be a reasonable estimate 
of the number of Frank-Read sources if dislocations 
form a three-dimensional network and if a recent 
estimate’ of dislocation densities in well annealed 
metals of about 10° per sq cm is correct.), and S/k 
3.6 (estimate using Zener’s analysis® of entropies 
of activation of self-diffusion and assuming that his 
constant £ is equal to 0.35). The stress on a slip 
plane is taken to be one half the applied stress. 
Since the theory from which Eq. 1 is derived is 
rather crude and since only rough estimates can be 
made of many of the quantities entering into Eq. 1, 
it can only be hoped that theory and experiment 
will agree within a few orders of magnitude. This 
does seem to be the case. 

The activation energy of creep that was found is 
equal to 65,000 cal per mol. This value agrees with 
values found by other investigators (see ref. 9, in 
which unpublished work of Hazlett, Parker, and 
Nathans and of Battelle Mernorial Institute is 
quoted). No published data on the activation energy 
of self-diffusion in nickel seem to exist. Seeger” has 
quoted a value of 69,000 cal per mol (unpublished 
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data of W. J. Moore).* This value of the activation 


*H. Burgess and R. Smoluchowski™ have obtained an activation 
energy for self-diffusion lying in the range 61,000 to 65,000 cal per 
mol. R. E. Hoffman, F. W. Pikus, and KR. A. Ward find a self 
diffusion activation energy of 66,800 cal per mol 


energy is close to that found in creep. The scatter in 
the creep data of the present work is great enough 
so that it is not possible to attach any significance to 
the difference between the activation energies of 
creep and self-diffusion. 

Fig. 3 is a semilog plot of the data. Other the- 
ories” * of steady-state creep would predict that the 
experimental points should lie on a straight line in 
such a plot if the slope on a log-log plot of the data 
is always greater than one, which is true in the 
present case. It can be seen that the data do not fall 
on a straight line. 


Conclusions 
Below a stress of 7x10° dyne per sq cm the mini- 
mum creep rate of nickel seems to be proportional 
to (stress)** exp (—Q/kT) where Q 65,000 cal 
per mol. This stress dependence is almost the same 
as that found in aluminum at low stresses. Above 
this stress there is a rapid rise in the creep rate as 
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Batch A 
1100° 
1100° 
1100° Alt 
1100° Alt 
1100° Alt 
800° Alt 
800° Al 
800° Air 
800 Air 
800° Als 
#800" Alt 
800° Alt 
Air 
Alr 
600° 
600° Alt 
600° Alt 
690" 
600° Alt 
Alt 
Air 
1100° 
1100° 
1100° 
1100° 
1100° 
1100 
1100° 
1100° 
1060" 
900° 
900° 
900° 
900° 
900° 
900° 
900° 
900° 
800 
500° 
400° 
400° 
400° | 
400° 
400° 


a function of stress. The value of the activation en- 
ergy of creep lies close to a reported value of the 
activation energy of self-diffusion. These results are 
in qualitative agreement with a theory of steady- 
state creep which is based on Mott's dislocation 
climb mechanism, 
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N a previous paper’ isothermal softening and X- 
ray line sharpening data were reported for the 
annealing at 350°C of single crystals of pure alumi- 


num rolled on the (110) plane in the [112] di- 
rection. It was shown that, after rolling to 80 pct 
reduction in area and careful etching in such a 
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Temperature Dependence of Recovery Phenomena 
in a Cold-Rolled Aluminum Single Crystal 


by A. H. Lutts and Paul A. Beck 


manner as to eliminate extraneous orientations by 
removing surface material and disturbed areas adja- 
cent to saw cuts, the specimens may be extensively 
annealed at 350°C without any observable recrys- 
tallization. At the same temperature, the line broad- 
ening caused by cold rolling was found to disappear 
practically completely after less than 200 sec of 
annealing. 

The present work was undertaken in order to 
study the temperature dependence of line sharpen- 
ing and of the initial softening with high purity 
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aluminum* specimens similar to those used in the 

* Impurities in weight percentages: Si, 0.0009; Fe, 0.0014; Cu, 
0.0018; Mg, 0.0004; Ca, 0.0002; and Na. 0.0005 
previously reported work.’ Isothermal line sharpen- 
ing data were obtained for annealing temperatures 
of 100°, 150°, 250°, 300°, and 350°C. Isothermal 
softening curves were determined for the following 
annealing temperatures: 100°, 150°, 250°, 300°, and 
350°C. All annealing above 150°C was done in a 
salt-pot furnace, controlled by a thermocouple and 
potentiometer. Annealing at 150°C was done in 
boiling methyl-n-amy] ketone and at 100°C in boil- 
ing water, a reflux condenser being used in both 
cases. For each annealing period at each tempera- 
ture a separate specimen has been used which, in 
most cases, served for both X-ray diffraction and 
hardness measurements. All specimens used for the 
above annealing treatments were cut from the same 
80 pct rolled single crystal. In the previous work it 
was noted that measurable line sharpening has 
taken place when the cold-rolled specimen was held 
at room temperature over a period of several 
months. In the present work, the rolling was carried 
out by holding the specimens in ice-water between 
individual passes through the rolls and all speci- 
mens, both before and after annealing, were stored 
at —5°C, except for the brief periods at room tem- 
perature necessary for the specimen preparation, 
annealing, and measurements. 

All the techniques of growing oriented single 
crystals, of preparing the specimens, and of carrying 
out the line-broadening measurements with unfil- 
tered CuKa radiation were the same as described in 
the previous publication.’ By using a receiving slit 
in front of the Geiger-Mueller counter of a width of 
only 0.02", and by exercising great care in aligning 
the specimens, the instrumental broadening has been 
decreased to such an extent that for soft-annealed 
aluminum the measured breadth of the Ka, (220) 
line at half the maximum intensity was only about 4’. 

Preliminary quantitative texture determinations 
for the rolled crystal confirmed the previous obser- 
vations made by other investigators’* with copper 
single crystals by means of the photographic method, 


that the (110)[112] orientation is retained even 
‘ 350° 
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Fig. 1—Initial softening, Dph No., of cold-rolled pure alumi 
num single crystal at 100° to 350°C, as a function of an- 
nealing time adjusted to 350°C for all annealing tempera- 


tures 
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Fig. 2—Decrease of X-ray line broadening index, 8, at 100° 
to 350°C, as a function of annealing time (logarithmic scale) 


after heavy rolling, and that the spread around this 
orientation is quite narrow. The intensity drops to 
half the maximum value at a disorientation of ap- 
proximately 3°, and disorientations larger than 
about 8° to 14° occur so scarcely that they do not 
contribute measurable X-ray intensities above the 
background level, with the Geiger-Mueller counter 
XRD-3 diffractometer used. 


Results 

Fig. 1 shows the microhardness data (average of 
five readings with the Tukon microhardness tester 
using a Vickers diamond pyramid indentor and 200 
g load) for a series of specimens, all cut from the 
same rolled crystal, and annealed for various periods 
of time at the temperatures indicated. It was at- 
tempted to represent the initial hardness data by 
a single activation energy. As shown in Fig. 1, all 
initial softening data may be represented reasonably 
well by a single curve, if the annealing periods are 
adjusted by means of an activation energy of Q 
22.8 kcal per g atom. (In Fig. 1 all annealing periods 
have been adjusted to equivalent periods at a tem- 
perature of 350°C.) 

The X-ray line broadening data obtained for the 
(220) reflection (reflecting plane parallel to speci- 
men surface) are represented by a single line-broad- 
ening index B for each condition, corresponding to the 
ratio of the intensity minimum between the Ka, and 
a, lines to the intensity maximum at the Ka, peak, 
corrected for background, as suggested by Van Arkel 
and Burgers‘ and also used in the previous publica- 
tion.’ Fig. 2 shows the values of B as a function of 
the logarithm of the annealing time at the indicated 
annealing temperatures. Using a linear time plot, 
the kinetics of line sharpening at all temperatures is 
characterized by a high initial rate, followed by a 
decreasing rate and an asymptotic approach to the 
final value, as shown for 100° and 150°C in Fig. 3. 
It was attempted to reduce all line-sharpening 
curves to one curve by means of a single activation 
energy. Although this is, strictly speaking, not pos- 
sible, with an activation energy of Q 21 keal per 
g atom a fairly reasonable superposition of the ma- 
jor portions of all curves has been achieved, as 
shown in Fig. 4. In this graph, all annealing periods 
have been adjusted to 100°C. The deviations are 
greatest at the short-time points of the 150°C data 
and the long-time points at the higher annealing 
temperatures. 
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It may be noted that in the present work the line 
broadening measured in the as rolled condition was 
considerably higher than that reported in the previ- 
ous publication.’ This increase from B = 27.5 to B 
48.9 may be ascribed to the lower rolling tempera- 
ture of 0°C used in the present work, as against 
room temperature used previously. In the course 
of the present work, periodic rechecks were made 
with the same specimen for which the line broaden- 
ing was originally measured in the as rolled condi- 
tion within 4 hr after rolling. These checks showed 
that in the course of storage for 80 days at —5°C no 
measurable change took place in the line broaden- 
ing, within the accuracy of the experimental method. 
Since all line-broadening measurements were car- 
ried out within a period of 80 days, it was con- 
cluded that the present results were not subject to 
the uncontrolled variations that were previously 
observed upon storage at room temperature 


Discussion 

The present results indicate that the principal 
features of the early stages of the annealing phe- 
nomena observed previously at 350°C hold also for 
a wide range of other annealing temperatures. The 
kinetics of line sharpening remains essentially un- 
changed between 100° and 350°C. This kinetics is 
characterized by an initially very rapid and then 
gradually decreasing rate of line sharpening. It may 
be significant that the activation energy, which may 
be roughly used to characterize the process of line 
sharpening (Q 21 keal per g atom), is not much 
different from that derived from the initial softening 
(Q ~ 22.8 keal per g atom). It is possible that the 
rate of line sharpening and the rate of initial soften- 
ing are determined by related elementary processes 
In this connection, it is interesting to note that the 
kinetics of the initial softening (Fig. 1) is also, at 
least qualitatively, similar to that of line sharpening 
(Fig. 3), characterized by an initially high, but pro- 
gressively decreasing, rate for both processes. 

One of the most interesting questions posed by the 
present investigation concerns the nature of the 
work hardening remaining in the cold-rolled single 
crystal after sufficient annealing to remove all line 
broadening. The fact that one half or more of the 
work hardening is retained in these specimens even 
after the line broadening is annealed out suggests 
that a substantial part of work hardening is not re- 
lated to lattice strains or to defects giving rise to 
particle-size effects detectable by X-ray line broad- 
ening. The elucidation of the nature of this portion 
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Fig. 3—Decrease of X-ray line broadening index, 8, at 100° 
and 150°C, as a function of annealing time (linear scale) 
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Fig. 4—Decrease of X-ray line broadening index, B, at 100° 
to 350°C, as a function of annealing time adjusted to 100°C 
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of work hardening will undoubtedly result in a 
better understanding of the nature of the processes 
of softening prior to recrystallization. 


Conclusions 
1) The kinetics of isothermal X-ray line sharpen- 
ing in heavily cold-rolled pure aluminum single 
crystal appears to be relatively unchanged in the 
temperature range of annealing between 100° and 
350°C. Typical of this kinetics is the initially high 
and gradually decreasing rate with continued an- 
nealing. The line-sharpening curves for the various 
annealing temperatures at least roughly conform to 
a single activation energy of 22.8 kcal per g atom. 
2) The kinetics of the early stages of isothermal 
softening of highly rolled pure aluminum crystals 
is also characterized by an initially higher and then 
gradually decreasing rate. The initial phases of 
softening at various temperatures fairly well con- 
form to a single activation energy of 21 kcal per 
g atom 
3) The similarity in the kinetics and in the acti- 
vation energy of the initial stages of softening and 
of X-ray line sharpening suggests the possibility 
that the rate of these two processes is determined by 
related elementary processes. However, in the whole 
annealing temperature range of 100° to 350°C in- 
vestigated, line sharpening goes to practical comple- 
tion while much work hardening is retained. This 
confirms the conclusion that the imperfections giv- 
ing rise to line broadening may not account for more 
than a part of the observed total work hardening. 
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Delayed Yielding in a Substitutional 
Solid Solution Alloy 


An investigation was made of the effects of stress and temperature on delayed yielding aris- 
ing from substitutional atom locking of dislocations in a face-centered-cubic alloy. Strain aged 


specimens of an aluminum alloy containing 2 pct Mg, which showed a pronounced yield point 
at 78°K, were tested in creep at 78°K and 114°K at a series of constant stresses below the ten- 
sile upper yield stress. The reciprocal of the delay time for the formation of the first Lueder’s 
band and the rate of propagation of the band front were found to be identical functions of stress 
and temperature. The delay time for yielding was found to depend upon the product of separate 
stress and temperature functions, in disagreement with the theoretical models of Cottrell and Bilby 


OW and Gensamer’ demonstrated a number of 
years ago that the yield point phenomenon in 
mild steels was associated with the presence of fer- 
rite soluble carbon or nitrogen. More recently the 
yield phenomenon in body-centered-cubic metals 
containing interstitials was rationalized by Cottrell’ 
in terms of a simple dislocation model. Interstitial 
atoms interact with dislocations in two ways; they 
cause not only local expansions but induce local 
tetragonality in the lattice. Consequently, inter- 
stitials interact with the hydrostatic tension and 
shear components of the stress about dislocations. 
They tend to migrate toward the expanded regions 
of edge dislocations and to assume sites that relieve 
the shear stresses of screw dislocations. Thus, a dis- 
location saturated with solute atoms constitutes a 
lower free energy state than that obtained when 
the dislocation threads through the average com- 
position regions of the matrix. A greater stress will 
be required to separate the dislocation from its at- 
mosphere than to move the dislocation through the 
matrix. This factor gives rise to the upper yield 
stress, which is required to unleash a series of dis- 
locations in a localized region. 

This local yielding is propagated across the speci- 
men to form a thin band of plastically deformed 
material known as a Lueder’s band, making an 
angle of about 45° to the stress axis. Once the band 
has formed, deformation continues at the lower 
yield stress by the spreading of the Lueder’s band 
in the direction of the applied stress. Undoubtedly 
the spreading of Lueder’s bands at the lower yield 
stress is accomplished by the high stress concentra- 
tions at the band fronts, which serve to induce con- 
tinued unlocking of new dislocations in advance of 
the migrating band fronts. 

Cottrell and Bilby® have shown that the depend- 
ence of the yield point on temperature can be de- 
duced by assuming that thermal fluctuations aid the 
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and Fisher for the case of interstitially locked dislocations. 


by L. A. Shepard and J. E. Dorn 


stress in unlocking small dislocation loops from their 
solute atmospheres. Once a loop that exceeds a 
critical size has been nucleated, the entire locked 
dislocation is released and can migrate. Fisher’ 
simplified this analysis by assuming that the locking 
forces were short range, so that if the dislocation 
loop were displaced only one Burgers vector from its 
atmosphere, it would be unlocked. Applying his 
model to the special case of delayed yielding under a 
constant stress of the order of the upper yield 
strength, he demonstrated that the delay time r for 
yielding should depend on stress and temperature 
according to 
pout 


T Ae’ 


where A and B are constants, G is the shear modu- 
lus, and o and T are the resolved shear stress and 
absolute temperature, respectively. Cottrell and 
Bilby, Fisher, and Fisher and Rogers** have shown 
that the above deductions are at least in qualitative 
harmony with the experimental facts. 

A number of investigators*” have shown that the 
yield point phenomenon can also be induced in sub- 
stitutional alloys of face-centered-cubic metals. In 
general such yield points are not as pronounced as 
those encountered in body-centered-cubic metals 
containing interstitials. The yield point phenomenon 
in these materials is usually enhanced by prestrain- 
ing at low temperatures and aging at intermediate 
temperatures. Undoubtedly the yield point phe- 
nomenon induced by strain aging substitutional 
alloys also results from locking of dislocations. But 
the locking of dislocations in substitutional alloys of 
face-centered-cubic metals differs somewhat from 
interstitial locking of dislocations in body-centered- 
cubic metals. Substitutional elements in face- 
centered-cubic lattices cause only radial displace- 
ments of the adjacent lattice points. Consequently, 
only the edge components of dislocations can be 
locked by the mechanism suggested by Cottrell. Ad- 
ditional locking, however, can be obtained by the 
Suzuki mechanism.” 

In face-centered-cubic metals, dislocations ex- 
hibit lower energies when they are present in the 
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at 78°K in a stroin- 
aged Al-1.89 pct Mg 
alloy. Prestrained to 
25,000 psi at 78°, 
then aged for 15 min 
at 273°K. 
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form of pairs of partial dislocations separated by an 
intervening stacking fault. In the region of the 
stacking fault the structure is that for the close- 
packed-hexagonal lattice. The width of the stack- 
ing fault is determined by the condition of minimum 
free energy. Equilibrium separation of the partials 
is obtained when the decrease in mutual interaction 
strain energy is equal to the increase in stacking 
fault energy. Furthermore, Suzuki has shown that 
the free energy of the faulted region depends on its 
composition. Consequently, strain aging a substi- 
tutional face-centered-cubic alloy can result in a 
further decrease in free energy arising from diffu- 
sion of solute atoms to (or from) the stacking fault. 
Two major factors therefore will contribute to the 
locking energy; Cottrell locking of the edge com- 
ponents of the partials, and Suzuki locking of the 
dislocations in the region of the stacking fault. 

The difference in dislocation locking for the two 
cases considered should be reflected in appropriate 
differences in the expressions for the activation en- 
ergies and for unlocking dislocations in the presence 
of interstitial and substitutional solutes, respec- 
tively. Up to the present, however, no complete an- 
alysis has been given for the activation energy for 
releasing Suzuki locked dislocations. The present 
investigation was therefore initiated to determine 
experimentally the effect of substitutional locking of 
dislocations in a face-centered-cubic metal, and to 
evaluate the similarities and differences for this 
case and the more thoroughly investigated case of 
interstitially locked dislocations in body-centered- 
cubic metals. 

The chemical analysis in wt pet of the high purity 
aluminum alloy containing 1.89 pet Mg used in this 
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Fig. 2—Delayed yielding creep curve at 78°K. Al-1.89 pct 
Mg alloy, prestrained to 25,000 psi at 78°, aged for 15 min 
ot 273°, then creep tested at 78°K. Stress equals 25,300 


psi 
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investigation is as follows: 1.89 pct Mg, 0.001 pct Cu, 
0.002 pct Fe, 0.001 pet Si, 0.001 pct Mn, and balance 
Al. This alloy was prepared in the form of an- 
nealed sheet 0.100 in. thick by courtesy of the 
Aluminum Co. of America Research Laboratories. 

Tensile specimens were removed by careful 
machining and were annealed in a salt bath to re- 
move the effects of machining and provide a uni- 
form controlled grain size. All of the tests reported 
here were conducted on specimens annealed for 15 
min at 350°C, giving an equiaxed mean grain 
diameter of about 0.07 mm. 

All specimens were prestrained in tension to a 
true stress of 25,000+10 psi at 78°K, employing a 
strain rate of 0.067 per min; the specimens were 
then aged for 15 min at 0°C to produce a uniformly 
constant upper yield stress at each low test temper- 
ature, 

After aging, the specimens were placed in a creep 
testing machine adapted with isothermal baths for 
testing at 78°K or 114°K. Once the specimens ac- 
quired the bath temperature, a constant stress (ac- 
curate to +5 psi) was applied and the strain-time 
curve, referred to in succeeding paragraphs as the 
delayed yielding curve, was determined with the 
aid of a rack and pinion type of extensometer sensi- 
tive to strains of +10”. 


Experimental Results 


A yield point could not be developed in high 
purity aluminum by strain-aging techniques. A 
typical yield point obtained in the strain-aged 1.89 
pet Mg alloy of aluminum is shown in Fig. 1. The 
general characteristics of this yield point are some- 
what analogous to those observed by interstitial 
locking of dislocations in body-centered-cubic lat- 
tices. Strain-aging not only caused the develop- 
ment of a yield point, but the aging also induced a 
small amount of recovery, as noted in the reported 
data. All delayed yielding tests were conducted at 
stresses below the upper yield strength 

A typical delayed yielding curve is shown in Fig. 
2. Each delayed yielding curve exhibits three inter- 
esting stages of the process. 

Prenucleation Stage—Inasmuch as the applied 
stresses were selected to be below the upper yield 
strength, the strains obtained immediately following 
loading were essentially elastic. Only the subsequent 
plastic strains are recorded in the delayed yielding 
curves. Immediately following loading, the speci- 
men undertakes a strain-time deformation that is 
completely analogous to primary and secondary 
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Fig. 3—Logarithmic creep following delayed yielding at 78° 
and 114°K. Al-1.89 pct Mg alloy, prestrained to 25,000 psi 
at 78°, aged for 15 min at 273°, then creep tested ot 78° 
or 114°K. 
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stages of ordinary creep. The prenucleation range is 
terminated when the strain rate increases abruptly. 
As will be described more fully later, the time 
elapsed to the instant of abrupt increase in the 
strain rate is the delay time for the nucleation of 
the first Lueder’s band. 

Nucleation and Spreading of Lueder’s Bands— 
Immediately following nucleation of the first 
Lueder’s band a small constant rate is obtained, 
characteristic of the velocity of spreading of a 
Lueder’s band over the specimen as dictated by the 
material and the stress and temperature of test. The 
constant strain rate that is obtained during the 
spreading of the first Lueder’s band is readily ration- 
alized in terms of the constant velocity of the band 
front. Since no strain aging takes place at the low 
test temperatures that were employed here, the 
physical situation is always the same at the spread- 
ing band front. Consequently, the Lueder’s band 
spread with a constant velocity over the specimen, 
thereby contributing a constant strain rate. 

After a brief interval, a second abrupt increase in 
strain rate is observed. Frequently the resulting 
Strain rate at this stage was observed to be twice 
the strain rate that results following nucleation of 
the first Lueder’s band. Obviously this corresponds 
to the nucleation of a second Lueder’s band. As 
additional bands nucleate, the strain rate continues 
to increase in abrupt steps until a maximum strain 
rate is reached. Thereafter the strain rate decreases 
in abrupt steps. This effect is completely rational- 
ized in terms of impingement of band fronts. 

Final Creep—Following the processes of nuclea- 
tion, spreading, and impingement of the Lueder’s 
bands, the specimen undertakes a continuously de- 
creasing creep rate in complete harmony with the 
usual case of logarithmic creep. As shown in Fig. 3, 
the creep rate for the final stage increases with the 
stress and test temperature. 

The details of the prenucleation stage of the de- 
layed yielding creep curve are shown in Fig. 4. The 
creep rates obtained over this stage are very sensi- 
tive to the applied stress. In addition the delay time 
for initiating the first Lueder’s band is stress sensi- 
tive. Over the same range of stresses, however, the 
first Lueder’s band is observed to nucleate at about 
the same value of the strain. 

These facts suggest that dislocations are released 
in favorably oriented grains by some thermal acti- 
vation processes immediately after the stress is ap- 
plied. Evidently their forward motion is arrested 
by barriers during the prenucleation stage, during 
which time the creep rate decreases monotonically. 
It is possible that the barriers are grain or subgrain 
boundaries. When the Lueder’s band nucleates, 
macroscopic straining occurs over a narrow region 
of the band. The high shear stresses cause the band 
to grow rapidly in the direction of the width of the 
specimen at an angle of about 45” to the tensile axis. 

The exact nature of the nucleation of a Lueder’s 
band cannot yet be formulated, but the observation 
that the first Lueder’s band nucleated at the same 
macroscopic strain regardless of the magnitude of 
the applied stress or the delay time suggests one 
possible explanation. Dislocations are first released 
only in the most favorably oriented grains for slip; 
the dislocation rings so produced pile up at the grain 
boundary causing high stress concentrations to be 
induced in the surrounding less favorably oriented 
grains. According to the calculations of Stroh,” the 
stress induced in the neighboring grains will depend 
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on the applied stress and the number of blocked dis- 
locations. In view of the narrow range of stresses 
employed, therefore, about the same stress concen- 
trations will be reached following almost identical 
amounts of prenucleation creep. After dislocations 
have been unlocked in several adjacent grains, a 
Lueder’s band is nucleated. 

The physical conditions of the delay time experi- 
ments reported here prohibited direct observations 
of the nucleation and spreading of individual 
Lueder’s bands. However, a number of indirect 
observations could be rationalized only in terms of 
such a hypothesis. Assuming the absence of any 
strain aging phenomenon at the test temperature, 
the observed strain rate during the spreading of the 
Lueder’s bands should, at any stage, be a simple 
integral multiple of that due to the spread of a single 
band front. As shown in the typical example in 
Fig. 2 for delayed yielding at 78°K under 25,300 psi, 
the observed strain rates are observed to be simple 
integral multiples of a minimum strain rate of about 
0.92 10° per min.* 

*In general, the minimum strain rates due to the movement of 
one Lueder's band front were considered, rather than those due to 
the spreading of one band (2 fronts). This was done in order to in 
clude cases where individual band fronts spread to regions outside 
the gage section, so that the straining due to only one front of the 
band could be measured. Thus the minimum strain rate for delayed 
yielding at 78°K under 25,300 psi, Fig. 2, was determined to be 
0.92x10-* per min rather than 1.44x10-* per min, the minimum ob- 
served rate, and least common denominator of all the constant rates 

On the basis of the concept that piled up arrays 
of unlocked dislocations can induce the nucleation 
of a Lueder’s band by assisting the unlocking of 
dislocations in adjacent less favorably oriented 
grains, it should be possible to induce early nuclea- 
tion of a single Lueder’s band by the expedient 
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Fig. 5—Creep of a strain-aged specimen indented under 
load to nucleate one Lueder's band. Al-1.89 pct Mg alloy, 
prestrained to 25,000 psi at 78°, aged for 15 min at 273°, 
then creep tested at 78°K. Stress equals 25,300 psi. 
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Fig. 6—Delayed yielding creep curves at 78°K for strain- 
aged specimens. Al-1.89 pct Mg alloy, prestrained to 25,000 
psi at 78°, then aged for 15 min at 273°K. 


technique of indenting a loaded specimen to cause 
local unlocking of dislocations. A typical example 
of the type of strain-time curve that was obtained 
by this technique is shown in Fig. 5. In the absence 
of indentation at the stress and temperature in- 
volved about 21 min would have been required to 


Table |. Strain Rates Due to the Motion of One Lueder's Band 
Front, <,, and Times for Nucleation of the First Lueder's Band, 1, 


Temperature, per 

In. Min 10° Min 

78° 25,200 0.465 576 
25,250 0 685 36.0 
25.300 0.920 21.0 
25,400 1.78 14.5 
25,470 2.75 8.5 
25,560 48) 4.43 
25.600 641 3.5 
25,660 246 

ila” 23,450 0.260 25.0 
23,500 0.367 11.0 
23,550 0.530 75 
23,500 0.730 90 
23,600 0.807 4.75 
23,650 1.20 3.45 
23,700 1.81 3.75 
23,710 1.90 224 


nucleate the first Lueder’s band as shown in Fig. 2, 
but upon indentation only 1 min after loading, a 
single Lueder’s band formed almost immediately 
and spread, giving a constant strain rate of 1.84 10" 
per min, The strain rate was twice that deduced 
from the data of Fig. 2 for the migration of a single 
band front. After 27 min, a rationally longer inter- 
val of time than that required for nucleation of the 
first Lueder’s band in an unindented specimen, the 
second Lueder’s band nucleated, giving twice the 
original strain rate. 

An application of the foregoing techniques and 
observations gave the data recorded in Table I on 
the effect of stress and temperature on the delay 
times for nucleation of the first Lueder’s band and 
on the mean strain rate due to the propagation of a 
single band front. A comparison of observed strain 
rates and those determined as multiples of the mini- 
mum rate at each stress and temperature appears in 
Table Il. A complete summary of the delayed yield- 
ing creep curves obtained at 78° and 114°K in this 
investigation is shown in Figs. 6 and 7. 

When the small strains attributable to the pre- 
nucleation creep process and the final stage of 
logarithmic creep are subtracted from the total strain 
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Fig. 7—Delayed yielding creep curves at 114°K for strain. 
aged specimens. Al-1.89 pct Mg alloy, prestrained to 25,000 
psi at 78°, then aged for 15 min at 273°K. 


that was observed, the resulting curves represent 
the strains due to spreading of the Lueder’s bands. 
As shown in Fig. 8, curves obtained in this way have 
the typical S-shape, characteristic of nucleation, 
growth, and impingement processes. 

Avrami’s” statistical analysis of nucleation, 
growth, and impingement processes can readily be 
extended to account for the general shapes of such 
curves. Assume, for example, that Lueder’s bands 
nucleate at points along the length of the specimen 
and that their growth in the width direction is prac- 
tically instantaneous. After nucleation the band 
spreads in the length direction with a constant 
velocity v at each band front. Then a band that 
nucleated at time r will have spread over the length 


l = 2v(t—r) at time t. Let N = dn/dt be the number 
of bands nucleating per minute per unit length of 
the unyielded specimen. The effect of the width of 
the specimen is neglected here because it is not 
pertinent to this analysis. All specimens that were 
investigated had the same width. Neglecting im- 
pingement and including all ghost nuclei that form 
in the yielded as well as the unyielded length, the 
total length of the yielded region for all potential 
nuclei is 


Lies J f 2u Nit r)dr 


where the subscript ex refers to the extended length 
of the yielded region in agreement with Avrami’s 
terminology. The actual length of the specimen L 
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Fig. 8—Smoothed delayed yielding curve. Al-1.89 pct Mg 
alloy, prestrained to 25,000 psi at 78°, aged for 15 min at 
273°, then creep tested at 78°K. Stress equals 25,300 psi. 
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Fig. 9—Nucleation rate of Lueder’s bands as a function of 
time for the several stresses at 78°K. 


that has yielded is somewhat less than L,, because 
the ghost nuclei in the transformed regions never 
mature, and the spreading of the bands is arrested 
when they impinge upon one another. The incre- 
ment of the actual spreading of the yielded portion 
to the increment of spreading of the extended 
length, however, is proportional to the unyielded 
fraction of the length. Therefore 


or, upon integration 


The total strain observed when the Lueder’s bands 
have traversed the entire gage section is a constant, 
«, independent of the applied stress. Therefore 

) 

If N were constant, the above equation could 
readily be integrated and the yield strain would 
have been given by 


e=«{l—e*""}. [2] 
Analyses of a few examples, however, revealed 


that N was not constant but, as might have been 
expected, increased with time at least over the 
earlier stages of the yielding process. A simple 


measure of the way the average value of N varies 
with the time can be obtained by differentiating 
Eq. 1 twice with respect to t, giving 
d’in(«—e«) 
dt’ 


The above application of Avrami’s analysis for 
nucleation growth and impingement processes to the 
problem of the formation and spreading of Lueder’s 
bands is, of course, predicated on a statistical basis. 
Actually only relatively few bands nucleated, and 
therefore the accuracy of the analysis suffers. Un- 
doubtedly the analysis would have been much bet- 
ter if larger specimens had been tested. Further- 
more, accuracy was lost in the double differentiation 


[3] 


required by Eq. 3 to find N. Consequently, the data 
were not believed reliable beyond the strain 
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Table ti. Comparison of Measured Strain Rates Due to Lueder's 

Band Growth, and Rates Determined from the Calculated Strain 

Rate Produced by the Movement of One Band Front, ¢, (Strain 
Rates x 10°) 
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achieved after about 50 pct of the specimen had 


yielded. The values of N obtained from smoothed 
delayed yielding curves corrected for prenucleation 
creep and terminal logarithmic creep are given in 
Fig. 9. Undoubtedly the fact that N increases very 
rapidly with time for a given stress accounts for the 


reproducible value of the delay time for the nuclea- 
tion of the first Lueder’s band. Also, the data reveal 


that N increases extremely rapidly with stress 


Discussion 
In order to compare the data observed here with 
Fisher’s analysis for the delay time for unleashing 
Cottrell locked dislocations as given in the intro- 
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Fig. 10—Delay time 
for nucleation of the 
first Lueder's band 
as a function of the 
applied stress at 78° 
and 114°K. Al-1.89 
pct Mg alloy, pre- 
strained to 25,000 
psi at 78°, aged for 
15 min ot 273°, then 
creep tested at 78° 
or 114°K. 
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Fig. 11—Strain rate 
caused by the mo- 
tion of one Lueder's 
band front os a 
function of stress at 
78° and 114°K. 
Al-1.89 pet Mg al- 
loy, prestrained to 
25,000 psi at 78°, 
aged for 15 min at 
273°, then creep 
tested at 78° or 
114°K. 
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Fig. 12—Times for 
a nucleation rate of 
one band per min 
and delay times for 
the nucleation of the 
first band as a 
function of stress ot 
78°K. Al-1.89 pet 
Mg alloy, pre- 
strained to 25,000 
psi at 78°, aged for 
15 min ot 273°, 
then creep tested 
at 78°K. 
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duction, the logarithm of the time for the forma- 
tion of the first Lueder’s band, r,, was plotted as a 
function of the reciprocal of the applied stress, as 
shown in Fig. 10. These data reveal that 


¥(T)e [4] 


where a is, within the scatter of the data, a constant 
independent of the temperature, and #(T) is some 
function of the test temperature. In contrast, 
analysis would have demanded that 
be a temperature independent constant, and that a 
vary as the reciprocal of the absolute temperature. 
Although, as expected, the data reported here ex- 
hibit some random scatter,? it is nevertheless im- 

' It was noted in general that specimens exhibiting longer delay 
times also nucleated fewer bands, indicating that some sampling dif- 
ferences did exist 
possible to bring them into coincidence with Fisher’s 
analysis. Consequently, Fisher’s analysis for un- 
leashing interstitially locked dislocations does not 
apply to the process of nucleation of Lueder’s bands 
in strain-aged substitutional alloys. 

Making the reasonable assumption that the un- 
locking of dislocations is facilitated by some process 
involving thermal activation, /(T) might be re- 

an 
placed by c e”’, where AH is the activation energy, 
T is the absolute temperature, and c is a constant. 


[5] 


where a 4.38 10° psi, and AH, = 6,800 cal per 
mol. The separation of the stress and temperature 
terms of Eq. 4 is somewhat unexpected, and no ra- 
tionalization of this fact has been attempted. How- 
ever, it is significant to recall that a similar separa- 
tion of the stress and temperature terms occurs for 
both high and low temperature creep.” 

The data recorded here suggest that it is unlikely 
that any analysis of delayed yielding based solely on 
the unlocking of dislocations can completely ac- 
count for all of the facts, inasmuch as such theories 
neglect the significant initial period of creep during 
the prenucleation stage of the process. For example, 
earlier in this report the suggestion was made that 
the process of nucleating a Lueder’s band involves 
the pile up of arrays of dislocations at the boundary 
of a favorably oriented grain, resulting in stress 
concentrations that are sufficiently great to cause 
unlocking of dislocations in adjacent grains. Un- 
doubtedly this is the mechanism for the migration 
of a Lueder’s band front. If these processes of 
nucleation and migration are truly the same, they 
should obey the same stress and temperature laws. 

In Fig. 11 the logarithm of the strain rate due to 
the propagation of a single Lueder’s band front is 
plotted as a function of the reciprocal of the stress. 
These data are highly consistent, since they are not 
sensitive to the statistical scatter prevalent in the 
delay time for the formation of the first Lueder’s 
band. These data reveal that 


&=-ce" [6] 


where a, ~ 4.31x10° psi, and AH, = 6,000 cal per mol. 
The values of a, and AH, agree extremely well with 
those of a, and AH,, revealing that the nucleation and 
the propagation of Lueder’s bands are due to the 
same process. 

The question of whether the nucleation, spread- 
ing, and impingement of Lueder’s bands can be an- 
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alyzed by Avrami’s generalized treatment for nucle- 
ation and growth processes can also be verified. 


Since N increases very rapidly with time, it is ex- 
pected that the time of formation of the first 
Lueder’s band should coincide well with the time 


for N to reach a value of about 1 per min. The circu- 
lar experimental points recorded in Fig. 12 corres- 


pond to the times for which N 1 band per min, as 
taken from the data of Fig. 9. The square experi- 
mental points of Fig. 12 correspond to the experi- 
mentally determined delay times, r,, for the nuclea- 
tion of the first Lueder’s band. Thus it appears that 
the nucleation and spreading of Lueder’s bands can 
be treated in a classical way. 
Conclusions 

1) Delayed yielding can be induced to occur in 
strain-aged substitutional face-centered-cubic al- 
loys 

2) Such delayed yielding does not agree with 
the Fisher analysis for delayed yielding due to in- 
terstitially locked dislocations. 

3) Delayed yielding occurs in three stages: pre- 
nucleation creep; nucleation, spreading, and im- 
pingement of Lueder’s bands; and terminal logar- 
ithmic creep. 

4) The stress and temperature laws for the 
nucleation of Lueder’s bands coincide with the laws 
for the propagation of the bands. Thus both proc- 
esses have the same basic mechanism. 
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Effect of Hydrogen on Alpha Titanium Alloys 


The effect of up to 200 ppm hydrogen on the microstructure and mechanical prop- 
erties of high-purity titanium containing oxygen, nitrogen, tin, and aluminum was in- 
Increasing the hydrogen content resulted in precipitation of a hydride 


phase and decreased the notch-bend impact strength of the alloys containing oxygen, 
nitrogen, and tin, similar to the hydrogen embrittlement of unalloyed high-purity ti- 


tanium. 
found with up to 180 ppm hydrogen. 


WO types of hydrogen embrittlement had been 

observed previously for titanium-rich mate- 
rials." The predominance of one or the other type 
of embrittlement had been shown to be governed by 
material composition. Unalloyed a titanium is most 
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by G. A. Lenning, J. W. Spretnak, and R. |. Jaffee 


No hydride precipitation or significant embrittlement of the Ti-5Al alloy was 


severely hydrogen embrittled at impact speeds and 
in the presence of a notch. This embrittlement is 
produced by the brittle hydride phase. The second 
type of embrittlement has been observed only in 
titanium alloys containing both a and # phases. 
This latter embrittlement becomes most severe at 
slow testing speeds. The microstructures of the a-f 
alloys embrittled by hydrogen at low strain rates do 
not usually contain a visible third phase. 

The object of this investigation was to determine 
the effect of hydrogen on the mechanical properties 
of a titanium with representative interstitial and 
substitutional solutes. Some data were obtained 
prior to the present work on the effect of hydrogen 
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Fig. 1—Microstructure of a Ti-0.2N alloy with 205 ppm 


hydrogen in the slow-cooled condition. Xi00. Reduced ap- 
proximately 20 pct for reproduction. 


on « alloys containing 0.06 and 0.18 pct nitrogen and 
a Ti-2.55Al alloy,’ which indicated that 130 ppm 
hydrogen had little effect on room-temperature 
tensile properties but caused a marked decrease in 
room-temperature notch toughness. This decrease 
in notch toughness was associated with the appear- 
ance of hydride phase in the microstructure of the 
alloys. 


Experimental Procedure 


The alloys for this investigation were prepared 
with high-purity iodide-refined titanium.’ No 
chemical analyses are available. The alloys in- 
vestigated and Bhn for the arc-melted ingots are 
given in Table I. 


Table |. Bhn of Alloys Used 


Bho 
Ingot Addition, 
Ne. t Pet Tep Bettom 

c-20 0.20 180 180 
c-30 0.2N 210 215 
C-32 108n 176 182 
207 217 
5A! plus 0.20 267 272 


The metallic alloying additions were made in the 
conventional manner. The oxygen and nitrogen 
additions were made directly to the titanium melt- 
ing stock in a Sieverts absorption apparatus. With 
this method, a measured volume of the gas is ad- 
mitted to the hot metal in an evacuated quartz 
giass reaction chamber. This method of adding 
gases permits close control of composition and pro- 
motes homogenelty in the alloy. Chemical analysis 
showed 0.21 wt pct nitrogen in ingot No. 30, which 
was in good agreement with the intended addition. 
The ‘%-lb ingots were inert-electrode melted in a 
water-cooled copper crucible, using double inver- 
sion melting to ensure homogeneity. The inver- 
sion method may be applied only to small ingots 
and consists of inverting and remelting the con- 
solidated ingot in a conical-shaped water-cooled 
crucible a number of times. The inversion melting 
obviates the necessity for machining chips or roll- 
ing to sheet and shearing for remelting. Radio- 
graphs were used to insure homogeneity for the 
metallic additions. 
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Fabrication of the ingots was by hot forging to 
%-in. diam at 1800°F. The scale was then removed 
by grinding, and the ingots were annealed in vac- 
uum at 800°C for 6 hr to remove hydrogen. Follow- 
ing this, the rods were hot swaged to %4-in. diam at 
1600°F, and mechanical test specimens were ma- 
chined. The hydrogenation treatments and final 
heat treatments in vacuum for the low hydrogen 
material were at 820°C for % hr, furnace cooled to 
680°C, and held 1 hr, followed by rapid cooling in 
vacuum. The Sieverts absorption apparatus used 
for this work has been described previously.’ 

The hydrogen levels intended for investigation 
were 10, 50, 100, and 200 ppm. These levels were 
chosen to cover the range in which hydrogen had 
the most marked effect on notch toughness for 
unalloyed titanium. 

The mechanical tests performed were unnotched 
and notched tensile tests at room temperature, and 
notch-bend impact tests at —196°, —40°, room tem- 
perature, and 100°C. The unnotched tensile data 
were obtained with a 2%-in. long specimen having 
a reduced section % in. in diam and % in. long. 
This specimen is a geometrical reduction of the 
2-in. gage length standard ASM specimen. Com- 
plete dimensions for the subsize specimen are given 
on p. 88 of the Metals Handbook, 1948. Conven- 
tional SR-4 resistance-type strain gages were used 
over the elastic range. Tensile tests were made 
with a Baldwin-Southwark-Tate-Emery hydraulic 
machine, using a crosshead speed of 0.005 ipm. 
The notched tensile specimen was 1% in. long with 
a 0.225-in. diam reduced section. A circumferential 
V-notch was provided in the center of the reduced 
section. This notch had a 60° included angle and a 
root radius of 0.005 in. The diameter at the base 
of the notch was 0.150 in. 

The design of the notch-bend impact specimen 
used was based on the cylindrical Izod Type Y 
specimen (ASTM E 23-41T). All dimensions were 
reduced to half scale including the notch radius. 
Specifications for this specimen have been shown 
previously.‘ This specimen was supported vertically 
and broken as a cantilever beam in a Tinius Olsen 
testing machine with a total available energy of 
200 in.-lb. The velocity of the striker for this ma- 
chine is 11.3 fps. 

The cost of the high-purity titanium restricted 
to one the number of tensile and notch-bend impact 
specimens for each test condition. The reproduci- 
bility obtained with the unnotched tensile and 


Fig. 2—Microstructure of the vacuum-annealed Ti-10Sn alloy. 
X250. Reduced approximately 20 pct for reproduction. 
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notch-bend impact specimens had been repeatedly 
checked prior to this investigation and was shown 
to be quite satisfactory.'* The notched tensile speci- 
men has also been used for a number of investiga- 
tions, although the results have not been published. 


Results 


Microstructures—Metallographic examination at 
all four hydrogen levels was made for each of the 
alloys. The specimens were mounted in a cold- 
setting plastic called Epon. After the mounts had 
become solid, they were wet ground on metal- 
lographic papers through X600. The etch-polishing 
solution and the final etchant consisted of 3 pct 
nitric acid plus 1.5 pet hydrofluoric acid (by volume) 
in water. Polishing was on wool felt, using alu- 
minum oxide as the abrasive. All specimens were 
examined immediately after polishing and etching. 
Table II shows the phases observed. 

The general distribution of the hydride phase for 
the oxygen and nitrogen-containing materials was 
quite similar to that in unalloyed high-purity tita- 
nium,’ as shown in Fig. 1. The amount of hydride 
phase observed at the various hydrogen levels did 
not indicate a change in the a solubility as a result 
of either the oxygen or nitrogen addition. 

The microstructure of the vacuum-annealed Ti- 
10Sn alloy is shown in Fig. 2. Because of the tend- 
ency of this alloy to stain during etching, it was 
etched with a special etchant containing 30 cu cm 
lactic acid, 30 cu cm HNO,, and 2 cu cm HF, which 
reduces staining. No hydride was apparent in the 
vacuum-annealed or 50-ppm specimens. The identity 
of small amounts of globular material in the grain 
boundaries of the vacuum-annealed specimen in 
Fig. 2 is unknown, but is thought not to be asso- 
ciated with hydrogen. The large amount of plate- 
like hydride in the specimen containing 195 ppm 
hydrogen is readily apparent in Fig. 3. 


Table I!. Phases Present in Alloys 


Hydrogen Content, Ppm* 


Vacuum 
Alley Annealed wo loo 200 
Ti-0.20 A A+H 
Ti-0.2N A A+H A+H 
Ti-10Sn A A A+H A+H 
Ti-5AI A A A A 
Ti-5Al1-0.20 A A A A 


* A indicates a; H indicates definite appearance of a hydrogen- 
rich phase identified metallographically as titanium hydride 


No second phase was observed in the microstruc- 
ture of the Ti-5Al alloy with up to 180 ppm hydro- 
gen, or in the Ti-5Al1-0.20 alloy with up to 190 ppm 
hydrogen. 

Mechanical Properties—Unnotched and notched 
tensile properties obtained at the four hydrogen 
levels for each of the alloys are given in Table III. 
Notch-bend impact strengths are given in Fig. 4. 
Unnotched tensile strength and ductility values for 
the Ti-0.20 and Ti-0.2N alloys were relatively 
unaffected by hydrogen. However, the notch-bend 
impact strengths of these alloys were significantly 
decreased with 50 ppm hydrogen at room tempera- 
ture and below. At the 100°C testing temperature, 
the hydrogen embrittlement was not so pronounced, 
but the almost progressive decrease in impact 
strength with increasing hydrogen at 100°C indi- 
cated that the ductile-to-brittle transition tempera- 
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Fig. 3—Microstructure of specimen containing 195 ppm 
hydrogen. X250. Reduced approximately 20 pct for repro- 
duction. 


ture was raised. Notched tensile reduction in area 
was decreased from the order of 18 pet to about 
10 pet with 200 ppm hydrogen, which indicated an 
increase in notch sensitivity with hydrogen. This 
increase in notch sensitivity was not sufficient to 
lower tensile strength, however. 

The strength, ductility, and notch toughness for 
the hydrogen-free Ti-10Sn, Ti-5Al, and Ti-5A1-0.2 
O alloys are in good agreement with the results of 
previous investigations. As might be expected, the 
notch-bend impact data show the greatest effect of 
hydrogen. However, the results are somewhat dif- 
ferent from those obtained for the oxygen and 
nitrogen alloys. 

The data for the Ti-10Sn alloy showed a loss of 
toughness at the 100 and 200-ppm hydrogen levels. 
The lack of embrittlement at the 50-ppm level was 
consistent with the microstructures. The ductile-to- 
brittle transition temperature at 100 ppm hydrogen 
occurred over a rather broad temperature range, 
as indicated by the 11, 22, and 41 in.-lb energies 
obtained at temperatures of —40°, 25°, and 100°C, 
respectively. Notched tensile strength and ductility 
showed a relative insensitivity to hydrogen, as might 
be expected from the notch-bend impact data. 

The Ti-5Al alloy was not significantly affected 
by hydrogen up to 180 ppm as might be expected 
from the microstructure. Both the unnotched and 
notched tensile strengths showed an increase of ap- 
proximately 16,000 psi, which would indicate that 
hydrogen in solid solution in the a phase is a mild 
strengthener. This solid solution strengthening by 
hydrogen did not decrease tensile ductility or notch 
toughness significantly, however. 

The addition of 0.2 pet oxygen to the Ti-5AlI alloy 
increased the tensile strength and lowered notch 
toughness. The ductile-to-brittle transition in notch- 
bend impact was raised from below —196°C to be- 
tween —196° and —40°C by the oxygen. At 100°C 
and room temperature, hydrogen had little effect on 
notch-bend impact energy absorption. However, the 
decrease in energy with hydrogen at —40°C would 
indicate that hydrogen in solid solution raised the 
transition temperature 

Hydrogen Solubility—The temperature-solubility 
relation for hydride in a titanium was determined 
for the oxygen, nitrogen, tin, and aluminum alloys 
The determination was based on the microscopic 
distribution of hydride in solution-annealed and 
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Table Ill. Unnotched and Notched Tensile Properties 


Unnotehed Tensile Properties 
0.2 Pet Offeect 


Hydrogen 
ontent 


Atomic Pet 


Elenga- 
tien, Pet 


Strength, Psi Pr Pet 


Notched Tensile Preperties 


Reduction Tensile 
Yield in Area, om 


Ti-0.20 Alley 


ecco 
S688 S258 


coco 
sess sets 


66,000 
TI-O.2N Alley 


65, 
Ti-108n Alley 


70, 
TI-GAI Alley 


8 
TI-5Al-0.20 Alley 


67,000 
68,000 
67,000 


333 


87,000 
87,000 
88,000 


S888 
3355 382 


62,000 
67,000 
73,000 


85,000 
91,000 


=Ses 


3333 


106,000 


* Vacuum-fusion analyses, tolerance +10 relative pet of reported value 


| Specimen fractured in gage mark 
! Specimen fractured outside of gage length 


quenched samples. For the oxygen, tin, and alu- 
minum alloys, sufficient material was available to 
hydrogenate to levels higher than 200 ppm. The 
additional levels are shown in Table IV. 

The thermal treatments for the oxygen, nitrogen, 
and tin alloys consisted of air annealing for 64 hr 
at 400°C, furnace cooling to the temperature of 
interest, holding at this temperature for 20 hr, and 
water quenching. The quenching temperatures were 
25°C apart over the range of interest. The 20 hr 
was sufficient time to permit agglomeration of the 
hydride, if the temperature was below the limit of 
solubility of hydrogen. Heat-treatment times for 
the aluminum alloy at temperatures above 600°C 
were for % hr. This shorter time was used to mini- 
mize possible hydrogen loss in the higher tempera- 
ture range of interest for this material. All alloys 
were checked for loss of hydrogen at the highest 


annealing temperature. The method used was to 
compare the amount of hydride phase in annealed 
and slow-cooled condition vs the as-hydrogenated 
condition. No loss of hydrogen could be detected 
except where noted in the Discussion. 

The solubility relations determined are shown in 
Fig. 5. The relations for the oxygen, nitrogen, and 
tin-containing materials are at the left of the figure. 
The data points have been omitted on this drawing 
for clarity, and the solubility relation for unalloyed 
high-purity titanium’ has been included for com- 
parison. The oxygen, nitrogen, and tin additions did 
not change the general shape of the curves, but did 
act to increase the hydrogen solubility of the a phase 
at a given temperature above 75°C. 

The solubility relation for the Ti-5Al alloy is 
considerably different from that for the other mate- 


rials. At 310 and 390 ppm hydrogen, the aluminum 
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Fig. 4—Notch-bend impact strength 
vs temperature at four hydrogen lev- 
els. 
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Fig. 5—Partial temperature solubility 
relation for hydrogen in unalloyed 
high-purity titanium and Ti-0.20, 
Ti-0.2N, Ti-10Sm, and Ti-5AI high- 
purity base alloys. 


alloy contained hydride phase which placed the 
room-temperature solubility between 180 and 310 
ppm. As shown in the micrograph in Fig. 6, this 
hydride was predominantly intergranular. There 
was no indication that the hydride phase at 310 and 
390 ppm had dissolved even after annealing at 
900°C. A decrease in the amount of hydride phase 
was observed after quenching from 925°C. This 
decrease was apparently the result of a loss of 
hydrogen on annealing, since specimens slowly 
cooled from 925°C also showed a decrease in the 
amount of hydride. The microstructure of the 570- 
ppm material quenched from 900°C and the 1100- 
ppm material quenched from 875° and 900°C showed 


Table IV. Hydrogen Levels of Alloy Specimens 


Alley Hydrogen Levels, Ppm* 
Ti-0.20 720, 1200 
Ti-10Sn 600, 1090 
Ti-5AlI 570, 1100 


Ti-5A1-0.20+ 310, 390 


* Only smail metallographic samples were prepared 
t Insufficient Ti-5Al alloy remained for these levels, so that the 
oxygen-containing materials had to be used 


evidence of transformed 8 phase at the crystal 
boundaries. This transformed £ structure is illus- 
trated in Fig. 7 for the 1100-ppm material quenched 
from 900°C. A decrease in the amount of hydride 
phase was apparent following the heat treatment, 
as indicated by comparison with the as-hydrogenated 
condition in Fig. 8. This decrease was apparently 
the result of a solubility increase, since a sample 
slowly cooled after the same heat treatment showed 
as much hydride as for the hydrogenated condition 


Discussion 

The recent work of Rosi and Perkins’ on the effect 
of temperature on the deformation mechanisms in 
coarse-grained a titanium provides useful informa- 
tion for rationalizing the embrittlement resulting 
from the hydride phase. Rosi and Perkins observed 


that the (1010) <1120> slip system is predominant 
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Fig. 6—Microstructure of a Ti-5AI-0.20 alloy with 310 
ppm hydrogen in the slow-cooled condition. X250. Reduced 
approximately 20 pct for reproduction 
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Fig. 7—Microstructure of a Ti-SAI alloy with 1100 ppm hy- 
drogen as water quenched from 900°C. X500. Reduced ap- 
proximately 20 pct for reproduction 
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Fig. 8—Microstructure of a Ti-5AI alloy with 1100 ppm hy- 
drogen as slow cooled from 680°C. X250. Reduced approxi- 
mately 20 pct for reproduction. 


at temperatures in the range from —196° to 500°C. 
Two additional slip systems, the (0001) <1120> and 
(1011) <1120>, become active at the 20° and 500°C 
temperatures. The amount of twinning is increased 
as the temperature of deformation is decreased. At 
all temperatures, the twinning planes are of the 
pyramidal type. Some of the metal used by Rosi 
and Perkins contained a Widmanstitten distribution 
of hydride phase. The habit plane observed for this 
hydride was the (1010) prisni-type plane, 

The crystallographic relations between the habit 
plane of the hydride and the slip and twinning 
planes suggest that hydride might have a pronounced 
effect on either slip or twinning or both. Additional 
work on single crystal and polycrystalline materials 
is needed to establish definitely which, if either, of 
the two deformation mechanisms is most affected by 
the hydride phase. The observation that hydride 
embrittlement becomes most severe below 100°C 
compared with the observed increase in the amount 
of twinning deformation in this temperature range 
suggests that the effect of the hydride on twinning 
may be more significant than for slip. 

A comparison of the effect of aluminum on the 
hydrogen solubility of a titanium and the effect of 
aluminum on the X-ray lattice parameters of the 
a phase is in agreement with the observations of 
Speiser, Spretnak, and Taylor’ for interstitial solid 
solutions. These authors demonstrated that the 
solubility of the interstitials carbon, oxygen, and 
nitrogen in metals was not predominantly governed 
by the size of the interstices in the metallic lattice. 
The normal, covalent atomic radius for hydrogen, 
approximately 0.30A,’ would indicate that this atom 
could be accommodated in the tetrahedral interstice 
of unalloyed a titanium. The tetrahedral interstice 
size at 125°C can be calculated from the data on 
the change in lattice parameters with temperature 
reported by McHargue and Hammond.” This inter- 
stice size is found to be approximately 0.337 kX. 
Aluminum added to a titanium decreases the inter- 
stice size at room temperature to approximately 
0.330 kX, so that the solubility increase at room 
temperature does not relate to an increase in inter- 
stice size 

Although the solubility of hydrogen at room tem- 
perature has increased from about 20 to about 200 
ppm when 5 pct aluminum is present, the maximum 
solubility has decreased from about 2000 ppm to 
about 200 ppm. The insensitivity of the hydrogen 
solubility of the Ti-5Al alloy with temperature shows 
that the heat of solution of hydrogen has decreased 
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considerably. This suggests strongly that the nature 
of the interstitial solid solution has been changed 
markedly by the presence of 5 pct aluminum. Since 
it has been shown previously that the hydrogen 
solubility of a Ti-2.5Al alloy is not appreciably dif- 
ferent from that of titanium,’ it appears that the 
change in the hydrogen solution occurs within this 
aluminum range. It has been shown that the 
strengthening effect of aluminum and the c/a ratio 
also show an increase between 2.5 and 5 pct alu- 
minum.” Thus, it is apparent that titanium a solid 
solutions with 5 pet and higher aluminum content 
have a number of unusual properties, only one of 
which is the markedly altered hydrogen-solubility 
relationship. 


Conclusions and Summary 

1) Hydrogen in titanium containing 0.2 pct 
oxygen or 0.2 pet nitrogen had a similar effect on 
notch-bend impact toughness as for unalloyed tita- 
nium. The embrittling effects of oxygen with hydro- 
gen and nitrogen with hydrogen are additive. 

2) The addition of 10 pct tin increases the 
hydrogen solubility of a titanium to between 50 and 
100 ppm. This increase in solubility decreases the 
sensitivity of the alloy to hydrogen embrittlement. 

3) The addition of 5 pct aluminum increases the 
room temperature hydrogen-solubility limit in a 
titanium to greater than 180 ppm. This increase in 
hydrogen solubility decreases the sensitivity of the 
alloy to hydrogen embrittlement down to testing 
temperatures as low as —196°C. 

4) Hydrogen in solid solution in both the Ti- 
5Al and the Ti-5Al-0.20 alloys increased the 
strength properties mildly but did not decrease 
ductility or toughness significantly. 

5) The general features of the low temperature 
solubility limit for the hydride were not affected 
appreciably by the addition of either 0.2 pct oxygen, 
0.2 pet nitrogen, or 10 pct tin. However, a significant 
change in the solubility relation resulted from the 
5 pet aluminum addition. 


Acknowledgment 

This paper is based on a thesis presented to The 
Ohio State University in partial fulfillment of the 
requirements for the degree of Master of Science 
received by G. A. Lenning. The authors wish to 
express their appreciation to Watertown Arsenal, 
under whose sponsorship this work was done at 
Battelle Memorial Institute, for permission to pub- 
lish the information. 


References 

'G. A. Lenning, C. M. Craighead, and R. I. Jaffee’ Constitution 
and Mechanical Properties of Titanium-Hydrogen Alloys, AIME 
Trans., 1954, vol. 200, pp. 367-374; Jounnat or Metats, March 1954 

*C. M. Craighead, G. A. Lenning, and R. I. Jaffee: Hydrogen 
Embrittliement of Beta-Stabilized Titanium Alloys, AIME Trans., 
1956, vol. 206, pp. 923-928; Jouwnnat or Merats, August 1956 

*R. I. Jaffee, F. C. Holden, and H. R. Ogden: Mechanical Proper- 
ties of Alpha Titanium as Affected by Structure and Composition, 
AIME Trans., 1954, vol. 200, pp. 1282-1290; JounnaL or Merats, 
November 1954 

‘F.C. Holden, H. R. Ogden, and R. I. Jaffee: Microstructure and 
Mechanical Properties of lodide Titanium, AIME Trans., 1953, vol. 
197, pp. 238-242; Jounnat or Merats, February 1953 

F. D. Rosi, F. C. Perkins, and L. L. Seigle: Mechanism of Plastic 
Flow in Titanium at Low and High Temperatures, AIME Trans., 
1956, vol. 206, pp. 115-123; Jownwat or Merats, February 1956 

*R. Speiser, J. W. Spretnak, and W. J. Taylor: Effective Diameter 
of Solute Atoms in Interstitial Solid Solutions, Trans. ASM, 1954, 
vol 46, pp. 1-6 

'D. J. Hurd: Chemistry of the Hydrides, John Wiley & Sons, Inc., 
New York, 1952 

*C. J. MeHargue and J. P. Hammond: Deformation Mechanisms 
in Titanium, Acta Metallurgica, 1963, vol. 1, pp. 700-705 

*H. R. Ogden, D. J. Maykuth, W. L. Finlay, and R. I. Jaffee: Me- 
chanical Properties of High-Purity Ti-Al Alloys, AIME Trans., 1953, 
vol. 197, pp. 267-272; Jounnat or Merats, February 1953 


Discussion of this paper sent (2 copies) to AIME by Dec. 1, 1956 
will appear in AIME Transactions Vol. 209, 1957, and in Jowrnat or 
Merats, April 1957 


TRANSACTIONS AIME 


- 

~ 

te = 


Some Observations on the Structure of 


Grain Boundary Fracture Surfaces 


A 20 pct Zn-Al alloy fractured in an intercrystalline manner both in creep 
tests at 500°F and tensile tests at room temperature. The fracture surfaces were 
studied both by microscopy and X-rays. The intercrystalline fracture surfaces are 
not smooth but are made up of fracture facets. These fracture structures are de- 
pendent on the orientation of the grain boundary with respect to the tension axis 
and are also influenced by the proximity of other grain boundaries. A layer of mate- 
rial, either heavily cold worked or recrystallized, was invariably created in regions 
immediately adjacent to the fracture surface. A mechanism for the occurrence of 


these surface structures is proposed. 


by H. C. Chang and Nicholas J. Grant 


RANSCRYSTALLINE fracture surfaces of the 

cleavage type have been examined by micro- 
scopy and X-rays for several metals.'* These in- 
vestigations revealed that the fractured surfaces 
were not flat and invariably had cleavage and other 
deformation markings on them. 

On the other hand, the study of intercrystalline 
fracture surfaces has been limited. Perryman, in a 
recently published paper on the intercrystalline 
fracture of §-brasses,, found that a thin layer of 
heavily deformed metal was invariably associated 
with these surfaces. Furthermore, the thickness of 
this layer was found to depend on the orientation of 
the grain boundary surface with respect to the ap- 
plied stress. 

The mechanisms of grain boundary sliding and 
intercrystalline fracture have been presented in two 
previous papers,” which described certain aspects 
of the deformation of a 20 pct Zn-Al alloy. It is the 
purpose of this paper to present some observations 
on the structure of intercrystalline fracture surfaces 
and to correlate the structure of such surfaces with 
the mechanism of intercrystalline fracture. 

Experimental Techniques—The high purity 20 pct 
Zn-Al alloy was generously supplied by the Re- 
search Laboratories of the Aluminum Co. of Amer- 
ica. Two sizes of specimen were used; the first had 
two parallel flat surfaces of dimensions 1x0.17x0.09 
in. and the second was round with a 0.25 in. diam. 

A grain diameter of 1 to 3 mm was obtained by 
annealing the specimens at 1000°F for 24 hr. The 
specimens were then air cooled. 

The specimens were subjected to creep at 500°F 
and 2300 psi. The rupture times ranged from % to 
3 hr, with one room temperature tensile test. 


H. C. CHANG, Associate Member AIME, formerly on the Re- 
search Staff, Massachusetts Institute of Technology, has returned 
to China. N. J. GRANT, Member AIME, is Associate Professor of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, 
Mass. 

TP 4312E. Manuscript, Sept. 29, 1955. Cleveland Meeting, Octo- 
ber 1956. 
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Fig. 1—Views of a fractured specimen tested in creep at 
500°F. Points indicate locations where back reflection Laue 
photograms were taken. 


It has been mentioned previously’® that the inter- 
crystalline fracture surfaces of this alloy, when 
tested under the conditions given above, are sharply 
defined. In the optical examination of the fracture 
surfaces, whenever possible, magnifications of at 
least X250 were used. The locations of the regions 
examined, both optically and by X-rays, were 
selected to give several fracture surface orientations 
with respect to the stress axis and to the specimen 
surfaces. This was possible for the X-ray studies 
since the grain diameters were large compared to 
the X-ray beam. A film to specimen distance of 3 
cm, a 1 mm pinhole and Cr radiation were used for 
the Laue back reflection pictures. 
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Fig. 2—-Unpolished fracture surface in region corresponding 
to positions | and 2, Fig. |. Vertical direction of fracto 
graph corresponds to width direction of specimen. Fracture 
structure at edge of specimen (bottom) is fine and becomes 
coarser as it proceeds into the grain. The two horizontal 
morks are scratches’ X150. Reduced approximately 30 pct 
for reproduction 


~ 


Fig. 3-—-Higher magnification of the lower portion of Fig. 2. 
Note cell structure. The blurred areas at the top are 
scratches. X500. Reduced approximately 30 pct for repro 
duction 


Fig. 4——-Higher magnification of the top portion of Fig. 2 
Note the coarser cell structure and the deformation mork 
ings on both the cell surfaces and the boundaries of these 
cells. X500. Reduced approximately 30 pct for reproduction 
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Fracture Surfaces of Nearly Horizontal Boundaries 
The fracture surfaces of six specimens were ex- 
amined extensively. However, the detailed results 
from only one of the specimens will be described 
these results may be considered to be typical of all 
the results that were obtained from the above types 
of boundaries 

Fig. 1 is a schematic drawing of the two portions 
of a specimen after fracture. Fracture occurred after 
30 min with an elongation of about 14 pct at 500 °F 
The numbered points in Fig. 1 indicate the positions 
where photomicrographs and Laue back reflection 
photograms were taken. In this specimen the sur- 
face of fracture contained an almost horizontal grain 
boundary surface, which occupied the whole thick- 
ness and approximately two thirds of the width of 
the specimen. The specimen started to fracture 
along the boundary between grains A and B, at 
position 1, and proceeded toward 4. The fracture in 
region 4, the polycrystalline area, was a mixed one, 
i.e., it was both inter and transcrystalline. The 
polycrystalline region (left edge, in plane view, 
Fig. 1) elongated extensively, hence, the fracture in 
this region narrowed, practically to a knife-edge 


Metallographic Observations—Fig. 2 is a photo- 
micrograph (fractograph) of a region approxi- 
mately covered by locations 1 and 2 (Fig. 1) on the 
fracture surface. The vertical direction corresponds 
to the width of the specimen moving toward region 
2. It will be seen that a finer structure at the bottom 
of Fig. 2 (i.e., close to the specimen edge) becomes 
coarser toward the top of the fractograph. 

An intercrystalline fracture surface would be ex- 
pected to be quite smooth if the fracture occurred 
exactly along a grain boundary surface. The fracto- 
graphs in Figs. 3 and 4, of regions 1 and 2, respec- 
tively, show, however, that the fracture surface con- 
sists of small cells, or facets, at a series of levels. 
These cells are bounded by dark narrow bands 
which appear to be almost parallel to each other. 
The cells were smaller in regions close to the edge 
of the specimen (Fig. 3) and became progressively 
larger toward the interior of the grain (Fig. 4). The 
difference in level of the fracture facets is also 
greater in Fig. 4. 

The markings in the various white areas are, in 
general, parallel, although they are irregular in 
some regions, particularly near the cell limits. 
Where the structure can be resolved in depth, it 
will be noted that cells have definite height. Fur- 
thermore, the cells appear to follow a definite geo- 
metry 

The fractographs taken of regions 9 and 10, Le., 
on the other half of the fractured boundary surface, 
were similar to those shown in Figs. 2, 3, and 4, and 
therefore are not presented here 

It should be pointed out that the dark valleys be- 
tween cells have rather flat troughs and these could 
also be focused. The appearance of the troughs is 
similar to that of the plateaus, .e.,, marks were 
found on these surfaces resembling those in Figs. 3 
and 4. On this basis, it was noted that the cells ob- 
served at regions 9 and 10 were coarser and deeper 
than those in the other half at points 1 and 2 


X-Ray Observations—Table I summarizes all the 
X-ray observations. There was a continuous change 
of structure across the fracture surface from region 
1 to 3. Photograms taken across this width (position 
1, Fig. 5; position 2, see Table I; position 3, Fig. 6) 
all showed the Laue spots of grain A superimposed 
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Fig. 6—Laue back reflection photogram at position 3, Fig. |. 
Laue spots extremely diffuse. Debye rings increasingly well 
detined showing greater extent of recrystallization 


Fig. 5—Laue back reflection photogram at position |, Fig. | 
Lave spots are fairly sharp and show some substructure 
Debye rings weak and diffuse but show slight recrystallize 
tion. 


Fig. 8—Laue back reflection photogram of position 9, grain 
1. Compare with Fig. 5, grain A, which shows Laue 


Fig. 7—Laue back reflection photogram at position 4, Fig. | 


Laue spots missing, Debye rings are now complete B, Fig 
spots and less complete Debye rings. 


Fig. 9—Laue back reflection photogram of position 11, Fig Fig. 10—Fractograph of the fractured surface of an inclined 
1. Compare with Fig. 8 and note greater asterism at posi boundary. X250. Reduced approximately 30 pct for repro 
tion 11. duction 
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Fig. 11—Lawe photogram taken on fractured surfaces of in 
clined boundaries: A, above, on a dull surface, coarse struc 
ture; and B, below, on a bright surface, fine structure 


on Debye rings. In moving from position 1 to 3 the 
Laue became sharp and more diffuse, 
whereas the intensities of the Debye rings of dis- 
crete dots became stronger and more uniform 

These results indicate that a layer of recrystal- 
lized material was formed at the fracture surface 
The thickness of this layer appears to increase, and 
the size of the recrystallized grains to decrease, from 
position 1 to position 3. The increasing diffuseness of 
the Laue spots in the same direction indicates an in- 
creasing inhomogeneity of deformation in grain A 
below the recrystallized layer 

By considering the X-ray 
and 2 and their respective fractographs (Figs. 3 and 
4), it is apparent that there is a smaller amount and 
a thinner layer of recrystallization, and also less 
grain distortion beneath this layer, for the region of 
finer cell structure (Fig. 3) than for the region of 
coarse cell structure (Fig. 4) 

At position 4 the fracture was mixed and the de- 
formation of the grains was comparatively greater 
It will be seen on comparing Fig. 7 (position 4) with 
Figs. 5 and 6 that, whereas the Debye rings are 
continuous in the former, they are composed of dis- 
crete spots in the latter figures. Furthermore, Laue 
spots are no longer discernible in Fig. 7. This indi- 
cates that a rather thick layer of cold worked mate- 
rial was created in region 4 

The photogram of position 5, close to a flat sur- 
of the specimen, showed more diffuse Laue 


less 


spots 


results at positions 1 


face 
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spots and Debye rings of more uniform intensity 
than were seen in the photograms of position | (Fig 
5) or position 2. This observation bears out the ob- 
servation that in flat specimens the deformation is 
always more in the direction of the thickness than in 
that of the width. 


Table |. Summary of Laue Back Reflection Observations 


Pe- 
sition 


Debye Rings 


in 
Pig. 1 Grain Laue Spots 


and diffuse 


i A fairly sharp, indicate weak 
slight asterism (Fig show slight recrystalli 
zation 
2 A broader, more diffuse more continuous than 
than at position 1 at position 1, show re 
crystallization 
5 A extremely diffuse (Fig increasingly well-de 
6) fined, show more re 
erystallization than at 
land 2 
4 A none (Fig. 7) complete rings 
5 A more diffuse than at of greater intensity 
positions | and 2 than at positions 1 and 
6 A similar to position 5 similar to position 5 
7 A show intermediate sharp but not continu 
breakdown ou more recrystalli 
zation thar at posi 
tions 1,2,3,5, and 6 
8 A severe asterism but none 
much less than at po 
sition 12, grain B 
w B almost absent, Fig. &, much more complete 
compare with position than at position 1, Fig 
1, Fig. 5 5, more extensive re 
crystallization 
10 B complete absence, com- similiar to position 9 
pare with position 2, 
grain A 
11 B severe asterism, Fig. 9 sharp but not continu 
compare with position ous, more recrystalliza 
7. grain A tion than at position 7 
12 B extreme asterism, none 


much more than at po 
sition 8, grain A 


Laue photograms of positions 9 (Fig. 8) and 10, 
located on the fracture surface of the other half of 
the specimen, grain B, in contrast to Fig. 5, consisted 
almost entirely of Debye rings. Fig. 8 also contains 
very faint and diffuse Laue spots. Metallographic 
examination showed that grain B deformed much 
more severely than grain A. Other Laue photo- 
grams, taken on the flat surfaces of grains A and B, 
e.g., region 11, Fig. 9, support this observation 
(Positions 7 and 11 are at the immediate edge of 
the fracture). 


Fig. 12—Tested to fracture in tension at room temperature 
The segments of the jagged granular crack path in the right 
hand grain correspond to the directions of slip planes in the 


same grain. Note heavy slip in upper left grain. Stress 
vertical. X150. Reduced approximately 30 pct for repro 
duction 


TRANSACTIONS AIME 


— 
| 
‘ J 
> 
“ 


Fig. 13—Tested to fracture in tension at room temperature 
The formation of intercrystalline crack is associated with 
the occurrence of heavy slip bands. Note folds in upper 
grain. X250. Reduced approximately 30 pct for reproduction 


Photograms of positions 1 and 9, in grains A and 
B of the fracture surfaces, respectively, were simi- 
lar in appearance to those of regions 7 and 11, re- 
spectively. (Compare Figs. 8 and 9). These photo- 
grams confirm that a thin layer under the fracture 
surface was recrystallized. The asterism of the Laue 
spots in the photogram of region 12, grain B, was 
much more extensive than in region 8, grain A 

The above metallographic and X-ray observations 
describe grain boundary fracture surfaces which are 
almost perpendicular to the specimen axis, the area 
of these surfaces being large compared to the area 
of the entire fracture surface. 

Intercrystalline Fracture Surfaces of Nonhori- 
zontal Boundaries—In this section fracture along 
nonhorizontal surfaces will be described. Also con- 
sidered is fracture along surfaces which contain 
horizontal segments, the area of these segments 
being small compared to the entire fracture surface 

Fig. 10 is a fractograph from an inclined grain 
boundary surface. Although the appearance of this 
surface was similar to those in Figs. 3 and 4, it will 
be noted that the cells are much finer and the differ- 
ence in level between the dark and white areas 
much less in Fig. 10. Faintly visible in Fig. 10 are 
bands which appear either dark or white, and lie in 
the lower left to upper right direction. Examina- 
tion of many inclined fracture surfaces indicated 
that the direction of these bands coincides with that 
of grain boundary sliding. This observation sug- 
gests that these bands were produced by rubbing 
between the sliding surfaces after partial fracture 

There are actually two types of inclined surfaces 
to be considered. One, having a dull appearance, has 
coarse fracture facets and shows a greater difference 
in level between plateaus and valleys; whereas the 
other, having a bright appearance, is finer and 
shows a smaller difference in level. This distinction 
results in part from different degrees of rubbing 
during cracking and separation. The Laue photo- 
grams for these two types of surfaces are shown 
respectively in Figs. 11A and 11B. Fig. 11A, taken 
on a dull surface, the formation of which was ac- 
companied by less rubbing action, shows a thick 
and completely recrystallized layer (because only a 
very few faint and diffuse Laue spots can be seen) 
On the other hand, Fig. 11B, from a surface formed 
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by greater rubbing action, shows only a thin layer 
of recrystallization and intense Laue spots 

The fracture surface of a grain boundary parallel 
to the specimen axis appears very bright to the un- 
aided eye. As for the inclined boundaries, the 
brightness of the vertical fracture surfaces must re- 
ult from considerable rubbing along these surfaces 
during shearing-off along them 

Fractographs of limited horizontal surface areas, 
ituated in the interior of the cross section of the 
specimen, when compared to the fractograph of a 
broad horizontal area, Fig. 4, showed that the dif- 
ference in level between the plateaus and valleys is 
greater for the former type of boundary. Laue 
photograms obtained for such a surface were simi- 
lar to that shown in Fig. L1A 

Fracture in Tension at Room Temperature—A 
round specimen, having the same heat treatment as 
those used for the creep tests, was pulled in ten- 
ion at room temperature in order to establish 
whether this alloy would fracture in the same inter- 
crystalline manner at a lower temperature and a 
higher strain rate. For the same purpose, two speci- 
mens, which fractured partially in creep at 500°F in 
an intercrystalline manner, were pulled to com- 
plete fracture at room temperature 

The photomicrograph in Fig. 12 shows the inter- 
crystalline cracks along two of the nearly vertical 
grain boundaries (stress vertical) joined to each 
other through the grain at the right by a jagged 
path. The branches of this jagged crack were found 
to be parallel to the faint slip lines in this grain. It 
is extremely interesting to note that the intercrys- 
stalline crack detours around the stronger triple 
point region by fracturing through the grain, Such 
a behavior was not observed at 500°F. 

Fig. 13 shows that cracking of a grain boundary 
is intimately related to the positions of the heavy 


Fig. 14—Fractograph of a nearly horizontal boundary of a 
specimen fractured at room temperature. To the right of 
the large white area is another boundary. Note fineness of 
structure. X500 Enlarged 10 pct for reproduction 
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Fig. 15-—-A schematic drawing to show crack propagation 
from the right, along a boundary surface. Very frequently 
the crack at the boundary initiates cracks in groin B in the 
neighborhood of the boundary 


slip bands. Cracking of the boundary was initiated 
at those places which are intersected by the heavy 
slip bands; the cracks progressed laterally. The bot- 
tom boundary (not shown in Fig. 13) of the lower 
grain was a part of the completely fractured sur- 
face. These heavy slip bands terminated in the in- 
terior of the lower grain of Fig. 13, and this indi- 
cates that the intercrystalline crack in Fig. 13 had 
formed before the fracture occurred along the bot- 
tom grain boundary of the lower grain. Had this not 
been so, the heavy slip bands would probably have 
crossed the entire grain. Therefore, it is probable 
that the heavy slip bands are an integral part of the 
cracks along this grain boundary. It will be seen that 
there is no heavy slip band deformation in the upper 
“grains, across from the cracked boundary of Fig. 13 
In view of this fact, it seems that the cracks were 
formed as a result of stress concentration or a pile 
up of dislocations at the points of intersection of the 
slip bands with the grain boundary. Of interest are 
the deformation markings (folds) present in the 
upper grain. At the positions of these folds the 
lateral intererystalline crack 
slowed temporarily due to partial yielding which 
provided some relief of stress; in these regions, the 
grain boundary has not opened up as much 

Some features associated with fracture at room 
temperature should be noted. The deformation in 
the grains is uniform. The heavy slip bands shown 
in Figs. 12 and 13 occurred in regions close to the 
fracture zone. Even in this region the heavy slip 
bands are much narrower than those formed at 
500°F. Fold formation is sharply restricted, and the 
deformation in the grains, along the grain bound- 
aries, is very much limited. This observation shows 
that grain boundary sliding, if any, was also very 
limited. The fracture surface appeared to be dull 
and coarse, except the nearly vertical boundaries 
which were bright as a result of shearing-off. The 
fractographs of the inclined and horizontal bound- 
ary surfaces were similar to that in Fig. 4. The 
structure of the fracture surfaces of the specimens 
that were initially tested at 500°F, at which tem- 
perature some intercrystalline cracking occurred, 
and later tested to fracture at room temperature, 
showed a mixture of fine and coarse regions 

In most cases, the structure of the fracture sur- 
faces produced in tensile tests appeared to be fine 
and flat in regions close to another grain boundary 
and resembled that shown in the lower portion of 
Fig. 3. This lower portion was close to the speci- 
men edge. The Laue photograms of the room tem- 
perature fracture surfaces showed diffuse rings 


propagation was 


Discussion 
It has been shown in a previous paper* that inter- 
crystalline cracks may be initiated either as a re- 
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sult of restriction to grain boundary sliding, or by 
a bending stress created when two grains, sharing 
the same boundary, deform by different amounts, 
and realignment of the specimen is necessary during 
deformation. The latter method of crack initiation is 
due to the inability of the grain boundaries to trans- 
mit strain or deformation. Fig. 13 is another ex- 
ample of this method 

The cracks so initiated propagate along grain 
boundaries along which the highest normal stress is 
exerted. The fracture surface would be expected to 
be quite smooth if the path of the fracture was con- 
fined to the grain boundary surface. Figs. 3 and 4 
show clearly that the fracture surfaces are composed 
of cells in the form of plateaus and valleys. The ob- 
servations on fracture surfaces formed at room tem- 
perature indicate further that cracks can form along 

lip bands in addition to propagating along grain 
boundary surfaces. Hence, the fracture surface 1s 
not smooth. That part of the fracture which resides 
in the grains usually follows segments of slip planes 

The path of such a crack is schematically shown 
in Fig. 15. 

In Fig. 15, if one assumes that a grain boundary 
crack has occurred at a triple point to the right of 
the figure, high normal stress results in fracture 
along the boundary at local points of greater imper- 
fection. Shearing along slip planes, as indicated by 
the arrows, results in new cracks parallel to the 
boundary, forming the valleys. In the final step, 
separation of the inclined surfaces occurs as a result 
of crack enlargement. This combination of steps re- 
sults in the cell-like fracture surface 

Subsequently, depending on the height of the 
cells and the angle of boundary to the tensile stress, 
varying degrees of rubbing or smearing occur which 
account for some of the visual and X-ray observa- 
tions 

The thickness of the heavily deformed layer has 
been estimated on the basis of mass absorption co- 
efficients of this alloy for CrKe radiation. For the 
intensity of X-rays to be reduced to 10 pct of its 
original value, the thickness of this layer is 40x10° 
cm. In the case of coarse structure in which only 
Debye rings show up, the thickness of the heavily 
deformed layer would be greater than 40x10° cm 
This estimation of the thickness of the heavily de- 
formed layer is, in general, in agreement with the 
values obtained by Perryman’ by a continuous 
electropolishing method. The important difference 
between the results of Perryman and the current 
work is that Perryman was working with a material 
of almost no ductility at the temperatures of test, 
whereas the Al-20 pct Zn alloy showed up to 14 pet 
elongation on fracture at 500°F. The higher ductility 
of this alloy undoubtedly accounts for the bigget 
difference in thickness of deformed material com- 
paring horizontal and inclined or vertical bound- 
aries than was observed by Perryman 

Furthermore, in ductile materials, shear may oc- 
cur simultaneously with the propagation of a crack 
(see Fig. 13). As a result, smearing of the cells 
would result and intensify the deformation noted 


Summary and Conclusions 


1. Intercrystalline fracture surfaces from Al-20 
pet Zn alloys are neither smooth nor flat, but are 
made up of cells in the form of valleys. There are 
invariably deformation markings on these plateaus 
and valleys of the cells 
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2. The size of these cells and the depth of the 
valleys depend on the orientation of the boundary 
surfaces with respect to the tension direction and 
also on the geometry of the other grain boundaries 

3. The structure is fine and the surface bright 
(small cells and shallow depth) for boundary sur- 
faces inclined or parallel to the tension axis. The 
structure is coarse and the surface dull (large cells 
and large depth) for horizontal boundaries 

4. Study by the back reflection Laue technique 
shows that a layer of material, either heavily cold 
worked or recrystallized, is invariably created in 
regions immediately adjacent to the fracture sur- 
face. The fractured surfaces produced in tensile 
tests at room temperature show a cold worked layer 
while the fracture surfaces produced by creep tests 
at 500°F show either a heavily deformed layer or 
a recrystallized layer, or both, depending on the 
grain boundary orientation and the history of the 
crack progress 

5. On the basis of the experimental evidence 
that fracture can occur in this material along heavy 


slip bands as well as by intercrystalline means, a 


mechanism is proposed to explain the observed 


phenomena 
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Recovery of Cold Worked High 
Purity Al-Mg Alloys 


The recovery of X-ray line broadening, hardness, and electrical resistivity from 
cold worked Al-Mg alloys has been investigated. The results, together with those 
from density measurements, suggest that magnesium atoms freeze in the excess 
vacancies formed by cold working, and that this affects the climb of dislocations 


during the recovery process. 


by E.C. W. 


REVIOUS work’ * has shown that while 1 pet Mg 

increases the activation energy for recrystalliza- 
tion, it decreases the activation energy for the re- 
covery of mechanical properties and decreases the 
ubgrain size both after cold working and anneal- 
ing. A similar result has been reported by Varley’ 
for an Al-2 pet Mg alloy. With plastic deformation 
at high temperatures, McLean and Farmer’ and 
Rachinger’ have found that magnesium appears to 
retard the motion of dislocations and, furthermore, 
they find little or no effect of magnesium on the 
size of subgrains formed during high temperature 
In view of the apparent contradictions 
ubgrain size, the 


deformation 
as to the effect of magnesium on 
recovery process in Al-Mg alloys has been investi- 
gated more thoroughly by studying the annealing 
out of X-ray line broadening, hardness, and electri- 
cal resistivity from alloys cold worked at 
temperature 


room 
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Perryman 


Material Used—The chemical analyses of the 


alloys are given in Table I 


Fabrication—The material used was cold rolled 
20 pet at room temperature, the grain size prior to 
the last cold rolling operation being similar to that 
work;” Le., ~2304. The experi- 
mental procedure for annealing, determination of 
X-ray half-peak breadth, hardness 
electrical resistivity, and density and metallographic 
exactly the same as previously 


used in previou 


measurement, 


examination wa 
described.” 


Variation of X-Ray Half-Peak Breadth with An- 
nealing Time— Isothermal! annealing curves at 100°, 
200°, and 250°C were obtained for material cold 
worked 20 pet. The half-peak breadth of the (333) 
Ka, line directly after cold working is shown as a 
function of magnesium content in Fig. 1. Only with 
the 2.87 pet Mg alloy was overlapping of the a, and 
observed to any appreciable extent. To 
method’ was used 


a, reflection 
eparate these, Rachinger’s 

Typical isothermal annealing curves are shown in 
Figs. 2 and 3 for 100° and 200°C, respectively 
These curves are similar to those obtained previ- 
ously for super-purity aluminum except that the 
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hardness as a func- 
i ”, tion of magnesium 
content for material 
+” ~ cold worked 20 pct 
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annealing time necessary for complete recovery” 1s 


* The time of annealing necessary to reach a constant value of the 
property being measured without recrystallization occurring 
drastically reduced by the first small magnesium 
addition and thereafter is independent of magne- 
sium content. The final steady value, especially at 
low annealing temperatures, increases with mag- 
nesium content as shown in Table II 

It is apparent frorn Table II that as the annealing 
temperature is increased, the final recovered value 
becomes almost the same as that obtained for 
uper-purity aluminum. It is thought that this is 
due to a decreasing subgrain size with increasing 
magnesium and decreasing temperature. By plot- 
ting the logarithm of the time to give a certain per- 
centage change in line breadth against the recipro- 
cal of the absolute temperature, an activation 
energy of 18,000 cal per g-atom was obtained. 

Variation of Hardness with Annealing Time—Iso- 
thermal softening curves at 250°C are shown in 
Fig. 4. The arrows on these curves give the anneal- 
ing time at which new recrystallized grains were 
first observed. At this point they were very small, 
2u, and very few in number—possibly 3 or 4 could 
be seen in 1 sq in. As observed previously," hard- 
ness takes a longer time to recover than does half- 
peak breadth, but its recovery time is very much 
less than was observed previously for super-purity 
aluminum, A summary of the times for complete 
recovery of hardness and half-peak breadth is 
given in Table Hl 

The final hardness after complete recovery was 
much greater after annealing at 100°C than after 
annealing at the higher temperatures, especially for 
the 2.87 pet Mg alloy, which is possibly a subgrain 
size effect 


“4 

oom 287% Mg 

a } 


ANNEALING TIME (MINS 


Fig. 2—Variation of X-ray half-peak breadth with annealing 
time at 100°C, cold worked 20 pct 
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Metallographic Examination— Directly after cold 
working, subgrains were observed in the 0.1 pct 
and 0.2 pet Mg alloys but not in those of higher 
magnesium content. These subgrains were about 
1 and 2, in size with very little contrast between 
them, indicating that the orientation difference be- 
tween adjacent subgrains was very small. After an- 


Table |. Analysis of Materials in Percentages 


Fe 


0.001 0.003 0.001 0.001 
0.11 0.003 0.001 0.001 
0.20 0 00% 0.001 0.001 
0.51 0.003 0.001 0.001 
099 0.003 0.001 0.002 
2.487 0.003 0.001 0 002 


nealing, the deformation bands became split up into 
subgrains, and the contrast between adjacent sub- 
grains increased, indicating an increasing difference 
in orientation. Once sharp subgrains had been 
formed, no sign of subgrain growth with increasing 
annealing time was observed. The subgrain size 
decreased with increasing magnesium content as 
shown in Figs. 5, 6, 7, and 8, and decreased with de- 
creasing annealing temperature (see Figs. 6 and 9) 


Table Il. Final Steady Recovered Values of X-Ray Half-Peak 
Breadth in Minutes of Arc 


Tempera Super 
ture, purity Al 01 Pet Mg 0.5 Pet Mg 287 Pet Mg 
100 4} “4 42 60 
200 20 41 ‘4 42 
250 26 $1 $2 
30 33 


After annealing at 100°C, subgrains could not be 
seen in the 1 pet and 2.87 pet Mg alloys. Fig. 10 
shows the subgrain diameter as a function of mag- 
nesium content for material completely recovered 
at 250°C 

As in previous work’”* it was found that after re- 
covery subgrains could not be seen in certain 
grains. It is possible that subgrains were present 
but could not be detected microscopically because 
the orientation difference between them was too 


~ 


PEAX BREADTH MNS OF AAC 
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Fig. 3—Variation of X-ray half-peak breadth with annealing 
time at 200°C, cold worked 20 pct 


TRANSACTIONS AIME 


; 
| 
6 ; 5 208 
Me = si ca 
PY 
iV 
* : 


Table III. 


0.1 Pet Mg 


Superpurity Aluminum 


100 120,000 1,500 
200 125 5,000 6 
48 90) 2 


Time for Complete Recovery, Min 


Recovery of Al-Mg Alloys Cold Worked 20 Pct 


0.5 Pet Mg Pet Mg 


Annealing Half Hall. Half. Half 
Temperature Peak Peak Peak Peak 
Breadth Hardness Breadth Hardness Breadth Hardness Hreadth Hardness 


2.000 4,000 2.000 4,000 
6 50 6 60 
2 25 4 40 


small. By microhardness testing these grains were 
found to be as soft or slightly softer than those 
grains showing well ‘defined subgrains. This hy- 
pothesis was confirmed by taking an X-ray micro- 
beam? back reflection photograph from a subgrain- 


The tube was constructed according to the design of Ehrenberg 


ind Spear 
free grain, using an X-ray focal spot size of about 
254. This gave a broken-up ring (see Fig. 11). 
Additional X-ray microbeam photographs were 
taken from the series of specimens which had been 
recovered at 250°C. Spotty rings were obtained 
from all the alloys except for that containing 2.87 
pet Mg. From the number of diffraction spots on 
these photographs it was clear that the subgrain 
size decreased with magnesium content in the way 
shown in Fig. 10 

Electrical Resistivity and Density Measurements 

The electrical resistivity was measured: 1) di- 
rectly after cold working 20 pet; 2) after a recovery 
anneal of 2 min at 300°C, a treatment known to 
be sufficient to anneal out the line broadening; and 
3) after a complete recrystallization anneal of 1 
hr at 450°C. The results are given in Table IV 


Table IV. Electrical Resistivity Measurements 


Pet Al-0.5 Pet Al-2.87 Pet 
Mg, ,20°C, Mg, ,t0°C, Mg, ,20°C, 
Metallurgical Microkm Microhm Microhm 
Condition cm Cm 


Directly after cold 
working 20 pet 2 
2 min at 300°C 27104 
1 hr at 450°C 27 


4.3961 
42734 
42761 


2.7140 2.9361 
2.9262 
2.9234 


In the range investigated, the electrical resis- 
tivity of fully recrystallized material is a 
function of magnesium content, and the slope gives 
0.51 microhm-cm per atomic pet Mg, which com- 
pares favorably with the figure of 0.46 given by 
Robinson and Dorn.” Fig. 12 shows the percentage 
change resistivity produced by cold 
working 20 pet, with the percentage 
change produced by the recovery anneal—-both as 
a function of magnesium content. The percentage 


linear 


in electrical 
together 


(p pi) 
change by recovery is given by 100 
(p pr) 


where p, is the electrical resistivity of cold worked 
material, p, the electrical resistivity of 
material, and p, the electrical resistivity of fully re- 


recovered 


crystallized material 

work with 
showed that there was no measurable change in 
density after cold working 20 pet. Further density 
measurements were done on the 2.87 pct Mg alloy 


Previous super-purity aluminum‘ 
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because it was thought that the results shown in 
Fig. 12 might be explained in terms of vacancies. 
For these measurements the density of the cold 
worked material was determined, the specimen was 
then fully annealed (completely recrystallized) and 
etched to remove the oxide film, and the density 
redetermined. The results are given in Table V 

It will be seen from Table V that, while there are 
small differences in density between each sample in 
all four experiments, there is a constant decrease 
of about 0.02 pet produced by cold working 20 pet 


Fig. 4—Variation of * 
hardness with an 
nealing time at 


250°C, cold worked 45 
20 pct. BR. stands * 
for beginning of re 2 40 


crystallization 


40 100 120 


Fig. 5—Superpurity aluminum, cold worked 20 pct and an 
neoled for | hr at 250°C. Electropolished and etched in a 
25 pct HNO,, 2 pct HF, and 73 pct H.O solution. Micrograph 


taken with phase contrast microscope. X1000 Reduced ap 


proximotely 5 pct for reproduction 
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Fig. 6—AI-0.5 pet Mg, cold worked 20 pct and annealed 
for | he at 250°C. Electropolished and etched in a 25 pct 
HNO,, 2 pct HF, and 73 pct H,O solution. Micrograph taken 
with phase contrast microscope. X1000. Reduced approxi- 
mately 5 pct for reproduction 


‘ 


a pts 


Fig. 8-—Al.2.87 pct Mg, cold worked 20 pct and annealed for 
1 he at 250°C. Electropolished and etched in a 25 pct HNO,, 


2 pet HF, and 73 pct H.O solution. Micrograph taken with 
phase contrast microscope. X1000. Reduced approximately 
5 pct for reproduction 


It was shown in a previous paper* that only part 
of the increase in electrical resistivity produced by 
cold working was annealed out during recovery and 
it was concluded that the part annealed out was due 
to vacancies. The work of Molenaar and Aarts" 
suggests that vacancies in aluminum diffuse rapidly 
at room temperature, so that after cold working at 


Table V. Change in Density on Annealing 2.87 Pct Mg Alloy 


Density, G per Ca Cm, 10% 
Pet Decrease 


Speet Cold in Density 
men Werked Annealed After Cold 
Ne 0 Pet 1? te 450°C Working 

1 2.66127 2.66175 0.018 
2 2 660900 2 46167 0.029 
5 2.66110 2.66167 0.021 
4 2.66015 2. 66073 0.022 


room temperature the excess concentration of va- 
cancies and hence the increase of electrical resis- 
tivity will be very small. Seitz” has suggested that 
it may be possible to restrain the movement of 


1250—JOURNAL OF METALS, OCTOBER 1956 


& 
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Fig. 7—Al-1 pet Mg, cold worked 20 pct and annealed for 
1 hr at 250°C. Electropolished and etched in a 25 pct HNO,, 
2 pet HF, and 73 pct H.O solution. Micrograph taken with 
phase contrast microscope. X1000. Reduced approximately 
5 pet for reproduction. 


Fig. 9—AI-0.5 pet Mg, cold worked 20 pct and annealed 
for 8 days at 100°C. Electropolished and etched in a 25 pct 
HNO,, 2 pet HF, and 73 pct H.O solution. Micrograph 
taken with phase contrast microscope. X1000. Reduced 
approximately 5 pct for reproduction 


vacancies by the presence of impurity atoms. In 
the case of magnesium, which has a much larger 
atomic diameter than has aluminum, it would be 
reasonable if vacancies clustered around the solute 
atoms, for by this means the strain energy around 
the magnesium atom would be decreased. Thus, it 
is suggested that the magnesium atoms effectively 
freeze-in the excess vacancies formed by cold 
working so that they cannot anneal out at room 
temperature. With increasing magnesium content 
the excess concentration of vacancies produced dur- 
ing cold working will increase, and so the resultant 
increase in electrical resistivity for a given amount 
of cold work will be larger. Similarly, on recovery 
the recoverable part of the electrical resistivity will 
also increase. These ideas are supported by the fact 
that after cold working no measurable density 
change was observed for super-purity aluminum; 
whereas a decrease of 0.02 pct was observed for the 
2.87 pet Mg alloy. If we assume that the complete 
increase in electrical resistivity of the 2.87 pct Mg 
alloy is due to vacancies, and that one vacancy is 
equivalent to one magnesium atom, then the excess 
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Fig. 10—Subgrain 
size after annealing 
at 250°C for 1 hr, 
cold worked 20 pct 


afl 
« 


Fig. 12—Fractional 
change of electrical 
resistivity produced 
“rf by cold working 20 
pct and the per 
centage of this in- 
e crease which is an 
nealed out at 300°C 
for 2 min, both as a 
function of mag- 
nesium content 


> 


concentration of vacancies is 3x10" per cu cm, and 
the calculated density change is 0.06 pct, which is of 
the correct order of magnitude 

The X-ray and hardness results show that the 
time for complete recovery of half-peak breadth 
and hardness is drastically decreased by the pres- 
ence of small amounts of magnesium, and that any 
further increase in magnesium content has little 
effect. These results are in agreement with the 
view put forward previously” that during recovery 
dislocations climb out of the slip planes and become 
locked in the subgrain boundaries. In order for a 
dislocation to climb, it is necessary for vacancies or 
interstitials to diffuse to the dislocation and, by 
thus increasing the concentration of excess vacan- 
cies, the climbing process should be hastened, de- 
creasing the time for complete recovery. In the 
case of high temperature deformation such as that 
used by McLean and Farmer* and Rachinger’ any 
excess vacancies formed during plastic deformation 


Fig. 13—AI-2.87 pct Mg alloy stretched 2 pct 
duced approximately 10 pct for reproduction 


TRANSACTIONS AIME 


Fig. 11—X-ray microbeam back reflection photograph of 
super-purity aluminum cold worked 20 pct and annealed 
for | hr at 250°C. Taken from an area which did not show 
subgrains under the microscope. X8 


will probably be annealed out as fast as they are 
formed. Without an excess concentration of vacan- 
cies, the climb of dislocations will probably be re- 
tarded by the presence of the magnesium atoms 
In this instance, the magnesium will have the effect 
of retarding recovery 

The present results show that the subgrain size 
directly after cold working is decreased by mag- 
nesium to some value less than ly. This small par- 
ticle size probably contributes to the large amount 
of X-ray line broadening which was observed for 
the 2.87 pet Mg alloy. Gay et al.” have suggested 
that the subgrains in cold worked metals are the 
regions between slip bands. The present results are 
in keeping with this suggestion, for it was observed 
that on deformation at room temperature the slip 
bands in the 2.87 pet Mg alloy were more closely 
spaced than those in super-purity aluminum (see 
Figs. 13 and 14). It was much more difficult to see 
the slip bands in the 2.87 pet Mg alloy than in the 
super-purity aluminum, which indicates that the 
degree of slip per band was less on the 2.87 pet Mg 
alloy. Similar observations have been made by 
McLean and Farmer.’ 

In agreement with previous work," the results re- 
ported here show clearly that the subgrains in the 
cold worked state grow during the early stages of 
recovery. For example, while no subgrains are ob- 
served in the 1 pet and 2.87 pet Mg alloys after cold 
working, subgrains are clearly apparent after an- 
nealing. Furthermore, the microstructural changes 
can be simply explained by an increase in the dis- 
location density of the subgrain boundaries during 
recovery. This will increase the orientation differ- 
ence between adjacent subgrains and so increase 
the differences in level between them after etching 


Fig. 14—Superpurity aluminum stretched 2 pct. X100. Re 


duced approximately 10 pct for reproduction 
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It is considered that the present results confirm 
the idea put forward previously’” that the mobility 
of the subgrain boundary is high directly after cold 
working but decreases as the orientation difference 
between subgrains increases. On this hypothesis it 
is clear that the subgrain size would increase with 
increase in annealing temperature. Besides the mi- 
crostructural observations, the present X-ray re- 
sults indicate that this must be so. The fact that no 
subgrains could be seen in the 1 and 2.87 pet Mg 
alloys after annealing at 100°C suggests that the 
high final value of half-peak breadth after anneal- 
ing at 100°C is due to particle size broadening. It 
is generally considered that particle size broadening 
becomes effective at particle sizes less than 10° cm. 
Since the subgrains observed after annealing at 
250°C are greater than 10° cm, the recovered value 
of half-peak breadth (30 min at this anneal) can be 
taken as zero particle size broadening. By taking 
the difference between this and the recovered value 
at any lower annealing temperature, we can cal- 
culate the particle size from Scherrer’s formula, 


Ka 
B , where B is the angular broadening in 
X cos é 


radians, K is constant (1), A is wavelength of ra- 
diation, X is particle size, and @ is the Bragg angle 

Doing this for the 2.87 and 0.5 pet Mg alloys an- 
nealed at 100°C, we obtain particle sizes 0.1 and 0.3 
», respectively. Although these values appear 
slightly low, it would seem that the explanation for 
the variation of recovered half-peak breadth with 
temperature in terms of particle size broadening is 
a reasonable one 

The fact that subgrains could not be seen in some 
grains microscopically, although they were visible 


by X-ray microbeam technique, shows that the ori- 
entation difference between adjacent subgrains is 
dependent on the orientation of the original grains 
It is possible that the coarse subgrains which were 
observed in some grains in earlier work’ were 
formed by the growth of these slightly misoriented 
subgrains 

The fact that the time for complete recovery of 
line broadening is decreased by the first small mag- 
nesium addition, whereas the subgrain size de- 
creases continuously with increasing magnesium 
content, strongly suggests that the subgrain size is 
controlled by some factor other than the diffusion of 
dislocations. Demer and Beck” have shown that 
magnesium decreases the rate of primary grain 
growth, and it may well be that the same factor is 
affecting the rate of subgrain growth. A concentra- 
tion of magnesium at the grain and subgrain bound- 
aries could produce such a result. 
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Growth of External Copper Layers During 
The Internal Oxidation of Dilute Cu-Al 


Alloys in a Cu,O-Cu Pack 


The thickness of external layers of pure copper formed on Cu-Al alloys during 
internal oxidation from a Cu.O source is shown to be reiated to the amount of 
oxygen absorbed according to the dissociation reaction of Cu.O. No layers are 
formed during oxidation from NiO or CoO sources. Experimental data suggest that 
the Cu.O is vaporized as molecules, which are dissociated at the oxygen absorbing 


surface. 


by D. L. Wood 


NTERNAL oxidation of alloys has been investi- 
gated by Rhines’* and by Meijering and Druy- 
vesteyn.” Rhines showed that dilute Cu-Al alloys 
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can be internally oxidized without forming an ex- 
ternal scale by annealing in an oxygen partial pres- 
sure equal to the decomposition pressure of Cu,O 
The oxygen is supplied at the outside surface at a 
rate sufficient to maintain saturation of the surface 
with respect to oxygen. Oxygen diffuses inward and, 
at the interface between the subscale and the alloy, 
oxygen meets the solute and reacts to precipitate its 
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oxide. The rate of advance of the oxidation front is 
determined by the rate of arrival of oxygen at the 
interface 

Rhines observed that the oxide of the subscale is 
always absent in a narrow zone adjacent to the out- 
side surface of the metal. He explained this on the 
basis that a certain degree of supersaturation must 
be necessary before nuclei of the oxide will form. 

In a study of internal oxidation now in progress, 
specimens of copper with 0.22 and 0.84 wt pct Al 
were oxidized in a Cu,O-Cu mixture in a copper 
boat enclosed in an air-tight copper container. Fig. 1 
shows a typical outer layer observed on these speci- 
mens. Light and electron microscopic studies of this 
layer revealed no oxide particles, as shown in Fig. 2. 
Electron diffraction studies by Miss E. Alessandrini 
of the General Electric Co. Research Laboratory 
have established that the layer is pure copper. 

If the occurrence of this oxide-free layer is due 
to a necessity of supersaturation of one or other of 


Fig. 2—a, LEFT, X250, light 

micrograph, and b, RIGHT, j 
X4000, electron micrograph of ot 
outer layer of copper. Reduced — a) 


approximately 40 pct for re Zaof Wy 
production ra 


Fig. 3—Copper plus 0.84 wt pct Al oxidized at 1000°C: a, 


LEFT, 4 hr, and b, RIGHT, 8 hr. X100 
mately 35 pct for reproduction. 


Reduced approxi 
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Fig. |—Copper plus 0.84 wt pct Al internally oxidized for 16 
hr at 1000°C in Cu.0-Cu pack. Specimen was nickel plated 
X100. Reduced approximately 25 pct for reproduction. 


the elements as proposed by Rhines, then the layer 
thickness should not change during the course of 
internal oxidation, and should be independent of 
specimen thickness. Fig. 3 shows that the layer in- 
creases in thickness as internal oxidation proceeds 
in Cu + 0.84 pet Al. A tapered specimen, shown in Fig 
4, developed an outer layer whose thickness was 
proportional to the thickness of the specimen. These 
experiments suggest that the thickness of the layer 
is related to the amount of oxide formed within the 
specimen 

Fig. 5 shows the thickness of copper on 0.22 pct 
Al and 0.84 pet Al specimens of equal size upon 
complete internal oxidation. The layer on the 0.84 
pet Al specimen is approximately four times as thick 
as that on the 0.22 pet Al specimen 

These observation that the thickness of 
the copper layer formed is proportional to the 
amount of oxygen absorbed. If so, a specimen hav- 
ing considerable affinity for oxygen should form a 
layer of copper while a specimen having no affinity 
for oxygen should form no layer. Fig. 6 shows the 
results of annealing a 0.010 in. platinum wire and 
a 0.010 in. tungsten wire in a Cu,O-Cu pack. The 
wires were not in contact with the pack but, as in 
all experiments, were enclosed in an air tight con- 


indicate 


tainer 
The tungsten wire has been completely oxidized 
to WO,, which is held together by the layer of cop- 


per surrounding it. The platinum wire is unaffected 


by the treatment 
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Fig. 4—Copper plus 0.84 wt pet Al oxidized 16 hr at 1000°C 
Nickel plated. X75. Reduced approximately 40 pct for re 
production 


~ 
Pr 


‘ re 
ad 


Fig. 5—Specimens completely internally oxidized: a, LEFT, 
copper plus 0.22 pct Al oxidized 4 hr at 1000°C; b, RIGHT, 
copper plus 0.84 pct Al oxidized 16 hr at 1000°C. Nickel 
plated. X100. Reduced approximately 35 pct for reproduction 


duced approximately 10 pct for reproduction 
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Fig. 6—a, Platinum, on the right, and tungsten wires, both originally 0.010 in. diam, held at 1000°C for 16 hr in Cu.0-Cu pack, 
approximately X6; b, the platinum wire; and c, the tungsten wire nickel plated and photographed at approximately X100. Re 


An experiment was devised to find whether or not 
the original surface of the sample coincides with 
the surface after oxidation. Platinum and tungsten 
wires, both 0.010 in. in diam, were wound tightly 
around cylindrical specimens of pure copper and of 
Cu +0.84 pet Al. Fig. 7 shows the typical appear- 
ance of these cylinders after annealing for 16 hr at 
1000°C in a Cu,O-Cu pack 

These cylinders were nickel plated and sectioned 
to show the relation of the final surface to the orig- 
inal position of the wires. In Fig. 8 it can be seen 
that the bottom of the tungsten wire on the left 
marks the original surface. The copper layer on the 
Cu-Al alloy surface is continuous with the copper 
layer on the tungsten, and is external to the original 
surface 

On the pure copper specimen shown in Fig. 9, no 
evident layer is built up on the copper itself, but 
the tungsten is copper coated. Although in both 
samples the platinum wires have retained nearly 
their original diameter, they have reacted by diffu- 
sion with copper from the sample. The voids formed 
at the Cu-Pt interface are similar to those discussed 
by Kueczynski and Alexander,’ and show that copper 
diffused into the platinum from the sample. The fact 
that intergranular porosity occurs in the region ad- 
jacent to the wires only in the Cu-Al specimen is 
not explained at the present time 

Wire samples of tungsten and platinum were 
placed in a NiO-Ni pack in a nickel container and 
oxidized at 1000°C for 16 hr. The tungsten wire de- 
creased in diameter as WO, formed and volatized; 
the platinum wire was unchanged. These wires are 
shown in Fig. 10 

A specimen of Cu+0.84 pct Al was annealed in 
a NiO-Ni pack for 16 hr at 1000°C for internal oxi- 
dation. No surface layer was observed on this spec- 
imen, shown in Fig. 11. Similar experiments carried 
out in CoO-Co packs showed no surface layers 

It is evident that the copper layer forms on a 
sample only during the process of absorbing oxygen 
from a Cu,O source. In this absorption of oxygen it 
is necessary for the Cu,O molecule to be dissociated 
Dissociation of the Cu.O according to the reaction 
Cu,O = 2Cu+O (dissolved) would free two copper 
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Fig. 7—Cylinder of 
copper plus 0.84 pct 
Al with 0.010 in 
platinum, bottom, 
and 0.010 in. tung 
sten wires annealed 
16 hr at 1000°C in 
Cu.0-Cu pack. X10. 


Fig. 8—Copper plus 0.84 pct Al with 0.010 in. W, left, and 
0.010 in. Pt annealed for 16 hr at 1000°C in Cu.0-Cu pack 
Nickel plated. X75. Reduced approximately 30 pct for re 
production 


Fig. 9—Copper with 0.010 in. W, right, and 0.010 in. Pt 
annealed for 16 hr at 1000°C in Cu O-Cu pack. Nickel 
plated. X75. Reduced approximately 30 pct for reproduction 


atoms for each oxygen atom. If this dissociation 
occurred at vaporization it is probable that nearly 
all of the free copper would deposit on the copper 
particles in the Cu,O-Cu pack. However, if the 
Cu.O were vaporized as molecules from the pack, 
and then dissociated at the surface of the oxidizing 
material, it is probable that the free copper would 
be deposited at the surface of the sample. The 
amount of copper resulting from the dissociation of 
the amount of Cu,O necessary to supply oxygen for 
the formation of Al,O, can be calculated. This cal- 
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Fig. 10—Tungsten, bottom, and platinum wires, both orig 
inally 0.010 in., oxidized in NiO-Ni pack for 16 hr at 1000°C 
X5. Reduced approximately 5 pct for reproduction 


Fig. 11—Copper plus 0.84 pct Al oxidized 16 hr at 1000°C 
in NiO-Ni pack. Nickel plated. X150. Reduced approxi 
mately 5 pct for reproduction 


culation shows that the thickness, T, of the copper 
layer for strips may be expressed by T ~ 3.5*10 
tC, where t is the thickness of the strip and C is the 
concentration of aluminum in weight percent. For 
wires T 3.5*10° rC, where r is the radius of the 


wire 


Table |. Comparison of Actual Measurements and Calculated 
Thicknesses of Copper Layers, In 


Specimen Measured ( aleulated 


0 099 in. strip 0 #4 pet Al Ix! 1.15x10 
0.039 strip 022 pet aA ‘x 0 10 
0 020 in. wire 0 84 pet Al 0 20x10 


The thicknesses measured on the specimens shown 
in Figs. 5 and 12 are compared with the calculated 
values in Table I. The amount of oxygen required 
to saturate the copper has been neglected in these 
calculations, since it is only about 3 pet of the 
amount required to oxidize the aluminum 
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Fig. 12-—-Copper plus 0.84 pct Al oxidized at 0.020 in. for 
4 hr at 1000°C in Cu,0-Cu pack. Nickel plated. X150 
Reduced approximately 5 pct for reproduction 


The amount of copper deposited is, within experi- 
mental limits, the amount supplied by the Cu,O 
upon dissociation. The absence of layers in internal 
oxidation from a NiO or CoO source suggests that 
these oxides are dissociated at vaporization, and that 


the oxygen is carried to the oxidizing surface inde- 
pendently of the metal atoms. 


Summary 

In the internal oxidation of Cu-Al alloys an outer 
layer of pure copper is formed if the oxygen source 
is Cu,O. No outer layer is produced by oxidation by 
NiO or CoO 

The thickness of the layer formed is related to the 
amount of oxygen absorbed in solid solution or 
required for oxidation by the specimen according 
to the dissociation reaction of Cu,O. Thus, in oxida- 
tion from Cu,O, no evident layer of copper is formed 
on pure copper or on platinum specimens, but an 
appreciable layer is formed on tungsten 

The experimental data suggest that Cu,O is va- 
porized as molecules, and that these molecules are 
dissociated at an oxygen absorbing surface. 
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Crystal Structure of Delta-Prime Plutonium 


And the Thermal Expansion Characteristics 
Of Delta, Delta-Prime, and Epsilon Plutonium 


The 5’ plutonium is found to be body-centered-tetragonal with two atoms per unit cell 

at 000 and ‘2, '2, '2. The unit cell dimensions at 477 C are a 3.339 + 0.003A and c— 4.446 
' 0.007A, which lead to a calculated density of 16.01 g per cu cm. Each plutonium atom is sur- 
rounded by 12 others at a mean distance of 3.275A. The linear coefficient of thermal expan- 
sion perpendicular to the c-axis is 10° «, 305 * 35 per C, and parallel to the c-axis is 10° « 
659 + 67 per C. The average linear coefficient, (2u, + «,)/3, is equal to 10° «, 18 

28 per C. The linear coefficient of themal expansion of face-centered-cubic 5 plutonium is 


found to be 10° «, 
1.1 per 


A BRIEF description of the thermal expansion 
characteristics and of the four known crystal 
structures among the six allotropes of plutonium 
has been covered in a summarizing report on plu- 


FH. ELLINGER, Member AIME, is associated with Los Alamos 
Scientific Laboratory, University of California, Los Alamos, N. M 
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by F. H. Ellinger 


86 * 03 per C, and of body-centered-cubic « plutonium 10° «, — 36.5 


tonium by E. R. Jette.’ A detailed description of the 
crystal structure and thermal expansion of y plu- 
tonium has been published 

The present paper deals with the crystal struc- 
ture of & plutonium, and with the thermal ex- 
pansion of 4, & and « plutonium, as determined by 


X-ray diffraction methods 
The X-ray diffraction patterns were taken in Uni- 
cam high temperature powder cameras using fil- 
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Fig. 1—Curve of lattice con- = a } 
stant vs temperature for 5 
plutonium. < 4.634} 


tered CuK radiation (wavelengths: a, 1.54051A, 
a 1.54433A). The powder sample was composed of 
metal filings (99.97 pct purity) mixed with a small 
proportion of pure silver powder and was contained 
in an evacuated vitreous silica capillary tube. The 
silver powder served for temperature measurement 
by means of its lattice constant determined for each 
film by graphical extrapolation of the high angle 
lines using the Nelson and Riley function.’ The tem- 
perature corresponding to each lattice constant was 
taken from the lattice constant vs temperature data 
of Hume-Rothery and Reynolds.* The uncertainty in 
each lattice-constant measurement of the silver was 
less than +0.0002A, which 
+2°C uncertainty in the temperature. The variation 
in the temperature during an exposure (40 hr, 
Eastman-type A film) was controlled to +1°C. 

The purity of the silver in the X-ray specimens 
was evidently not affected by heating for long 
periods of time at temperatures up to 550°C. This 
was indicated by the lattice constant of the silver at 
25°C subsequent to heating, which was the same as 
prior to heating, within the limits of error of the 
measurements. The plutonium might have picked up 
trace amounts of silver or impurities from the silica 
capillary, which will be discussed under the & 
phase; however, it evidently did not pick up any 
appreciable amount of impurities as judged by the 
reproducibility of the lattice constant of the 4 phase 
after the sample had been at temperatures up to 
550°C for more than 1000 hr. The plutonium filings 
always become coated with a thin layer of oxide, 
either PuO or a mixture of PuO and Pu,O,-Pu,O, as 
a result of heating in the evacuated capillary. 


col responds to about 


Plutonium 
plutonium crystallizes in a cubic-close- 
Its sta- 
+4°C, as 


The 4 
packed structure” * typical of many metals 
bility range extends from 319° +5 to 451 
indicated by dilatometric data.’ 

For the determination of the thermal expansion 
coefficient of 4, 66 lattice 
constant were made over the temperature range 
317° to 440°C, using eight different specimens and 
two different cameras. Exposures were made subse- 
quent to both heating and cooling of the specimen 
The lattice constant values were determined by the 
graphical extrapolation method, using the Nelson 
and Riley function.” 

The lattice constant data, shown in Fig. 1, 
fitted by the least-squares method to a straight line 
giving the equation 
a 4.63790 + 0.00012 (4.01% 0.15) 10°(t 300) 
where t is in °C and the uncertainties are standard 
deviations. The mean linear coefficient of expansion 
for the range 320° to 440°C is 


10° a, 8.6 + 0.3 per °C 
the percentage standard deviation being * 3.7 pet 


measurements of the 


were 
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DELTA PLUTONIUM 


6 ) 380 400 
TEMPERATURE °C 

The lattice parameter of 46 plutonium at 320°C 
as calculated from the equation is 4.6371+0.0004A, 
which leads to a calculated density of 15.92 g per 
cu cm 

Plutonium 

The & plutonium was found to crystallize in a body- 
centered-tetragonal structure with unit cell dimen- 
sions of a 3.339+0.003A and e 4.446+ 0.007A at 
477 C. There are two atoms per unit cell in the 
positions 000 and ‘2, %, %. The structure may also 
be described in terms of an alternate face-centered- 
tetragonal unit cell containing four atoms. This al- 
ternate cell can be derived from a close-packing 
arrangement of atoms by a slight compression along 
the [001] direction. It is isotypic with the structure 
of quenched y manganese.’ The diffraction data of 
& at 477°C are shown in Table L. In no case were 
reflections observed at higher angles than are listed 
in the table. This is attributed mainly to the large 
temperature effect on the scattering factor of plu- 
tonium, which becomes appreciable in the 6 phase 
temperature range 


Table |. X-Ray Diffraction Data for 5’ Plutonium at 477°C 
Radiation: 
Indexes Sin Intensity 
Face Hody 
Cen Cen 
tered tered 
Tetrag Tetrag Caleu- 
onal onal Observed Calculated Observed lated* 
111 101 0 0840 0 O84 Strong 43 
oo 110 01074 0.1070 Medium is 
002 O02 0.1216 0.1204 Weak 6 
20 200 oO2141 02140 Weak plus 5 
202 12 02277 0.2274 Medium 10 
1] 21 02074 0.2976 Medium 14 
11 103 0.4247 0.4244 Weak 5 
222 202 0 3342 04444 Weak 5 
20 
la FY 


The coordination and interatomic distances of & 
are given in Table II and, for comparison, those of 
y, 6, and « plutonium. The atomic volume change as 
a result of the 4 to 4 transformation i 0.10 pet, 


and as a result of the 4 to « transformation is —3,.05 
pet 
For the determination of the thermal expansion 


characteristics of 4’, 23 measurements of its lattice 
constants were made over the range 465° to 484°C 
Apart from one measurement on each of two speci- 
men were obtained with a single 
specimen which wa in this tem- 
perature range during the course of the X-ray ex- 
Jecause of the absence of high angle lines 
patterns, the lattice constants 


all measurement 
cycled five time 


posure 
on the diffraction 
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were determined from the corrected spacings of the 
low The silver in the specimen 
served as the internal standard for finding the 


angle reflections 


corrections 

Contrary to the expectation of observing & at 
451 +4°C, the temperature of the é to 4 transforma- 
tion indicated by dilatometric data, X-rays did not 
reveal the presence of 4 until about at 465°C. It was 
found that at 450°C a small proportion of « forms, 
which coexists with 6 up to about 465°C where the 
metal transforms largely to 4. A small amount of 4 
and « continues to coexist with 4 up to about 485°C, 
the proportion of 6 decreasing and the proportion of 
« increasing as the temperature is raised. Between 
465° and 490°C the metal transforms completely to « 

This alloylike behavior may be attributed to the 
fact that 4 is very sensitive to impurities. As little as 
0.15 wt pet of impurities will eliminate this phase 
from the metal resulting in a mixture of 4 and « 
being observed between 450° and 485°C. In fact, & 
was not discovered until 1953, when higher purity 
plutonium first became available and the presence 
of a new allotrope was noted on a dilatometric curve 
by E. M. Cramer.” It is known that the surfaces of 
plutonium filings do pick up trace amounts of im- 
purities when heated in an evacuated silica capil- 
lary, which contamination could explain the be- 
havior of the X-ray specimens, whereas the be- 
havior of the more massive dilatometer specimens 
would be relatively unaffected by surface contami- 
nation. Because the pickup of impurities by the 
metal causes 6 and « phases to replace 4’, it is be- 
lieved that 4 does not take into solid solution any 
appreciable amount of impurities 


Coordination and interatomic Distances of the 
Plutonium Allotropes 


Table 


Effective 
Dis Coordi- Average 
Temper tance nation Distance, 
ature, °C. Alletrope Coordination A Ne 
210 Ortho Pu-4 Pu 4.021 
rhombic Pue2 Pu 4.160 10 4.155 
Pu 286 
Ortho Pu $041 
rhombic Pu-2 Pu $154 10 4.165 
Pu-4 Pu $204 
Face-cen Pu-12 Pu 1279 
tered -cubk 
12 3.279 
a0 Pu-l2 Pu $275 12 $275 
Hody -cer Pu-# Pu 1.249 
tered -tet 12 41.275 
ragonal Pu-4 Pu $327 
Body cer Pu-8 Pu 1.239 
tered-tet 12 3.275 


al 


ragor 


-cen Pu-8 Pu 
tered -cubl« 
‘ 3.149 
550 ‘ Pu-# Pu 3.156 4 3.156 
The 4 lattice-constant values, shown in Fig. 2, 


were fitted to straight lines by the least-squares 
method giving the equations 


460) 
460) 


0.0018 + 
0.0047 


(10.14 + 1.16) 10° (t 
(29.56 + 3.01) 10° (t 


a 3.3220 + 
c 4.4969 


where ft is in °C and the uncertainties are standard 
deviations. Between 465° and 485°C the mean linear 
coefficient of expansion perpendicular to the c-axis 


is 


10° a., 305 + 35 per °C 


and parallel to the c-axis is 
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Fig. 2—Curve of lattice constant vs temperature for 5’ plu- 
tonium 


10° a, 659 + 67 per “C 


The standard deviations correspond respectively to 
* 11.5 pet and + 10.2 pet uncertainty. For an aggre- 
gate of randomly oriented grains the average linear 
coefficient, expressed by a (2a, + a.) /3, Is 


10° a; 16 + 28 per & 


the percentage standard deviation being very 
large because a, is so small compared to a, and a 

This value is considerably different from the value 
of a 120x10* per °C reported earlier,’ which 
was obtained by dilatometric means, in which orien- 
tation would have a marked effect. In view of the 
large coefficients, one negative and one positive, 
along the two different crystallographic directions, 
it is easily understood how a slight amount of pre- 
ferred orientation in the dilatometric specimen 
could give deceptive values for the linear coefficient 
of expansion. Since the dilatometric specimens were 
prepared from castings, the presence of some pre- 
ferred orientation in them is very probable 
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Fig. 3—Curve of lattice constant vs temperature for « plu 
tonium 
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The lattice constants of 8’ plutonium at 465°C as 
calculated from the equations are a 3.327+0.003A 
and c = 4.482+0.007A, which lead to a calculated 
density of 16.00 g per cu cm 


« Plutonium 

The « plutonium crystallizes in a body-centered- 
cubic structure with two atoms per unit cell at 000 
and %, %, Its temperature range of stability ex- 
tends from about 485° up to 639°+2°C, the melting 
point of plutonium.’ 

For the determination of the thermal expansion of 
«, 25 measurements of the lattice constant were 
made over the range 486° to 552°C. All measure- 
ments except one were made with a single speci- 
men which was cycled three times in this tempera- 
ture range during the course of the measurements 
As was done with 4’, the lattice constants were also 
determined from low angle lines, the positions of 
which were corrected by means of the silver inter- 
nal standard. The data, shown in Fig. 3, were fitted 
to a straight line by the least-squares method, giv- 


ing the equation 
a 3.63479 + 0.00017 (13.25+ 0.39) 10° (t —480). 


The mean linear coefficient of expansion for the 
range 490° to 550°C is 


10° $6.5 21.1 per “C 

the percentage standard deviation being *3.0 pet 

The lattice constant of « plutonium at 490°C as 
calculated from the equation is 3.6361 + 0.0004A, 
which leads to a calculated density of 16.51 g per cu 
cm 
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Neutron Diffraction 


Textures in Drawn 


Body-Centered-Cubic Metals 


The annealing textures of cold-drawn molybdenum, iron, and an iron base alloy 


Study of Annealing 


containing 14 pct Al were investigated as a function of annealing temperature by 
using neutron diffraction techniques. Upon recrystallization, the | 110! deformation 
texture was retained in all cases, and the texture became progressively sharper with 
increasing annealing temperature. At high temperatures, however, in the case of 
molybdenum, a new texture appeared. An anomalous diffraction effect was ob 
served for iron; certain (110) plane orientations yielded more integrated intensity 
than others. Consideration of the problem showed a magnetostrictive effect to be 
improbable, and a hypothesis concerning the preferred distribution of grains deviat 
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ing from the ideal |110! orientation is proposed. 


by R. A. Swalin and A. H. Geisler 


HIS study represents an investigation of the effect 

of annealing temperature on the texture of drawn 
molybdenum, iron, and an iron alloy containing 14 
pet Al. The effect of temperature on annealing tex- 
tures has not been widely investigated in the past 
One of the obstacles in making such a study using 
usual X-ray diffraction techniques results from the 
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difficulty in comparing textures in materials with 

large grain size. Because of the relative transparency 

of most metals to neutrons, however, neutron dif- 

fraction techniques can be usefully adapted, since 

large diameter samples may be used in the inves- 

SAMPLE tigation. Because of this, reflections from a large 
i, number of grains can be obtained 

Early studies have shown that body-centered- 

t*. cubic metals are represented by a simple [110] tex- 

ture upon drawing It was also observed that 

. i tungsten and molybdenum retained their [110] de- 

/ formation texture when annealed at low tempera- 

tures, although a [100] annealing texture has also 

Pb MONOCHROMATOR 

| been reported for molybdenum.” Iron wires, as well 

as iron containing 2 pet V or 2 pct Si, retain the 

[110] texture when annealed at 580° and 800°C 

\ ; There is no information available concerning the 

sharpness of these textures as a function of anneal- 


PILE 


Fig. |—Schematic representation of the arrangement of the 
neutron diffraction apparatus 


ing temperature. 


Experimental Procedure 


The materials used in the study were treated in 
the manner described below 
Molybdenum—The molybdenum was arc melted 
in vacuo and cast in the form of a 5 in. diam ingot 
which was then hot-formed to % in. rod. The rod 
on was hot swaged and drawn to 0.070 in. diam, with 
the temperature progressively dropped from an 
initial temperature of 1300°C to a final temperature 
of 700°C. The wire was cold-drawn to 0.030 in 
diam. Analysis showed that the carbon and oxygen 
contents of the material were 0.04 pct and less than 
0.003 pet, respectively 
lron—Carbony] iron powder, grade L, was pressed 
into a bar 3x1x% in. at 50 tons per sq in., pre- 
sintered at 1000°C, and sintered at 1200°C for 16 
hr. The sintered bar was swaged and drawn to a 
final diameter of 0.025 in 
Fe-14 Pct Al—The Fe-Al alloy was prepared by 
Grouno induction melting under argon. The alloy was cast 
to 2 in the form of a % in. diam ingot in an argon atmos- 
ANOLE PROD phere and was swaged and drawn at 800°C to 0.100 
in. The bar was then cold-drawn to 0.025 in 
The wire samples were annealed in vacuo at the 
temperatures and durations of time shown in Table 
I. The grain sizes of the samples are also shown. 


as 


ann 2000 °C 


as Swacto 


Fig. 2—(110) neutron diffraction traces for 0.030 in. diam 
Mo wire in the as-drawn and annealed states, showing that 
the texture is largely retained in the annealed condition 


Table |. Annealing Data 


Anneal Tempera- Anneal Grain Diam, 


Material tere, °C Time Mm 


Mo As-drawn 0.002, Fibers 


Mo 1100 2 hr 0.01 
1000 Mo 2000 2 hr 0.13 
Fe-Al As-drawn 0.002, Fibers 
Fe-Al 600 1 he 0 008 
Fe-Al 800 he 0.06 
‘ Fe-Al 1000 lhe 0.12 
100 Fe-Al 1200 hr O16 
Fe As-drawn 0.004, Fibers 
. Fe 600 l he 0.02 
Fe 750 1 he 0.08 
+ Fe 875 1 he 0.08 
cy. 
ey wo 
ie : Metallographic examination indicated that complete 
«0 
- recrystallization had taken place in all cases, as 


evidenced by the formation of equiaxed grains from 
encuenoue the fine, fibrous, as-drawn structure. There was no 
ro ~ 0 evidence of discontinuous grain growth, although it 

could have been missed as a result of the large 


1200 * 


temperature interva! 
Suitable neutron diffraction samples were pre- 
pared by grouping enough 2 in. long pieces of wire 


Fig. 3—(110) neutron diffraction traces for 0.025 in. diam 
Fe.14 pet Al wire in the as-drawn and annealed states, show 
ing the effect of 600° and 1200°C anneals 
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into a bundle to form a % in. diam cylinder. Ap- 
proximately the same amount of wire was used in 
each bundle of a given material to facilitate com- 
parison. A cylindrical specimen was mounted in an 
integrating pole figure goniometer similar in design 
to the one used for X-ray diffraction,’ only consid- 
erably larger. The goniometer was designed to 
rotate the sample continuously about its cylinder 
axis during an experiment. A BF, gas proportional 
counter was situated at the proper 2 @ angle for 
measuring (110) reflections. The geometry of the 
setup is shown schematically in Fig. 1. The inten- 
sities of the reflections were measured as a function 
of rotation about axis A-A, with the angle set equal 
to zero when the axis of the cylinder was in the 
plane of the paper. The wave length of neutrons 
was about 1.02A 


Results 


The (110) traces obtained are shown in Figs. 2 
to 5, with the background level indicated on each 
figure. A simple [110] deformation texture was 
observed for all three materials, as indicated by the 
intensity maxima at 0°, 60°, and 90 

As shown in Fig. 2, the [110] texture is main- 
tained for molybdenum annealed at 1100°C, but is 
considerably weaker than the deformation texture, 
as indicated by the drop in intensity and spreading 
of the peaks. Upon annealing at 2000°C, the [110] 
texture becomes sharper, but another component 
also appears. The proper definition of this com- 
ponent cannot be made on the basis of one trace, but 
unpublished work of the authors concerning tex- 
tures in tungsten indicates clearly that a [320] 
texture develops at high temperatures. Since molyb- 
denum generally behaves similarly to tungsten, and 
since the component that develops in molybdenum 
exhibits many of the features of a [320] texture 
(evidence of peaks at 11°, 54°, 67°, and 79°), it 
seems reasonable to assign this orientation to it 

The traces for the Fe-14 pct Al alloy are plotted 
in Figs. 3 and 4. Simple [110] annealing textures 
are obtained at all temperatures studied. Annealing 
at 600°C resulted in a weaker texture than for the 
as-drawn alloy. The texture progressively sharpens 
with increasing annealing temperature and becomes 
sharper than the original deformation texture at 
1200 C 

Fig. 5 indicates that for iron the intensity at 0 
increases with annealing temperature, while that at 
60° decrease A glance at the width of the peaks 
indicates, however, that the texture sharpens pro- 
gressively with annealing temperature. The apparent 
anomaly in the relative intensities is believed to be 
due to scattering anomalies primarily in the as- 
drawn material, and will be discussed later in more 
detail. Unlike molybdenum and the Fe-14 pet Al 
alloy, no textures were obtained which were weaker 
than the deformation texture. Perhaps this is be- 
cause low temperatures were not 
tigated in the case of iron. 


enough inves- 


Discussion 


The retention of the [110] deformation texture 
upon recrystallization is consistent with past work, 
although the [100] texture found for molybdenum 
by Fujiwara was not confirmed.’ A new high tem- 
perature texture, previously unreported, appears in 
molybdenum. This retention of the deformation 
texture upon recrystallization does not necessarily 
imply that there was no reorientation of the new 
grains relative to the matrix upon recrystallization 
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Fig. 4—(110) neutron diffraction traces for 0.025 in. diam 
Fe-14 pct Al wire annealed at 800° and 1000°C. 
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Fig. 5—(110) neutron diffraction traces for 0.025 in. diam Fe 
wire in the as-drawn and annealed states 


FIBER AXIS 


Fig. 6—Pole figure representing a hypothetical distribution 
of grains in the as-drawn condition 
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Studies made on aluminum wires which when re- 
crystallized maintain the original [111] deformation 
texture indicated that reorientations were involved 
and could be described as rotations about the [111] 
pole parallel to the fiber axis 

The observed effect of annealing temperature on 
texture can be explained on the oriented-growth 
principle if it is assumed that the activation energy 
of grain boundary migration is a function of the 
misorientation between grains In the oriented- 
growth theory it is assumed that nuclei of all orien- 
tations are present in the deformed metal and the 
ones that grow are so favored by having rapid 
growth rate compared to their neighbors due to 
their special orientation. The assumption might well 
be made that the increased sharpness of the texture 
with increased annealing temperature resulted from 
preferential growth of grains oriented with a [110] 
axis parallel to the wire axis 

Without assuming a variation of activation energy 
of boundary migration with orientation, the ob- 
erved weakening of the deformation texture upon 
annealing at low temperatures as well as the devel- 
opment of a new high temperature texture for mo- 
lybdenum cannot be explained by simple oriented- 
growth principle It has been assumed in the past 
that the activation energy for boundary migration 
is independent of orientation difference between 
grain but recent work by Aust et al.” indicates 
that the activation energy may have a strong de- 
pendence on orientation difference. Because of the 
lack of quantitative information concerning relative 
zrain size, interfacial free energy, and grain bound- 
ary migration rates as functions of orientation, it Is 
not possible to explain the results in a unique 
fashion on the basis of either oriented-growth o1 
oriented-nucleation principles 

The anomalous diffraction effects in iron shown 
in Fig. 5 will now be considered. As stated earlier, 
the intensity of the peak at 0° appears to increase 
with annealing temperature, while that at 60° ap- 
pears to decrease. The results can be compared in 
“a more quantitative fashion by correcting the peak 
intensities at 0° and 60° for the solid angle through 
which the reflecting planes are spread relative to 
the fiber axis, as suggested by Jetter, McHargue, 


and Williams.” Thus 
[1] 


Siav 


l 


where m is the multiplicity for the given peak and 
I is the intensity at a given solid angle, ¥; m equals 
4 for the 60° peak and 1 for the 0° peak. Eq. 1 can 
be simplified by transforming ¥ into two mutually 
orthogonal angles, the azimuthal angle a and the 
angle of rotation 8, about the axis A-A indicated in 
Fig. | 
It can be shown that 


I sin Bdfda 2n I sin Bdp 
Thus, from the condition stated by Eq. 1 


My I sin [3] 


peat peak 


The relative areas in arbitrary units computed by 
I sin 8 vs B and integrating graphically are listed in 
Table II in the columns labeled as uncorrected, for 
the case of the iron wire. The areas for the 60 
peaks are divided by 4. Only the 0° and 60° areas 
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for a given trace can be compared, since the sample 
sizes were not precisely the same, The 0° and 60 
peak integrated intensities are not equal for a given 
annealing treatment, though Eq. 3 indicates they 
should be equal. This is partly due to the change 
in diffraction geometry as the wire is rotated dur- 
ing an experiment. Since the trace obtained for 
material annealed at 875°C represents diffraction 
by well-annealed material with a strong [110] tex- 
ture, it is assumed that the main discrepancy in this 


Table Integrated Intensities for 


Integrated Intensity Integrated Intensity 


for 0° Peak for 60° Peak 
neor Cor Uneor Cer- 
Treatment reeted rected rected rected 
As-drawn 1736 1.0 $495 1.3 
Annealed, 600° 1647 1.0 2995 12 
Annealed, 750° 1588 10 2676 1.1 
Annealed, 875°¢ 1332 1.0 2036 1.0 


case is caused by diffraction geometry, and that the 
correction factor applied for this is also applicable 
to the other results. The results after making this 
correction are listed in the columns labeled cor- 
rected. Comparison of the corrected columns for 
the 0° and 60° peaks shows that the scattering con- 
tribution to the 60° peak becomes progressively 
greater relative to that at 0° at a given temperature 
as the annealing temperature is dropped, until there 
is about a 30 pct discrepancy in the case of the as- 
drawn wire. From this it appears that the neutron 
scattering is greater from the (110) planes inclined 
at 30° from the fiber axis than perpendicular to it 
for the as-drawn metal 

Two factors may be considered as being respons- 
ible for this discrepancy, a) a magnetostrictive 
effect, and b) a preferred distribution of deviating 
grains in the as-drawn state. These are discussed 
in turn 

Magnetostrictive Effect—It is well known that an 
applied elastic stress on a ferromagnetic crystal will 
tend to line up the atomic magnetic moments 1n a 
special direction, the direction depending on the 
stress vector. Thus, it might be supposed that there 
are residual stresses in the as-drawn wire as a re- 
sult of the drawing operation that could influence 
the magnetization and hence be detected by neutron 
diffraction techniques. 

The general expression for the differential scatter- 
ing cross section of a magnetic ion for unpolarized 
incident neutron radiation is represented by the 
equation 


= C’ + D’q [4] 


where F is the differential scattering amplitude, C 
is the isotropic nuclear scattering amplitude, D is 
the magnetic scattering amplitude, and q l 

(e°K)*, with e being the unit scattering vector and 
K representing a unit vector parallel to the mag- 
netic moment vector of the magnetic ion Values 
of C and D have been calculated by Shull et al 

for iron, so the magnetic scattering contribution to 
the 0° and 60° peaks for different magnetization 
directions may be calculated using Eq. 4. Avail- 
able evidence indicates that the magnetic moments 
have a high probability of being aligned along cube 
edges in iron In Table HI the magnetic scatter- 
ing contributions to the 0° and 60° peaks are listed 
for the following three limited cases: 1) random 
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distribution of moments along cube edges, 2) all 
moments along the cube edges inclined at 45° to 
[110] fiber axis, and 3) all moments along the cube 
edges at 90° to [110] fiber axis. Though unlikely, 
all moments along the [110] direction parallel to 
the fiber axis is a fourth alternative 


Magnetic Contribution to Diffraction Peaks for Various 
Magnetization Directions 


Table til 


Parallel 
Peak Random 45° wor to Fiber Axis 
0 8 6 pet 6.5 pet 12.9 pet 0 
60 86 pet 9.7 pet 6.5 pet 9.7 pet 


From Table III it is seen that only when the 
moments are parallel to and 45° from the fiber axis 
are the calculated contributions in the observed 
direction. Since all moments would probably not be 
aligned in the directions assumed, the actual dif- 
ferences in magnetic scattering are probably too 
small to account for the observed effect. It thus ap- 
pears unlikely that a magnetostrictive effect repre- 
sents an important contribution 

Preferred Distribution of Deviating Grains in the 
As-Drawn State—-When metals are plastically de- 
formed, the individual grains tend to become 
aligned with a definite crystallographic relation- 
ship to the direction of flow. Considerable attention 
has been devoted to attempting to understand the 
manner in which the orientations are achieved 
To date, however, little quantitative information 
has become available as to the details concerning 
the rotation of grains during the drawing operation 
and it is not known how grains deviating from the 
ideal orientation are distributed. Two types of 
distributions that could account for the apparent 
anomaly are discussed below 

As mentioned earlier, a [320] component of the 
annealing texture for molybdenum seems to de- 
velop. The [320] texture is characterized by inten- 
sity maxima at about 11°, 54°, 67°, and 79° on a 
(110) trace. If a broad [320] component already 
existed in the deformation texture of iron, a broad- 
ening of the 0° and 60° peaks would result. The 
overlap between the 54° and 67° contribution also 
could increase the 60° maximum. If the [320] com- 
ponent tended to disappear upon annealing, results 
similar to those shown in Fig. 5 would be obtained 


An alternative type of distribution which would 
correlate with Fig. 5 is shown in Fig. 6. If grains on 
the as-drawn metals tended to be aligned along 
the ridges indicated by the heavy tapered lines, 
with a distribution qualitatively represented by the 
width of the line, a contribution to the 60° peak on 
the (110) trace would result 


Conclusions 

1) The body-centered-cubic metals investigated 
all have simple [110] deformation fiber textures 

2) Upon recrystallization, the deformation tex- 
ture is retained and becomes progressively sharper 
with annealing temperature. At high temperatures, 
as in the case of molybdenum, new textures may 
develop, presumably as a result of grain growth 
after recrystallization 

3) Some interesting intensity anomalies are ob- 
served in the case of iron. Certain (110) plane ori- 
entations yield more integrated intensity than 
others, A magnetostrictive effect of the observed 
magnitude is shown to be improbable. The hypo- 
thesis of a preferred distribution of grains deviating 
from the ideal [110] orientation is proposed 
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embrittlement of steels has recently 


attracted much attention because it is asso- 
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ciated with a variety of failures, especially those of 
aircraft structural components.'” For instance, one 
of the undesirable properties of the ultra-high 
trength steels used for landing gears is their pro- 
nounced susceptibility to hydrogen embrittlement 
during plating. The presence of hydrogen in these 
teels becomes particularly apparent through de 
layed or sustained load failures of parts which have 
been subjected to low loads for an extended time 

A number of variables are involved in causing a 
reduction of strength and ductility through hydrogen 


OCTOBER 1956, JOURNAL OF METALS—1263 


| 
J 


400 
oo 
J. 
200 + + _ 
ial 
© TENSILE STRENOTE 
i i 
10 20 30 “6 59 


Fig. 1—Presence of hydrogen and its effect on the stress- 
strain relation to the maximum load is shown in plot of ten- 
sile tests of hydrogen embrittled steel bolts 


embrittlement. Prominent among these are the rate 
and duration of loading and the stress system 
Conventional mechanical tests have been used to 
determine the effects of hydrogen embrittlement on 
the strength and ductility of steels. Most of these 


tests, however, are not adequate for a quantitative 


evaluation of the phenomenon, and in some instances 
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Fig. 2-—Bend speci 
men for evaluation 
of hydrogen embrit 
tlement. SAE steel 
No. 1050, Re 48 

Ends of the specimen 0 ? 
were rounded off by 
grinding to a semi 
circle 


Tateral Deflecti 
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they are not even qualitatively adequate This is 
because the quantities measured in these tests in- 
volve many other physical factors of complex nature 
which tend to cloud the significance of the results. 
Perhaps the regular tensile test is most typical in 
this respect.” In this test hydrogen embrittlement is 
evidenced largely by a decrease in the reduction of 
area at fracture. The tensile strength is nearly un- 
affected even in the case of severe hydrogen embrit- 
tlement, for it is generally found that the presence 
of hydrogen in steels does not alter the stress-strain 
relation to the maximum load, i.e., the tensile 
trength in this test, as is shown in Fig. 1. The high 
value of reduction of area in the tension test gen- 
erally observed cannot be considered as a true 
measure of notch sensitivity, which is of major im- 
portance to the subject of hydrogen embrittlement. 
Frequently the reduction of area is found to be high 
for steels which are known to be notch sensitive.” 

In the tension test the stress state is a uniform 
uniaxial tension only until necking occurs, prior to 
fracturing. In the notch-tensile test the stress state 
is one of high triaxial stresses associated with a 
high stress gradient. It is desirable to study hydrogen 
embrittlement in a test where the stress gradient is 
present while the accompanying triaxiality Is only 
mild. The bending of thin strips satisfies these re- 
quirements 

For the present study, therefore, a simple bend 
test was devised in which a thin strip is bent as a 
column. This test permits accurate measurement 
of the fracture strains of a steel over a wide range 
of embrittlement conditions. This test is further 
characterized by a nearly linear increase in strain 
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Fig. 3—Fixture used for bending tests 
ture load, and decrease in separation of the anvils of the 
bending fixture were observed in the tests. 


Maximum load, frac 


Fig. 5—Test results illustrated 
by a through d indicate the re 
lations among different quan 
tities measured independently 
of the degree of embrittlement 
The test results confirm the 
observation that the presence 
of hydrogen has practically no 
effect on the stress-strain rela 
tions of a high strength steel, 
but that it determines only the 
termination of the stress-strain 
curve or fracture point.” The 
moximum strain’ vs height 
curve, Fig. 5d, is essentially 
linear, so that the total de- 
crease in height at fracture is 
a good measure of the ductility 
of the specimen, as it is di 
rectly convertible into percent 
age of elongation at fracture 
In the graphs, symbols repre 
sent: circles, virgin specimen |; 
triangles, virgin specimen II; 
squares, embrittled specimen |; 
and half circles, embrittled 
specimen II. 
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Fig. 4—Tension 
specimen for evalu 
ating hydrogen em 
brittlement, ma- 
chined from the bolt 
AISI steel No. 8740, 
Re 50 
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+: aa of strain rate on the ductility of bend speci- Fig. 7—Effect of strain rate on the ductility of bend speci- 
mens. 


with reduction in column height and is, therefore, 
a constant strain rate test. This is in contrast to 
most bend tests which are constant bend radius tests 
and are thus equivalent to sustained load tests.’ 

Among the difficulties encountered in studying 
hydrogen embrittlement is the evaluation of the 
large number of pertinent variables and the scat- 
tering of the test data. In order to achieve a desired 
rate of progress without sacrificing accuracy and 
completeness, it becomes necessary to test a very 
large number of specimens. This in turn requires 
that the selected test method be inexpensive. The 
bending test developed here meets this requirement 

In the present report, tensile and bend test results 
obtained in a study of hydrogen embrittlement in- 
duced by cathodic treatment in a solution of sodium 
hydroxide are presented. The principal variables 
which have been examined include: 1) current 
density and time of charging, 2) strain rate, and 
3) recovery temperature and time 

The material selected for the bend test was an 
Fig. 8—Effect of time of electrolysis on embrittlement in 10 SAE 1070 steel, obtained in the form of flat strips 
pet NaOH at 30°C at varying current densities and fixed 0.500x3.000 in. These were supplied in the heat- 
strain rete treated condition, having a hardness of Rc 48 
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The bend specimen is shown in Fig. 2. All sur- 
faces were carefully ground. In order to test speci- 
mens of relatively high ductility, it was necessary 
to round off the ends by grinding to a semicircle 

The fixture used for the bending tests is illus- 
trated in Fig. 3. In the tests, the maximum load, the 
fracture load, and the decrease in the separation of 
the anvils of the bending fixture were observed. The 
last-mentioned value is a measure of the ductility 
of the strip specimen, as is discussed subsequently 

A few additional tests were performed on tension 
specimens machined from bolts of SAE 8740 steel 
and heat-treated to a hardness of Rc 50 

The tensile test specimen obtained by grinding 
the bolt is illustrated in Fig. 4. 

The tension tests were performed with an adapter 
used for testing commercial bolts 

The general procedure established was as follows: 
The specimen was impregnated with hydrogen and 
either tested immediately or stored prior to testing 
in a mixture of acetone and solid CO, for no more 
than 3 hr. As is discussed later, storing for several 
hours at —75°C in acetone and dry ice did not seem 
to alter the effects of hydrogen embrittlement on 
subsequent testing at room temperature 

Despite this controlled 
scattering of test results was encountered, particu- 
larly at intermediate levels of hydrogen embrittle- 
ment. For this reason, frequently two to four parallel 
tests were performed when it appeared necessary 
and the average value plotted in the graphs. 

Determination of Ductility in the Bending Test— 
In order to establish a true measurement of ductility 
in the bending test, four experiments on both virgin 
and embrittled specimens were first performed. In 
these experiments the following quantities were 
measured at close intervals: load, decrease in height, 
deflection from the centerline, and radius of curva- 
ture at the concave side of the bend. Since the 
specimen was a thin strip with a large slenderness 
ratio when used as a column (about 175), the usual 
assumption of strain distribution in pure bending 
may be made. Based upon such strain distribution, 


procedure, considerable 


the maximum elongation of the outside fiber may 
be computed from the radius of curvature at the 
bend.* 


* The mathematical analysis of the specimen deformation is too 
lengthy to present here. It has been developed and presented as a 
report to Watertown Arsenal by K. N. Tong.’ 


The test results in Fig. 5a to 5e clearly indicate 
that there exist unique relations among the different 
quantities measured independently of the degree of 
embrittlement. They confirm the observation that 
the presence of hydrogen has practically no effect 
on the stress-strain relations of a high strength 
steel, but that it does determine only the termina- 
tion of the stress-strain curve or fracture point.’ 
Because of this unique relation, fracture strain at 
the outside fiber can be obtained for all specimens 
from the decrease in column height (Fig. 5d). The 
maximum strain vs height curve is essentially 
linear, so that the total decrease in height at frac- 
ture is a good measure of the ductility of the speci- 
men, as it is directly convertible into percentage of 
elongation at fracture. 


Embrittlement Equipment and Procedure—To in- 
troduce hydrogen into the specimens apparatus was 
used consisting of a current source, current regulat- 
ing and measuring networks, and four electrolysis 
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Fig. 10—Effect of current density on embrittlement in 10 pet 
NaOH for 120 min 
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Fig. 11—Effect of time of electrolysis on embrittlement in 10 
pet NaOH solution at 447 ma per sq in. 


solution of high purity 
electrolyte, platinum wire as 
embrittled as 
immersed in a water bath 
Immediately before 
the specimens were carefully 


cells. The cell 
sodium hydroxide a 
anodes, and the specimens to be 
cathodes. The cells were 
having a temperature of 30°C 
treatment in the cell 
polished with 1/0 emery paper and degreased with 


used a 10 pet 


carbon tetrachloride 
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strain rate. In recent 
ment in the tension test, it ha 


ignificant test 
effects of 
of hydrogen embrittle- 


The most 
tudy concern the 
tudie 

been reported that 
hydrogen embrittle- 
reaches a maximum, and then 
to thi in the bend 
more complex embrittlement response is 
6 and 7) 


train rate decrease 
increase 


In contrast 
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ment first 
decrease 
test 
served (Fig 
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For cathodic treatments which are mild, embrit- 
tlement did not develop within the range of strain 
rates investigated. As the times of cathodic treat- 
ment are increased (Fig. 6), hydrogen embrittle- 
ment passes first through a maximum and then a 
minimum value as the strain rate is reduced. At still 
higher hydrogen contents (Figs. 6 and 7), a gradual 
decrease in ductility occurred, moving from a con- 
tant high value at high strain rates to a constant 
low value at low strain rates. Finally, for the most 
vere cathodic treatments, the ductility remained 
low at all strain rates (Fig. 7) 

It is interesting to note that both the upper and 
lower limits of ductility appear to depend only 
lightly upon the hydrogen loading conditions. The 
ignificant fact that the effects of a given hydrogen 
content can neither be entirely eliminated nor in- 
creased beyond limiting values needs investigation 


Effects of Hydrogen Loading Conditions—It is 
clear from the foregoing discussion that the effects 
of hydrogen loading conditions on a sensitive me- 
chanical property cannot be definitely established 
by tests conducted at a single fixed strain rate. De- 
pending upon the strain rate, the test results may 
be insensitive either to the effects of small or of 
large quantities of absorbed hydrogen. The present 
study shows this to be particularly true for the 
effect of duration of cathodic treatment at a given 
current density (Fig. 8). The dependence of hydro- 
gen embrittlement on the current density was estab- 
lished completely only for one strain rate. How- 
ever, results of a few tests at other strain rates also 
followed the general pattern discussed previously, 
according to Fig. 9 

The basic effects of current density and loading 
time on the development of hydrogen embrittle- 
ment obtained in bending tests on the spring steel 
strip were also confirmed by tensile tests on the 
bolting steel, as shown in Figs. 10 and 11. The re- 
duction of area of this steel varied with the condi- 
tions of hydrogen loading in much the same manner 
as the bending ductility of the spring steel 


Recovery at Different Temperatures—Several 
series of tests were conducted in which hydrogen- 
embrittled specimens (200 ma per sq in. current 
density, 40 min) were held for different times at a 
given temperature, The temperatures selected were 
room temperature (air), 2°C (ultrazene, cooled in 
ice), and —75°C (acetone/dry ice). The results of 
these tests scattered within very wide limits and, 
therefore, are not reported in detail 

The effect of temperature on the recovery from 
embrittlement, nevertheless, was clearly apparent 
Approximately 50 pet of the specimens recovered 
to a ductility half way between that of the non- 
embrittled and embrittled condition, respectively, 
at the following times: room temperature (20°C), 
approximately 1 hr; 2°C, approximately 2 hr; and 

75°C, approximately 1 day 

Practically no gain in ductility was observed 
within the following times: room temperature 
(20°C), approximately 1 min; 2°C, approximately 
3 min; and —75°C, approximately 3 hr 

It can be seen from these tests that the spring 
steel recovered at a rapid rate at room temperature 
On the other hand, appreciable recovery did not 
take place during the prolonged testing periods at 
room temperature. For instance, the ductility of 
severely embrittled specimens remained very low 
when rates of straining extended the test time to 
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a period of several hours (Fig. 10). In the case of 
less pronounced embrittlement, the low hydrogen 
content necessitated a test period of several days 
and yet its presence could still be definitely estab- 
lished from the failures occurring afterwards 

There appear to exist two possible explanations 
for this paradox. Either the recovery may be greatly 
retarded by the application of a load, or the effect 
of a slow strain rate may compensate for and oblit- 
erate the effect of recovery, under a wide range of 
conditions 


Conclusions 
Hydrogen embrittlement of high strength steel 
has been studied for a variety of test conditions. The 
following conclusions are drawn: 


1) Hydrogen embrittlement may be conveniently 
evaluated in the bend test described. The test speci- 
men is well adapted for studies of embrittlement 
resulting from cathodic treatment or plating, and it 
is inexpensive. 


2) The bend test described is a nearly constant 
strain rate test and is, therefore, fundamentally 
different from constant bend radius tests which are 
effectively sustained load tests 


3) Hydrogen embrittlement in the bend test is a 
more complex phenomenon than has been described 
from tension tests. 


4) In the bend test, recovery under load is dif- 
ferent from the recovery behavior of unstressed 
specimens. This is in contrast to the behavior of 
specimens loaded in sustained tension.” 
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Influence of Silicon and Aluminum on the 


Properties of Hot-Rolled Steel 


Small amounts of silicon added to steel act as a deoxidizer and lower the 
ductile-brittle transition temperature of the steel plate. Larger amounts, depending 
on the amounts of other deoxidizers already present, become an alloying addition 
and raise the transition temperature. Increasing aluminum contents up to 0.20 pct 
lowered the transition temperature at a rate depending on the amount of silicon 


and manganese present. 


by R. H. Frazier, F. W. Boulger, and C. H. Lorig 


HERE are both advantages and disadvantages in 
using semikilled steels in place of killed steels 

One advantage of semikilled steels is they provide a 
higher ingot-to-product yield. This is especially im- 
portant to shipbuilders in the time of national emer- 
gency. By using semikilled steel for hull plates, a 
greater number of ships can be built from the same 
ingot tonnage. Consequently, if semikilled steel 
plates are adequate for the service, the advantage 
of the higher product yield is of considerable im- 
portance 

The performance of hull plates is closely associ- 
ated with the ductile-to-brittle transition tempera- 
ture, and this, in turn, is strongly dependent on the 
composition of the steel. A low transition tempera- 
ture is desirable because it indicates that the steel 
is less likely to fail at low ambient temperatures 

Killed steels are known to have lower transition 
temperatures than semikilled steels. It is believed 
that the better qualities of killed steels in this 
respect are due mainly to the low oxygen contents 
of the steel. The principal deoxidizers, aluminum, 
silicon, and manganese, lower the oxygen content 
Fundamental studies’” have shown that the oxygen 
content remaining after the addition of one of these 
three elements is influenced by the residual amount 
of the other two present. In the current study, 
therefore, various amounts of silicon and aluminum 
were added to steels containing different manganese 
contents for the purpose of studying the influence of 
silicon and aluminum on the notched-bar properties 
of hot-rolled steels 

Eleven types of steels were studied. The tempera- 
ture at which the plates were finish-rolled was care- 

R. H. FRAZIER, Member AIME, is Assistant Division Chief, F. W 
BOULGER, Member AIME, is Division Chief, and C. H. LORIG, 
Member AIME, is Technical Director with Battelle Memorial Insti 
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TP 4262E. Manuscript, July 11, 1955. Cleveland Meeting, Octo 
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fully controlled at 1850°F. All plates were rolled to 
344-in. thickness, and tested in the as-rolled condition 

The total number of steels prepared in the labora- 
tory for this study was 95. The charge consisting of 
ingot iron and ferrosilicon equivalent to 0.10 pet Si 
was melted in a 200-Ib induction furnace under an 
atmosphere of argon to insure low, uniform nitrogen 
contents. After the charge was melted and the de- 
sired temperature was obtained, the melt was partly 
deoxidized with either silicomanganese or aluminum 
Aluminum was used for this purpose in only those 
steels with very low silicon contents, where the fin- 
ished steel was to contain some aluminum. This 
initial deoxidizing addition was made to obtain con- 
sistent recoveries of subsequent additions of ferro- 
manganese, ferrosilicon, and aluminum. Carbon, in 
the form of graphite, was added, either just prior to 
tap or to the final aluminum addition. The entire 
heat of 200 lb was poured directly into a 6x6-in 
big-end-up mold. The ingots of semikilled steel 
were capped with a steel plate. The killed steels, on 
the other hand, were poured with a hot-top contain 
ing 14 pet of the total volume of the ingot 

The ingots were processed by heating to 2250°F, 
followed by forging to slabs 1% in. thick and 6 in 
wide. After reheating to 2250°F, the slabs were 
rolled to 0.9-in. gage, using reductions of approxi 
mately 1/6 in. per pa The 0.9-in. thick plate 
were immediately recharged in a furnace held at 
1850 F. After 30 min in the furnace at 1850°F, the 
plates were rolled to % in. in one pa Following 
the final pass, the plates were stacked on edge on a 
brick floor, with a brick separating one from an- 
other, where they were allowed to cool in air 

Drillings for chemical analysis were taken from 
the plates at locations corresponding to the top and 
bottom of each ingot. Carbon, manganese, silicon, 
phosphorus, sulfur, and nitrogen contents of each 
ample were determined. The analysis of each steel 
was carefully controlled so that the contents of 
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Fig. 2—Influence of aluminum on the 12-ft-lb keyhole Charpy transition temperature of six types of steel. All transition temperatures 
corrected to correspond to the nominal composition of each type of steel 


phosphorus, sulfur, and nitrogen varied only slightly Duplicate standard-strip tensile specimens, using 
from average values of 0.017, 0.027, and 0.004 pet, full thickness of the plate, were prepared from each 
respectively, for these elements. In some cases, as heat. Using these specimens, the upper and lower 
could be expected, carbon and manganese were yield strengths, the tensile strength, and the elonga- 
lightly above or below the nominal composition for tion values were determined. The upper yield 
a particular type of steel. Silicon and also aluminum, strength was taken as the highest strength obtained 
when present, were varied intentionally within a before the drop of beam, while the lower yield 
series of steels of a given type strength was taken as the lowest strength after the 
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drop of beam and before the ultimate strength was 
reached. The elongation was measured over an 8-in. 
gage length 

The tear tests were made using the type of speci- 
men and procedure described by Kahn and Im- 
bembo.’ The specimens were prepared from the 6-in 
wide hot-rolled plates after cutting them down the 
center to give strips 3 in. wide. The specimens were 
taken parallel to the direction of rolling and notched 
from the edge opposite the cut surface. This was 
done to insure that the sections to be tested had 
cooled from the hot-rolling temperature without 
having been affected by the more rapid cooling of 
the edges 

Keyhole Charpy specimens were taken parallel to 
the direction of rolling and notched normal to the 
surface of the plate. Four tests were made at inter- 
vals of 10°F, using a pendulum with an available 
striking energy of 220-ft-lb and a velocity of 18.1 
fps. The transition temperature can be defined in 
these tests as the temperature at which the average 
energy-temperature curve crosses within the 12 or 
20-ft-lb level. The transition temperatures at both 
energy levels are reported in the present investiga- 
tion 


Effect of Silicon and Aluminum on Ferrite Grain Size 


The ferrite grain size of each steel was determined 
by the grain-counting method.” The grain counts 
given in Tables I and II show the average number of 
ferrite grains per 0.0001 sq in. of steel. For steels 
with equal amounts of ferrite, the larger numbers 
indicate smaller ferrite grains. The average ferrite 
grain count of the 95 steels studied was 82 ferrite 
grains per 0.0001 sq in. of steel. The maximum de- 
viation from this average for the 95 steels was 24 
grains, which is equivalent to approximately one 
half ASTM grain size number. Silicon and alumi- 
num appeared to have no influence on ferrite grain 
ize of the experimental steels air-cooled after a 
finishing pass at 1850°F 

These plates had been heated to 2250°F before 
rolling; during rolling they cooled to 1850°F. There 
is little doubt that all of the plates had a coarse 
austenite grain size at the end of this rolling opera- 
tion. All of the plates had a coarse ferrite grain size 
after cooling to room temperature. Therefore, ques- 
tions arose concerning the effect of reheating and 
air-cooling on the ferrite grain size of the plates con- 
taining different amounts of silicon and aluminum 
For this reason, the ferrite grain sizes of seven ABS 
semikilled Class B steels and seven aluminum- 
treated Class C steels were determined before and 
after normalizing at 1650°F. There was no differ- 
ence in the ferrite grain size between the two grades 
of steel in the as-rolled condition. For both grade 
of steel, normalizing produced finer ferrite grain 
On the average, the ferrite grain size of Class 
B steels increased one ASTM number, while the 
grain size of Class C steels increased 1.8 ASTM num- 
bers. An increase in the ASTM number indicates a 
maller grain size 

Ferrite grain size is known to 
Charpy transition temperature of the 
Epstein” reported average decreases of 38°F by nor- 
malizing Class C steel. The transition temperature 
of both classes of steel changed proportionally with 
the change in ferrite grain size 

These experiments indicate that the major bene- 
fits of fine-grained deoxidation practice are ob- 
tained in normalized rather than in hot-rolled plates 
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influence the 


Variations in deoxidation practice do not seem to 
have a marked influence on the ferrite grain size of 
plates in the rolled condition if they are rolled by 
identical practices 


Effect of Silicon and Aluminum on the Austenite 
Grain-Coarsening Temperature 

Specimens, '2x5sx5 in., were heated for 4 hr in 
a temperature-gradient furnace similar to the one 
used by Halley.” The hot end of the specimen was 
over 1900 F, while the cold end was under 1500°F 
This provided a temperature differential of more 
than 400°F in 5 in. of specimen. All specimens were 
oil-quenched after the 4-hr treatment. The speci 
mens were then sectioned longitudinally, polished, 
Knowing the temperature gradient and 
specimen within the furnace, 
deter 


and etched 
the position of each 
the grain-coarsening temperature could be 
mined by examining the etched surface for change 
in grain size 

The grain-coarsening temperatures for a numbet 
of experimental steels are reported in Tables I and 
II. Silicon had no effect on the austenite grain 
coarsening temperature 

The average coarsening temperature of the steels 
containing no aluminum and various amounts of 
silicon was 1524°F. Aluminum contents over 0.01 
pet raised the coarsening temperature approxi- 
mately 200°F to an average temperature of 1725°F 
It must be remembered that, before rolling, the 
experimental plates were heated to 2250°F—-much 
higher than the highest grain-coarsening tempera 
ture determined. The experimental steels, therefore, 
probably had coarse austenite grains during and 
after the final rolling reduction 


Effect of Silicon and Aluminum on the 
Tensile Properties 

Duplicate strip tensile tests were made from the 
*44-in. plates rolled from the 95 experimental steels 
A summary of the tensile properties is given in 
Tables I and II 

Formulas given in Table ITI, 
of silicon on tensile and yield point 
mined by multiple-correlation method The data 
were corrected for 
of each 


howing the influence 
were deter- 


used to determine these formula 
mall variations in carbon and manganese 
teel in question from the nominal composition of it: 
type. The factors used in making these minor cor- 
rections were derived from a comprehensive study’ 
of the influence of carbon and manganese in semi- 
killed steel. These factors were in good agreement 
with those determined by other investigators*’ from 
of killed steels. The factors were therefore 
ilicon and high-aluminum steels 

Such steels would also be of 


studie 
applied to the high- 
in the present study 
the killed type 

The formula in Table III for 
Il and V are in good agreement 


teels of Types I 
The averages for 
these steel how that 0.01 pet Si raises the ulti- 
mate strength approximately 155 psi and the yield 
point 130 psi. These values agree with those reported 
for hot-rolled steel by other investigator Fewer 
teels of Types II and IV were tested and no ex- 
planation for the apparently more pronounced effect 
available 

tudied, had no effect on 


of silicon in such steels j 
Aluminum, in the range 
either the tensile or the yield point 


Effect of Silicon and Aluminum on Charpy Properties 
The silicon content was independently varied in 
while the aluminum content was 


five types of steel 
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Table |. Properties of Laboratory Steels with Various Silicon Contents* 


Tear Test Transition 
Temperature, °F 


Charpy Properties 


Tensile Properties 


Transition Number of Austenite 
Vield Point Energy Temperatare, °F Probability Ferrite Grain- 
Tensile re Absorbed of Pet Grains per Coarsening 
Heat con Con Strength ten at iz 7 Brittle Sq In. at Tempera- 
Number tent, Pet Pei pper Lower In., Pet Ft-Lb Ft-Lb Ft-Lb Kahn Specimens x100 ture, °F 


Type 1 (025 Pet C, 0.45 Pet Mn) Steels 


0.02 60 000 12,950 10.5 +1 0 BO 72 71 1515 
\766% 0.03 61,100 14.500 11.5 ‘1 2 23 80 75 84 1505 
004 0 144.250 280 12 4 25 B0 72 101 1510 
m4 A7440 004 60.750 14.200 41.5 +1 1 16 70 70 91 1515 
4 A#132 004 61 000 14.500 10.5 29 9 43 100 93 77 1470 
A6556 0.05 61 600 15.000 10 4) 7 4 70 710 103 1500 
A6705 00 63,000 15,900 245 31 15 5 90 64 85 1505 
: A6555 6.06 62,700 16,050 27.5 12 80 68 88 1510 
AnSO4 62,450 $5,700 0.0 29 7 80 62 79 1545 
64.450 $3,650 265 “4 28 2 70 “4 73 1525 
o,f : A7526 020 65.000 44.900 29.0 12 4 12 70 71 75 1515 
ee A#728 0.20 66,600 18,400 28.5 0 ‘8 12 80 74 96 1515 
022 65.900 18.100 15,900 27.5 14 100 85 a9 1515 
A747 0 26 66,100 17,100 15 B50 285 0 4) 17 90 78 79 1505 
029 66,850 18.200 16 200 26.0 23 90 79 72 
67,200 17,400 16.650 26.0 2 28 70 68 5 1540 
098 73,450 40.650 19,400 270 25 5 90 85 99 1530 
68 500 19.500 17.500 270 29 40 17 60 60 79 
0 44 70,400 19, BOO 1400 28.5 28 5 21 100 104 1530 
= 70.600 40.00 33 
4 Pet C, 
60.900 15,550 4,100 10.5 33 3 24 70 55 82 
: AG265 612 61,200 15,750 14.250 24.5 17 5 90 71 64 1515 
75 017 62.100 16.650 18.250 280 7 $1 60 68 
AG206 0.20 64,000 16.700 $5,400 290 33 18 50 46 83 1515 
026 64,500 17,050 16.200 24.0 6 27 1! 70 79 1540 
Type Pet C, 
io. A665! 001 62.400 37,200 35,700 248.5 ‘8 32 24 70 60 72 1505 
0.02 64.900 17,550 16,850 23.0 37 a4 29 80 65 85 1530 
0.04 62.200 16.100 4.800 29.5 19 7 80 69 83 1525 
a 004 62.850 16,550 15,350 240 ‘8 16 25 KO 65 71 1510 
006 62.480 15.550 4,900 24.0 3 20 60 55 “4 1525 
007 16.200 15.500 40 1 70 57 1525 
Ag 007 41.950 18.400 27 70 55 92 1515 
: A7450 0.07 61,550 15,050 4.200 12.5 43 26 13 60 0 78 1540 
i ~ A6595 0.12 64,400 18,350 16,150 275 42 8 as 40 26 85 1510 
iw ABS7# O15 61,800 17.950 15,150 11.5 9 46 0 60 45 80 
A6695 016 64,900 18.450 16,700 26.5 9 77 57 27 74 1525 
AG262 63,050 19,000 16,250 27.5 55 4a 29 1535 
A7528 0.20 63.650 16.550 15,950 12.5 55 40 50 45 a7 1530 
029 06.950 $9,050 17,800 29.5 5 29 60 50 69 1535 
Haga onl 64.700 40.200 19.150 27.5 17 23 6 70 60 74 
A870 O78 67,350 18,800 17,450 290 $5 27 11 70 64 82 1530 
Hasse 042 67,700 40.450 19,200 26.5 48 12 ! BO 6s 7 
4 0.42 69 650 42.700 41,700 27.0 3 26 10 70 78 
Type IV (0.19 Pet € 00 Pet Mn) Steels 
006 63,400 17,4590 16,250 29.5 42 49 28 40 “4 59 1520 
. A272 0.15 64,700 17,500 17,050 10.0 48 37 50 42 67 1530 
A927 024 67,000 19.450 17,750 28.0 40 43 26 60 43 73 1530 
0.34 75,000 46.250 45.150 245 40 90 a9 79 
D ype V (0.21 Pet C, 0.75 Pet Mn, 6.0% Pet Al) Steels 
Aood 002 63,100 16.250 * 95.200 20.5 29 13 70 72 84 1760 
002 19,250 15.200 13,850 0.0 4) 6 24 80 49 92 1750 
} A7602 0.05 62.450 00 4.450 28.5 $ 42 29 60 55 80 1730 
008 64.000 17,750 15.950 285 16 4 46 60 51 89 1760 
A806 Ol 64.950 18.100 16,150 29.5 4! 55 42 70 57 97 1775 
AnQOT 020 64.600 17,800 16.450 290 40 70 51 60 45 1770 
020 65.050 $8,750 6,750 4! 77 60 70 “4 77 1770 
042 66,600 40,750 18,850 23.5 9 86 68 50 a3 76 1750 
O47 67,700 40.000 19.950 23.5 4) a8 80 70 57 77 
047 69.450 43,050 41,800 26.0 41 73 60 58 5 
0.57 71,000 41,850 42,700 25.5 40 93 65 80 61 96 
a ’ * Aluminum was added only to the Type V steels All steels contained approximately 0.017 pet P, 0.027 pet S, and 0.004 pet N 
"ihe q 
a varied in six. Four of the five types of steel with num in the steels affected the energy absorbed in 
. varying silicon contents had no aluminum added, breaking Charpy specimens at room temperature 
x { while the fifth type contained approximately 0.03 After adjusting the transition temperatures for 
pet acid-soluble Al. This amount of aluminum is small unintentional variations in carbon and man- 
z normally found in steels made by fine-grained prac- ganese, regression equations shown in Tables IV and 
I tice. The effect of aluminum was studied in steels V were derived by multiple correlation methods 
i containing three different amounts of silicon, each The small standard errors of estimate for each equa- 
a at two levels of manganese contents tion indicate that these formulas fit the data very 
Bac The average energy-temperature curve was de- well. Figs. 1 and 2 show the adjusted 12-ft-lb tem- 
pa termined for each steel. From these curves, the tem- peratures and the trend lines calculated from the 
i peratures shown in Tables I and II at the 12 and appropriate equation 
be 20-ft-lb values were obtained The Charpy transition temperature was shown by 
The energy absorbed at room temperature is the data to be lowered by small amounts of silicon. 
shown in Tables I and II. Neither silicon nor alumi- (The scanty data for the four Type IV steels indicate 
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Table Il. 


Tensile Properties 


Properties of Laboratory Steels With Various Aluminum Contents* 


Charpy Properties 


Tear Test Transition 
Temperature 


Austenite 


Probabil 


Transition liy of Number Grain 
Vield Energy Temperature, °F Pet of Ferrite Coarsen 

Alumi- Tensile Point, Psi Absorbed Brittle Grains per ing 
Heat num Con- Strength, at 80°F, iz aU) Speci Sq in Tempera 
Number tent, Pet Psi Upper Lower In., Pet Ft-Lb Ft-Lb Ft-Lb Kahn mens at Xi ture, °F 


Type VI 

A6648 0.001 65,800 18,000 37,200 27.0 
A8736 0.002 57,800 $3,750 $2,200 26.0 
AB737 0 006 57,100 12,550 1.550 29 

A6707 0.027 19 OO 400 400 28 

A9263 0.028 58.400 4.450 850 15 
A9264 0.031 58.200 1,500 11.650 3.0 
A6708 0 046 61,550 18.350 15.450 10.0 
AB142 0.073 8.350 43.850 12.800 27.0 
A#l4a3 0.058 61,400 150 33,550 31.5 


A6709 34,150 


(6.275 Pet C, 


Ave 6 

steels 0.000 61,600 16,910 $4,980 $2.2 
A7531 0.006 60,550 15.550 $3,950 12.5 
A8136 0.019 63,400 + 34,150 10 
A7322 0.030 61,150 15.150 $3,800 1.0 
A7661 0.034 BOO 00 {2,800 11.0 
A8B137 0.061 60,800 15,250 $3,450 110 
A7529 0.091 62,450 $7,750 $4,800 11.5 
211 63,750 16, B00 44,700 28.0 


Type VII (0.25 Pet 


A6594 0.000 62.450 37,100 10.0 
AB7T38 0.059 63,550 $7,250 44,700 11.0 
0.099 63,100 $6,450 4,800 
0.128 62,500 16,700 4.550 $2.0 
0.166 43,600 46.250 15,150 
A8B740 260 64.500 16,450 15,250 29.0 


(O21 Pet C, 


Ab6H49 0.001 64,700 37,700 6,850 24.0 
A#145 0.016 19,550 $4,550 $3,100 12.0 
A7320 0.019 59,950 $4,400 13,400 11.5 
A7319 0.032 19,250 45.200 33,850 00 


A8146 O64 600 144,000 


Type X (0.21 Pet 

Avge 2 
teels 0.000 62,600 16,050 $5,120 26.0 
A7660 0.004 61,400 46,050 44,600 1.0 
0.019 62,150 16.100 $3,850 255 
A7662 0.033 62,450 16,300 14.450 285 
A7530 0 084 62.550 46.600 110 
0.150 62,650 $7,950 16,150 28.5 
AB746 0.192 17 B00 $3,100 32,450 13.0 


0.45 Pet Mn, 0.01 Pet Si) Steels 


0.45 Pet Ma, 


- 
‘4 


$5 


75 Pet Mn 


$6 


75 Pet Mn, 


17 
40 
42 
40 
a4 


1 20 100 100 v3) 1540 
6 22 110 a a 1540 
2 iv 120 104 85 1555 
16 0 1470 
18 76 oo 1720 
8 80 ua 1725 
l 2 71 1690 
16 ‘ 70 “9 #2 1705 
2 ig 85 1685 
2 


Steels 

2 16 82 73 

10 2 nO 70 78 1510 
2 i4 9) 64 1665 
245 7 72 83 1600 
19 6 BO 79 na 

13 2 70 65 9) 1680 
25 HO 70 1655 
27 78 1705 


Steels 
29 7 80 62 
24 10 HO 72 ua 1725 
‘8 20 wo 67 75 
‘2 13 60 2 1600 
5 40 45 
7 i4 Ka 1600 


O01 Pet Si) Steels 
27 ig 80 75 1405 
15 HO 75 ag 1625 
0 2 70 70 74 1710 
i 24 80 au 
47 42 60 1740 


0.05 Pet Si) 


i4 22 70 60 
4 22 70 65 4 

25 0 1720 
42 29 60 55 

74 45 1765 
66 10 15 us 1645 
69 8 1720 


Type XI Pet 75 Pet Mn, Steels 

Ave 5 

steels 0.000 62,080 16,780 $5 280 19 21 47 
A8905 0.036 64,000 $7,756 $5,950 248.5 6 4 46 60 7 
0.062 62,200 $5,850 14,200 27.5 0 44 17 “oO 4 1775 
A8352 0.093 44.400 $7,450 800 2.5 “oO ‘2 70 
A8742 0.131 64,300 $7,050 6,400 0.5 76 42 ha 
A8353 0.167 63,100 $6,500 $5,400 10.5 ne) 83 60 20 iv 73 1640 
A8743 0.269 63,550 $6,650 $5,350 0.0 648 “4 60 60 


0.017 pet P, 0.027 pet 8, and 


contained approximate!) 


* All steels 


0.004 pet N 


After reaching a 
temperature re- 
silicon 


no significant effect of silicon.) 
minimum value, the transition 
mained constant or increased with additional 
The silicon content at which a minimum transition 
temperature occurred depended on other constitu- 
ents in the steel. For example, judging mainly from 
the curves in Fig. 1 for Type I and Type III steels, 
the silicon content corresponding to the minimum 
point was reduced by increasing the manganese 
content 

The chart for Type III steels in Fig. 1 
that there is an optimum silicon content for this 
grade of steel. The formulas in Table IV for steels 
of Types I, IV, and V indicate that their transition 


indicates 


temperatures increase after some critical silicon 
content is exceeded. The experimental data indicate, 
however, that if this inversion occurs, it takes place 


at higher silicon levels than those of interest in ship 
plate 

Data for the highest silicon contents investigated 
did not establish unequivocally whether or not high 
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ilicon contents are deleteriou In order to choose 
the shape of the trend lines plotted in Fig. 1, equa- 
tions for both straight and curved lines expressing 
the relationship between silicon and keyhole Charpy 
transition temperatures were obtained by multiple 
correlation analysis. The equations fitting the data 
better, on the basis of the F test and smaller stand- 
ard errors, were used for plotting trend lines in Fig. 1 


The Type III steels give strong evidence that the 


effect of silicon on Charpy transition temperature 
reverses at a critical silicon content. Furthermore, 
the data for the Type I and Type V steels fit the 
trend lines reasonably well up to silicon contents 


where a point of inflection would be expected from 
the equation 


For these reasons, some speculations about the 
mechanism which could account for a reversal in 
the effect of silicon seem justified 

Small amounts of silicon tend to deoxidize the 
steel, while larger amounts can serve as alloy addi- 
tions as well. Iron alloy with low oxygen contents 
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Fig. 3—Influence of silicon on the keyhole Charpy transition tem 
perature of steels containing 021 pet C, 0.75 pet Mn with and 
without aluminum 


are known to have low transition temperatures,” so 
that the first small additions of silicon to semikilled 
grades of steel may be expected to lower the transi- 
tion temperature. Additions of silicon large enough 
to have a definite alloying effect have been shown to 
raise the transition temperature.” Hence, the mini- 
mum transition temperatures, indicated in the 
curves of Fig. 1, are expected to occur at silicon con- 
tents where the alloying effect offsets the deoxidiz- 
ing influence of silicon 


Table til. Equations for Calculating the Tensile Strength and Upper 
Yield Point of Hot-Rolled Steels with Different Silicon Contents 


Type Ne 
at of 
Steel Heats 


Equations for Tensile Strength (TS) or 
Upper Vield Point (UYP) in Pat 


Silicon 
Range, Pet 


0.02-0.54 63,464 + 15,311 Si (1385) 


(5 V-notch Charpy trang:itan temperotures 
trom Rinedott and Harris steets comtamnngO 30%, C 
of stee! 
12 aeyhole Charpy traretion temperctwes  Battetie 
Steels containing 03% Al 


Temperature, F 


Trans: hor 


4 
200 
GSicon Content, per cent 


Fig. 4—Influence of silicon on transition temperature as reported by 
Rinebolt and Harris and Battelle 


steels, this beneficial cffect of silicon continued up to 
about 0.50 pct Si. 


Table 1V. Equations for Calculating Keyhole Charpy Transition 
Temperatures for Hot-Rolled Steels with Different Silicon Contents 


Silleon Equations for 12-Ft-Lb Charpy Transition Tem- 
Range, peratures (TT or 20-Ft-Lb Charpy Transition 
Pet Temperature (TT») in °F* 


0.02-0.54 
0.10-0.39 
0.01-0.20 
0.16-0.52 
0.06-0.34 
0.02-0.57 
0.02-0.54 
0.10-0.39 
0.01-0.20 
0.16-0.52 
0.06-0.34 
0.02-0.57 


pet Si + 
pet Si 
pet Si 
pet Si 
pet Si 
284 pet Si 


263 pet Si + 

8+ 8 « pet Si 
158 pet Si 
159 pet Si 

25.22 + 24 « pet Si 
8.46 pet Si 


296 pet SP 


362 pet SP 
335 pet Si? 


333 pet Sr 


429 pet Si 


(10.60) 
410.10) 
( 9.02) 
(13.16) 
( 3.59) 
( 4.90) 
(11.05) 
(11.42) 
( 9.03) 
(12.63) 
( 5.40) 
( 5.69) 


. 


Numbers 


0.10-0.99 
001-0.52 
002-057 


002-0 57 


in parentheses 
quare inch 


are 


standard 


6,389 


+ 20,614 


13,324 
16.824 ~« 
11,217 


+ 21,865 


20,777 
15,637 
13,475 


errors of 


Si (1579) 
Si (532) 
Si (578) 
Si (1497) 
Si (1258) 
Si (647) 
Si (1044) 


pet Si (920) 
pet Si (608) 


estimate in 


In the presence of increasing amounts of man- 
ganese, less silicon is required to arrive at a mini- 
mum transition temperature, an indication of an 
interrelation in the deoxidizing effects of silicon and 
manganese 

Based on the results for aluminum-free steels, the 
12-ft-lb Charpy transition temperature was low- 
ered approximately 2°F by each increase of 0.01 
pet Si up to about 0.20 pct. In the low-manganese 
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* Numbers in parentheses are standard errors of estimate in de- 
grees Fahrenheit 


The presence of 0.03 pct Al lowered the Charpy 
transition temperatures of the steels studied. Figs. 
1 and 3 show that the change produced by this small 
amount of aluminum depended on the silicon con- 
tent of the steel. The addition of 0.03 pct Al lowered 
the transition temperature 82°F in steels with 0.50 
pet Si but only 11°F in steels with less than 0.17 


pet Si. The data suggest that there was an inter- 
action between the effects of silicon and aluminum 
on the Charpy transition temperature. That is, the 
optimum silicon content for minimum transition 
temperature apparently depended on the aluminum 
content as well as the amount of manganese present 
in the killed steel. 

Rinebolt and Harris” “ concluded that variations 
in silicon contents up to 0.62 pet had practically no 
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q \ 

60) ; 4 
4 
2 
i 
\ 
2 4 ; 

5 
1005 6.10 65 060 

205 10 300 

ah 

it 

Type 
of 
Steel 
I TT is = 22.25 48 
» iil TT 20.78 
Vv rT 24 56 
TT» = 36 
ul 
Vv TT» 
6 TS « 59,336 pct 
4 18 TS 62,476 pet 
uYP 16,313 pet 
IV ‘ TS = 62.586 pct 
UYP 15.429 p 
UYP 16,233 + 
pounds per 


influence on the 15-ft-lb V-notch Charpy transition 
temperature of aluminum-killed steels. Neverthe- 
less, their data replotted in Fig. 4 show a drop of 


Table V. Equations for Calculating Keyhole Charpy Transition Tem 
peratures for Hot-Rolled Steels with Different Aluminum Contents 


Equations for 1¢2-Ft-Lb Charpy Transition 


Type of Aluminum Temperatures (TT .) or 20-8t-Lb Charpy 
Steel Range, Pet Transition Temperature (TT.) in °F* 
0.001-0.127 TT 247 163 pet Al 7.16) 
fil 0.000-0 211 TT 5 26 155 pet Al 7.52 
Vill 0 000-0 260 TT 14.71 157 pet Al 7.34) 
0.001-0 064 TT 16.29 $45 pet Al 681 
x 0.000-0 192 TT 5.41 211 peta 13.23 
x! 0.000-0 269 TT 0 66 117 pet Al 12.03 
vi 0.001-0.127 TT s 12.09 180 pet Al 4.90 
vil 0.000-0.211 TT 12.61 175 pet Al }.89 
Vill 0.000-0 260 TT « 661 147 pet Al 6.28 
1X 0.001-0.064 TT 47 HA pet Al 9.15 
x 0000-0 192 TT 22 69 191 pet Al 14.54) 
XI 0 000-0 269 TT 12.06 143 pet Al 10.18) 
* Number in parentheses are tandard « ' of estimate in de 


grees Fahrenheit 


36°F in the transition temperature by raising the 
silicon content to 0.45 pet. Their tests showed that 
larger amounts of silicon raised the transition tem- 
perature rapidly. The trend line for their V-notch 
Charpy data and those for the keyhole Charpy data 
obtained in this investigation, as shown in the figure, 
were almost identical 

Fig. 2 shows that increasing the aluminum content 
lowered the Charpy transition temperatures of the 
experimental steels. The six types of steel used to 
study the effects of aluminum all contained 0.10 pet 
Si or less. Formulas for calculating the 12 and 
20-ft-lb transition temperatures for steels containing 
various amounts of aluminum are given in Table V 
Transition temperatures determined by both criteria 
responded similarly to increases in aluminum. The 
transition temperatures of steels containing 0.01 pet 
Si were reduced more by aluminum than those of 


Table VI. Ejuations for Calculating Tear Test Transition Tempera 
tures for Hot-Rolled Steels with Different Silicon Contents 


Silicon Equations for Tear Test Transition Tem 
of Range, peratures at 50 Pet Probability of Brittle 
Steel Pet Specimens (TT .) in 
I 0.02-0.54 TT 87.50 7) pet Si 189 pet Si 7.69) 
I 0.10-0.39 TT 04 69 156 pet Si 717 pet S 9 66 
Il 001-020 TT 71.14 178 pet Si 9 88 
ill 0.16-052 TT 23.22 119 pet S 6.04 
IV 006-034 TT 0 34 196 pet Si 916 pet Si 12.27 
Vv 0.02-0.57 TT 73.96 154 pet Si 286 pet Si® ( 7.73 

* Number ‘ tandard error of estimate 


degrees Fahrenheit 


steels containing 0.10 pet Si. On the average, each 
increase of 0.01 pct Al in steels containing 0.01, 0.05, 
and 0.10 pet Si lowered the Charpy transition tem- 
perature 3.7°, 1.8°, and 1.4°F, respectively 


Effect of Silicon and Aluminum 
on the Tear Test Properties 


Four tear test specimens of each steel were 
broken at each 10°F interval throughout the transi- 
tion zone. Data from each specimen were used to 
determine the transition temperature by two criteria 


One criterion, developed by Kahn, defines the transi- 
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tion temperature as the highest temperature at which 
one or more of four specimens breaks with a brittle 
fracture. A brittle fracture is defined as one having 
less than 50 pet of the fractured area exhibiting a 
dull, fibrous, ductile texture. A transition tempera- 
ture by this criterion is based on the performance 
of only one specimen. This criterion sometimes gives 
an abnormally high transition temperature. For re- 
search purposes, such as for this investigation, a 
criterion based on the probability of 50 pet brittle 
specimens seemed more desirable. This criterion 
takes into consideration the performance of every 
specimen tested. In the present study, transition 
temperatures by both criteria were reported and, in 
most cases, showed the same trends. However, the 
standard errors for the regression equations, based 
on the second criterion, were much smaller than 
those for equations based on transition temperatures 
set by Kahn's definition 

The transition temperatures shown in Tables I 
and II were adjusted for small unintentional varia- 
tions in the carbon and manganese. Using the ad- 
justed data and multiple correlation methods, re- 
gression equations for calculating the influence of 
ilicon and aluminum on tear test transition tem- 
peratures were determined. These formulas are 
shown in Tables VI and VII. The choice of equations 
giving either straight or curved trend lines was 
made on the basis of the type of equation giving the 
smaller standard errot ‘ 


Table Vil. Equations for Calculating Tear Test Transition Tem 
peratures for Hot Rolled Steels with Different Aluminum Contents 


Equations for Tear Test Transition Tem 
t Probability of 


Type of Aluminum peratures at \0 
Steel Range, Pet Specimens (7T in 
VI 0001-0127 108.19 177 pet Al “44 
Vil 0 000-0.211 TT 222 petal 6.0% 
Vill 0 000-0 260 TT 82.541 ise pet Al 5.41 
Ix 81.15 20% pet Al 7.67 
x 0 000-0.192 64.56 pet Al 8 55) 
XI 0 000-0.200 “oo 79 1490 pet Al 10.45) 


As in the Charpy tests, increasing the silicon con- 
tent in the range up to 0.20 pet lowered the transi 
tion temperatures in tear tests. This was true for all 
types of steel studied, when the transition tempera 
ture was considered to be the temperature corre- 
ponding to equal probabilities for ductile or for 
brittle fracture. The use of the Kahn definition sug- 
gested that the transition temperatures of steels, 
Types II and IV, were not improved by increasing 
amounts of silicon. These two exceptions were not 
considered important, because the apparent change 
in transition temperature were either too small or 
based on too few data to be significant 

Increasing the silicon content over 0.20 pet seemed 
to raise the transition temperature in the tear test 
an increase of 0.01 pet Al lowered 
the transition temperature in tear tests about 2.4°F 
This factor was slightly different for steels with dif 
ferent silicon contents, as shown by the variation: 
between coefficients of the equations in Table VII 
Aluminum seems to have had the most pronounced 
effect in steels with 0.01 pet Si. These conclusion 
upport those based on Charpy data obtained on the 


On the average 


ame materials 
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It should be noted that considerable amounts of 
aluminum were required to produce appreciable 
changes in transition temperature. Aluminum con- 
tents of about 0.10 pet seem to be necessary to 
lower the transition temperature about 24°F from 
the level for hot-rolled aluminum-free steel. This 
quantity of aluminum is considerably larger than 
that of most commercial steels. The normal alumi- 
num content of fine-grained steels would not be ex- 
pected to improve significantly the transition tem- 
perature of hot-rolled plates. In this regard, the 
data for the Type III and the Type V steels are im- 
portant. The presence of 0.03 pet Al in the Type V 
teels did not significantly affect the transition tem- 
perature of steels containing less than 0.2 pet Si. In 
fact, in this case, the tear test transition tempera- 
tures tended to be slightly higher for the steels con- 
taining aluminum 

The transition temperatures for the steels with 
0.21 pet C, 0.75 pet Mn, and 0.10 pet Si (Type XI) 
are especially interesting. The transition tempera- 
ture of this type of steel appears to have been sig- 
nificantly higher when the aluminum content was 
0.269 pet than when it was between 0.09 and 0.17 
pet. The effect of aluminum on this type of steel 
apparently reverses at about 0.2 pet Al. The Charpy 
data for the same materials, shown in Fig. 2, lend 
some support to this interpretation. Perhaps there is 
an optimum aluminum content which produces the 
lowest transition temperature. This is consistent 
with the data showing the effect of silicon on transi- 
tion temperature, but the data iui aluminum are too 
scanty to justify a strong opinion on this point 


Conclusions 
This study on the effects of variations in silicon 
and aluminum contents on the properties of hot- 
rolled steels, made in an induction furnace and 
rolled in the laboratory, leads to the following con- 
clusions 


1) Small amounts of silicon lowered the transi- 
tion temperatures of the experimental steels in 
Charpy and tear tests. The keyhole Charpy data in- 
dicated that the 12-ft-lb transition temperature de- 
creased about 1.5°F for each increase of 0.01 pet Si: 
up to the following silicon content 


0.50 pet Si in steels with 0.25 pet C, 
0.45 pet Mn, 0.00 pet Al 

0.40 pet Si in steels with 0.21 pet C, 
0.75 pet Mn, 0.03 pet Al 

0.17 pet Si in steels with 0.21 pet C, 
0.75 pet Mn, 0.00 pet Al. 


Increasing the silicon content above 0.17 pet tended 
to raise the Charpy transition temperature of alumi- 
num-free steels containing 0.21 pet C and 0.75 pet 
Mn 

The data suggest that variations in silicon content 
within the narrow range characteristic of semikilled 
steels have no significant effect on their notched- 


bar transition temperatures 


2) Increases in aluminum contents up to about 
0.20 pet also lowered the Charpy and tear test 
transition temperatures of steels made and processed 
au the laboratory. In this range, each increase of 
0.01 pet Al lowered the transition temperature about 
29.2°F in tear tests. The extent to which the Charpy 


lowered by adding 


transition temperature was 
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aluminum depended on the silicon content of the 
experimental steels In steels containing 0.03 pet Si 
or less, each increase of 0.01 pct Al lowered the 
Charpy transition temperature about 3.7°F. Equal 
amounts of aluminum were only about half as effec- 
tive in lowering the Charpy transition temperatures 
of steels containing 0.05 to 0.13 pet Si. 

The quantity of aluminum normally present in 
steels made by fine-graine d practice did not have a 
significant effect on the transition temperatures of 
the experimental steels tested in the hot-rolled 
condition 


3) For these hot-rolled steels, each increase of 
0.01 pet Si raised the yield point approximately 130 
psi and the tensile strength approximately 150 psi 


4) Variations in aluminum contents up to 0.27 
pet did not influence the tensile properties of the 
hot-rolled plates 


5) Neither silicon nor aluminum influenced the 
ferrite grain size of the hot-rolled experimental 
steels. Apparently the ferrite grain size was con- 
trolled by the hot-rolling practice. All plates were 
finished at 1850°F. 


6) Normalizing from 1650°F produced a finer 
ferrite grain size in Class C ship plate steels (con- 
taining aluminum) than in semikilled Class B steels 


7) Variations in silicon content up to 0.58 pet 
had no effect on the austenite grain-coarsening 
temperature. Aluminum, on the other hand, had a 
pronounced effect on grain-growth characteristics 
The presence of 0.01 pet Al, or more, raised the 
coarsening temperature about 200°F. All of the ex- 
perimental steels, however, had coarsening tem- 
peratures below 1850°F, the temperature of the 
plates during the final rolling reduction. 


The opinions expressed herein are those of the authors and do 
not necessarily represent those of the Ship Structure Committee 
the Bureau of Ships, the Dept. of the Navy, or the Advisory Com 
mittee of the National Academy of Science, National Research 
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Structure Dependent Chemical Activity Of 
Polycrystalline Cu,Au--Experiments Relating 


To the Mechanism of Stress-Corrosion 


Cracking of Homogeneous Solid Solutions 


The oxidation of copper by ferric chloride at structural sites in polycrystalline 
Cu,Au was investigated in connection with the mechanism of stress corrosion crack- 
ing of homogeneous solid solutions. Copper is selectively removed from the alloy at 
grain boundaries, incoherent twin boundaries, and deformation bands, irrespective 
of the state of order. It is proposed that the mechanism of structural failure depends 
on the creation of a compositional inhomogeneity by the selective removal of copper, 
which provides the driving force for continued reaction in directions defined by 


structural discontinuities. 


by Robert Bakish and William D. Robertson 


FTER more than fifty years of investigation and 

continuing failure in service, a _ satisfactory 
mechanism to explain stress corrosion cracking in 
homogeneous alloys is still lacking. 

The relative chemical activity of grain boundaries 
and adjacent grains, inferred from the boundary 
structure, has been used to explain intergranular 
cracking in « brass.’ This concept is probably correct 
as a general hypothesis, but it requires much more 
extensive development in order to explain satisfac- 
torily the observed phenomena. For example, the 
specific function of the solute in an alloy must be 
considered, because intergranular failure does not 
occur in pure metals,’ which are structurally simi- 
lar to homogeneous alloys. Also, in this connection, 
an intercrystalline fracture path in binary copper 
alloys can be changed to a transcrystalline path by 
relatively small ternary additions.” The fracture 
path in # brass is predominantly transcrystalline,* 
in contrast with an intercrystalline path in a brass 
Whether the two different fracture paths are the re- 
sult of a difference in composition, crystal struc- 
ture, or the state of long range order is unknown 
and cannot be determined with £ brass, because 
only the ordered state can be obtained at room tem- 
perature 

The study of chemical activity at structural sites 
in the Cu-Zn system is restricted by the formation 
of opaque films in an ammonia environment in 
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which stress corrosion cracking is generally ob- 
served, Furthermore, both components of the alloy 
are chemically active and the interpretation of ob- 
servations is therefore relatively complicated, The 
Cu-Au system is a better choice for the purpose of 
tudying structural factors. In particular, Cu,Au is 
very susceptible to cracking in ferric chloride and 
opaque films are not formed in this solution; it may 
be obtained in different states of long and short 
range order; and, finally, only copper is oxidized in 
dilute ferric chloride, which considerably simplifies 
the chemical problem 

To provide information necessary for a more gen- 
eral explanation of stress corrosion cracking in 
homogeneous solid solutions, the following struc- 
tural factors have been investigated in a Cu-Au 
alloy having a composition corresponding to Cu,Au 
1) the effect of long and short range order; 2) the 
structural sites from which copper is removed from 
the annealed and cold worked polycrystalline alloy; 
and 3) the effect of annealing time and temperature 
on structural reactions in the cold worked alloy 


Experimental Procedure 

A Cu-Au alloy of nominal Cu,Au composition was 
cast from cathode copper and high purity gold and 
fabricated into sheet and wire. Chemical analysis for 
copper and gold indicated 48.92 wt pet Cu and 51.01 
pet Au. Quantitative spectrographic analysis indi- 
cated 0.01 pet Ag, 0.002 pet Pd, 0.001 pet Pb, and 
0.002 pet Fe, with traces of magnesium, silicon, and 
zinc. Presumably most of the remaining 0.055 pet 
corresponds to the limits of analytical precision 

Heat treatments of wire and sheet were conducted 
in argon or vacuum. Wire specimens, 0.064 in. diam, 
were heated for 1 hr at 850°C to establish a definite 
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: scopic examination. Wire specimens were electro- 
60} | + polished’ after heat treatment and tested in a lever 
loaded apparatus by applying axial tensile loads to 
; 40} _} the wires while they were surrounded by ferric 
OROERED CRYSTAL cavsta chloride. Five specimens were tested at each stress; 
cass 2.2 tg cass 4 Skg the plotted points in Fig. 2 represent arithmetic 
RF averages of time to fracture at each stress, and the 
1 shaded area indicates the observed maximum and 
° 25 50 75 °o 25 sO minimum time limits 
STRAIN — inches The effect of cold work in producing new sites of 
a) Fig. 1—Load-elongation diagrams of similar specimens of attack, and the effect of annealing time and tem- 
i Cu.Au, ordered for 300 hr at 380°C and disordered at perature on the chemical activity of structural sites, 
is 850°C, respectively, followed by quenching in both cases were investigated after 40 days immersion in ferric 
» chloride. In the latter experiments, specimens de- 
formed about 50 pct were heated for 30 min at tem- 
grain size. They were then either quenched from perature intervals of 100° from 100° to 800°C, fol- 
this temperature or brought to lower temperatures lowed by an ice water quench. After determining 
to establish different degrees of short range order at the recrystallization range, isothermal annealing at 
600° and 420°C or held at 380°C for 300 hr for long 300°C was conducted for different periods of time 
Abs range ordering, followed by quenching in ice water from 30 to 12.000 min. The state of residual stress 
> All specimens were quenched to minimize differ- and recrystallization was followed in these speci- 
ences in quenching strain in the comparison of mens by resolution of the (331) and (422) Ka 
5s ordered and disordered states. Mechanical and elec- X-ray doublets in a focusing back reflection camera, 
trical properties were measured to evaluate the and by metallographic observation. 
j3 state of long range order and disorder 
: The ordered alloys exhibited a well defined yield Experimental Results 
point at 15,000 psi, Fig. 1; yielding was accompanied Effect of Long and Short Range Order on Crack- 
f by audible clicks, similar to twinning in tin. In the ing Susceptibility—It is apparent from the data 
‘ disordered state, the transition between the elastic plotted in Fig. 2 that all the indicated heat treat- 
and plastic ranges at 19,300 psi was well defined, ments and corresponding degrees of order, except 
but no yield point was observed. Resistivity of the state obtained by quenching from 850°C after 
ty. ordered alloys was 5.8x10° ohm-cm, which is higher 1 or 24 hr, fall in a single band of fracture stress vs 


100 | 


— pounds 


than the minimum value of 4.4x10° ohm-cm, * ob- 


by very slow cooling. Resistivity of dis- 
ordered specimens was 11.5x10° ohm-cm, the value 
generally observed. From data of Keating and War- 
ren, who have determined the dependence of the 
long range order parameter on temperature, a value 
of 0.86 may be taken as approximately representing 


tained 


the fractional degree of long range order in the 
alloys used in this investigation 
Evaluation of the effect of varying degrees of 


order on the path of fracture and relative suscepti- 
bility to fracture in 2 pct aqueous ferric chloride 
was made by determining the time to failure as a 
function of applied stress, and by detailed micro- 
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time. In particular, there is no distinction between 
long range order obtained by quenching from 
380°C and short range order produced by quench- 
ing from 420°C or 600°C. Also, the comparative sus- 
ceptibility of varying degrees of order is the same 
in terms of absolute stress or stress relative to the 
respective yield stresses 

In contrast with lower temperatures, specimens 
annealed and quenched after 1 or 24 hr at 850°C 
require significantly longer times for failure at any 
applied stress 

Metallographic examination after stress-induced 
failure in ferric chloride showed that fracture in all 
specimens, whether ordered or disordered and ir- 
respective of the temperature of quenching, fol- 
lowed an identical intergranular path. When tested 
in air, fracture followed a normal transgranular 
path after extensive elongation 

To evaluate the effect of oxygen in the alloy as a 
possible cause of failure common to all tests, speci- 
mens were annealed in dry hydrogen at 800°C and 
subjected to the cracking procedure. Results identi- 
cal with those shown in Fig. 2 were obtained. The 
possible precipitation of other impurities appears to 
be eliminated by the identity of values obtained by 
quenching from three temperatures and for differ- 
ent times at temperature 

Oxidation of Copper at the Grain Boundary—The 
structure of the boundaries after immersion in fer- 
ric chloride for a period of 40 days is shown in Fig 
3. It seems that copper has been selectively removed, 
leaving a sponge which is high in gold; spectro- 
graphic analysis of the aqueous solution failed to 
detect gold. In connection with the mechanism of 
this phenomenon, it is significant that copper is re- 
moved from the body of the grains at the outer sur- 
face, and penetration also proceeds normal to the 
boundary plane into adjacent grains. The relative 
rates of penetration through grains and parallel 
with the grain boundary surface are apparently de 
pendent only on the structural differences of grains 
and boundaries. In fact, the structural sensitivity at 
the boundary varies so much that an attempt to 
evaluate average penetration rate failed because of 
the extreme variation in rate at different boundaries 

The effect of plastic deformation on the oxidation 
of copper was investigated with specimens quenched 
from 850°C, which were subsequently reduced in 
thickness 6, 50, and 76 pct by rolling. The appear- 
ance of specimens reduced 6 and 50 pet after 40 days 
immersion is shown in Fig. 4. Removal of copper is 
progressively shifted with increasing deformation 
from grain boundaries to the sites of plastic de- 
formation in the body of adjacent grains. Coherent 
twin boundaries, which are not attacked in the an- 
nealed state, become sites from which attack spreads 
into adjacent twins following plastic deformation 

To investigate the nature of structural attack in 
more detail, annealed specimens and specimens 
trained in tension slightly beyond the yield point 
were reheated to 850°C for 96 hr after four months 
immersion in ferric chloride. It was anticipated that 
if a sponge were produced by the selective removal 
of copper at boundaries and at deformation sites in 
the grains, coalescence of small voids would take 
place and, since no driving force exists to move 
microscopic holes, they should remain near their 
original location. The resulting structures, Fig. 5, 
fully confirm the previous conclusion regarding the 
formation of voids by the selective removal of cop- 
per, particularly in the grains where they could not 
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Fig. 3—Micrograph of grain boundary structure of annealed 


Cu,Au after 40 days immersion in ferric chloride. X1000 
Reduced approximately 20 pct for reproduction 


be resolved without this subsequent treatment. The 
absence of a grain boundary pattern of holes in the 
deformed specimen indicates that attack was almost 
completely confined to the deformation structure in 
the grains. 

Time and Temperature Dependence of Recovery 
from the Effects of Plastic Deformation—It was 
established by the annealing experiments already 
described that the structural sites of attack in cold 
rolled Cu,Au, shown in Fig. 4, disappear after an- 
nealing for 30 min in the temperature range of 300 
to 400°C. Immersion and examination of structures 
after isothermal annealing at 300°C indicated that 
the sites of deformation in the grains are deacti- 
vated in 50 to 100 hr at 300°C; no microscopic or 
X-ray evidence of recrystallization could be found 
in these specimens However, the conclusion 
regarding the apparent absence of recrystallization 
is dependent on resolving and identifying new re- 
crystallized grains and, therefore, it can only be 
stated that the disappearance of activity in the 
deformated grains occurs immediately before, or 
coincident with, the earliest stage of recrystalliza- 
tion 


Discussion of Experimental Results 

The results have shown, at least in Cu,Au, that 
the effect of long range order on intergranular 
cracking is negligible. Grain boundaries are, in- 
herently, in a state of relative disorder and evi- 
dently the state of order in adjacent grains does not 
significantly affect the chemistry or constitution of 
the boundarie 

The time dependence of fracture is changed to 
a small but significant extent by quenching from 
850°C, and it is independent of time at temperature, 
Fig. 2. Lattice parameter measurements’ and specific 
heat measurement have demonstrated that there 
is a difference in the state of short range order in 
Cu,Au, above and below 600°C. In addition, a 
study of critical resolved shear stress, measured at 
temperature, indicates a rapid change in mechanical 
properties occurring between 580° and 600°C 
Present experimental results are consistent with 
these observations insofar as a change in fracture 
properties also occurs above 600°C. It appears, 
therefore, that the difference in fracture suscepti 
bility observed after quenching from 850°C may be 
associated with the state of short range orde1 
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Fig. 4—Effect of plastic deformation of Cu,Au on structural reactions in ferric chloride: a) 6 pct detormation, b) 49 pct de- 
formation. X150. Enlarged approximately 15 pct for reproduction 


Fig. 5—a) Annealed, and b) plastically deformed specimens of Cu.Au after four months immersion in ferric chloride; c) and d) 
same specimens as a and b, respectively, after reheating to 850°C for 96 hr. X250. Reduced approximately 5 pct for reproduction 
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The preferential removal of copper from grain 
boundaries appears to be an intrinsic property of a 
boundary in a homogeneous solid solution in that it 
is orientation dependent and not necessarily associ- 
ated with precipitation. In fact, the appearance of 
the structure after removal of copper is exactly 
similar to the structure observed when a volatile 
solute diffuses out of a polycrystalline aggregate at 
high temperatures, including the creation of holes 

The evidence indicates that the chemical removal 
of copper from grain boundaries is dependent on 
both alloy composition and structure. The phenome- 
non does not occur in pure copper containing struc- 
turally similar boundaries. On the contrary, pro- 
longed immersion of pure copper in ferric chloride 
oroduces grain boundary grooves with a stable di- 
hedral angle without continuous penetration in the 
plane of the boundary, similar to the grooves formed 
by thermal etching 

In summary, both a structural path and a galvanic 
potential difference are necessary for continuing 
penetration. Reaction is nucleated at the surface 
trace of the boundary because of the unstable con- 
figuration at this location, which corresponds to the 
edge of a grain. Preferential removal of copper from 
the alloy creates a local inhomogeneity in the solid 
solution. The resulting potential of 0.2 volts be- 
tween Cu,Au and gold, measured in ferric chloride, 
produces rapid and continuing removal of copper, 
in a direction defined by the boundary plane. In pure 
copper, nucleation occurs at the same structural 
site, where the grain boundary intersects the plane 
of the surface. However, the measured potential dif- 
ference between grains and grain boundaries in 
pure copper goes to zero with the formation of a 
stable groove and preferential penetration stops,” 
because the boundary itself does not provide the 
necessary chemical driving force 

That the general phenomenon is electrochemical 
in character is supported by the following experi- 
ment, confirming the observation of Graf” in Ag-Au 
alloys. A pure copper strip was attached to a loaded 
specimen and ferric chloride was introduced be- 
tween the copper strip and the Cu,Au alloy. The 
potential difference between copper and Cu,Au in 
ferric chloride is about 0.5 volts, with copper acting 
as anode. No failure occurred in 10 hr. A specimen 
loaded to the same stress but not protected by a 
sacrificial anode failed within several minutes. Re- 
versal of polarity with an external battery simply 
accelerated structural attack and failure 

Sites of preferential oxidation of copper are pro- 
duced by plastic deformation in the vicinity of grain 
boundaries and twin boundaries, where the com- 
plexity of deformation and the associated stresses 
are highest. As shown by the holes, Fig. 5, reaction 
at these sites is not limited to surface traces but 
penetrates deeply into the grains. The presence of 
additional sites of attack reduces the intensity at 
any one site, in conformity with the general be- 
havior of galvanic systems.” Accordingly, it is prob- 
able that the latter effect accounts for the decrease 
generally ob- 


in susceptibility to cracking that 1 
served after cold working different alloys 

The fact that, after annealing, the disappearance 
of attack at the deformation structure in the grains 
so nearly coincides with the start of microscopically 
visible recrystallization seems to indicate that the 
recrystallization process may have started in the 
deformation sites, but it has not progressed suffici- 
ently to be observed microscopically. This implies, 
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of course, that major rearrangement of the structure 
in deformation bands is required before their chemi- 
cal activity is reduced to that of the more perfect, 
recrystallized grains. 

The function of stress may be divided into two 
parts. First, there is a mechanical problem in frac- 
ture involving stress concentration at cracks pro- 
duced by reaction, probably accompanied by chemi- 
cal reaction in the plastically deformed volume at 
the leading edge of the advancing crack. Second, if 
the stress is high enough, there is the production by 
plastic deformation of new sites of preferential re- 
action, initially concentrated near grain boundaries 
and twin boundaries. In a polycrystalline aggregate, 
grain boundaries are a preferential site of both re- 
action and stress concentration. Fracture takes place 
at this location in preference to all others, provided 
the necessary chemical conditions are satisfied 

In general, the relative activity of alloy com- 
ponents will depend on the chemical environment 
Therefore, susceptibility will be a function of both 
composition and environment Since it is impos- 
sible to reduce the difference in activity to zero in 
an alloy of two different metals, most alloys will be 
more or less susceptible in some environment, as 
indeed seems to be the case. Two classes of alloys 
may not be susceptible to this type of failure: 1) al- 
loys in which neither component reacts with the 
corrosive environment, and 2) alloys in which the 
concentration of the nonreactive component is large; 
for example, copper alloys high in gold, which ex- 
hibit none of the preceding phenomena, It is not yet 
clear whether the absence of susceptibility in the 
latter case is a structural effect related to the large 
number of nonreactive atoms or an allied electro- 
chemical effect associated with the composition 


Conclusions 

1) Stress cracking susceptibility and the struc- 
tural path of fracture in Cu,Au are not affected by 
long range order. Presumably the boundaries are al- 
ready in a disordered state and order in adjacent 
grains does not alter their chemistry or constitution 

2) Susceptibility to stress cracking 1s decreased 
by quenching from a high temperature. The effect 
appears to be associated with short range order 

3) Copper, in Cu,Au, is removed selectively by 
ferric chloride from grain boundaries, incoherent 
twin boundaries, and deformation sites, leaving a 
gold sponge. The chemical removal of copper from 
grain boundaries is orientation dependent and an in- 
trinsic structural property of the boundary in a 
homogeneous solid solution 

4) The mechanism of boundary reaction in a 
tructural path and 
nucleated at 


olid solution involves both a 
a potential difference. Reaction 1} 
the boundary where selective removal of copper 
creates a local inhomogeneity in composition. A 
galvanic potential is developed between the alloy 
and the remaining gold, which supplies the driving 
force for continued penetration in a direction de- 
fined by the boundary plane 

5) Cold work produces new sites of reaction ad- 
jacent to grain boundaries, twin boundaries, and in 
The disappearance of activity 
immediately 


deformation band 
at these site after annealing, occur 
prior to the start of microscopically visible recrys- 
tallization 

6) The spreading of reaction to sites of deforma- 
and consequent diminishing in- 


tion in the grain 


OCTOBER 1956, JOURNAL OF METAL$—1281 


tensity of reaction at grain boundaries, explains the 
observed effect of plastic deformation in decreasing 
susceptibility to stress cracking 
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X-Ray Diffraction Determination of The 


Coefficients of Expansion of Alpha Uranium 


The unit cell dimensions of orthorhombic uranium have been determined over the 
temperature range —253° to 640°C. Above room temperature (27°C), these data were 
found to fit the equations a, + 17.2x10 (t—27) + 30.8x10 (t—27)°|, 
b, = b., —9.2x10 (¢—27) + 40.4x10 (¢ —27)? — 67.5x10 (¢ —27)'], 
11 + 25.1x10 —27) — 21.3x10 (t—27)? + 57.5x10 '* —27)'). 
Mean coefficients were computed. Over the range —253° to 100°C, these were com- 


pared with dilatometer data. 


HERMAL expansion coefficients of «a uranium 
wer originally reported’ on the basis of X-ray 
diffraction measurement of lattice constants at 25 
400°, and 650°C, These data have been reproduced 
by Katz and Rabinowitch.’ CuK radiation had been 
used in this work, with consequent crowding of the 
patterns, Considerable overlap of the back-reflec- 
tion lines was observed as the temperature was 
raised, Subsequent reexamination of the data led to 
the conclusion that errors had resulted from failure 
to obtain unequivocal indexing of the high angle 
reflections at elevated temperatures 
The measurements have been repeated, using FeK 
radiation, which provided sufficient dispersion to 
assure proper indexing of the reflections, at each 
temperature level. The unit cell dimensions were re- 
determined at ten temperatures, from 25° to 650°C 
Sechuch and Laquer’ measured the macroscopic 
contraction from room temperature down to —253°C, 
and reported a negative value from 210° to 
253°C; they suggested the possibility of the occur- 
rence of a phase change. In the present work, the 


J. R. BRIDGE, C. M SCHWARTZ, and D. A. VAUGHAN are 
associated with Structural Chemistry Div, Battelle Memorial Insti 
tute, Columbus, Ohio 

TP 4306E. Manuscript, Aug. 15, 1955. Cleveland Meeting, Octo 
ber 1956 


1282—-JOURNAL OF METALS, OCTOBER 1956 


by J. R. Bridge, C. M. Schwartz, and D. A. Vaughan 


lattice constants of uranium have been measured 
down to —253°C, to test this hypothesis 

Filings were prepared from a single piece of pure 
uranium bar stock. They were carefully cleaned 
with a magnet and pickled in nitric acid to remove 
traces of iron ftom the file. They were then an- 
nealed at 600°C in a sealed evacuated silica tube 
The annealed filings were pickled in strong nitric 
acid to remove any oxide layer, washed in water 
and alcohol, quickly dried, and sealed in evacuated 
thin-walled silica capillary tubes. If properly sealed, 
the sample could be heated to the a-f trgrisforma- 
tion temperature without significant builflup of the 
diffraction pattern of oxide 

The high temperature X-ray diffraction camera 
was modified from the design of Hume-Rothery and 
Reynolds. The thermocouple used to record the 
specimen temperature was calibrated from lattice- 
constant measurements of a standard silver speci- 
men, using the Hume-Rothery and Reynolds values 
for silver over the temperature range from 25° to 
700°C. Temperatures were reproducible to +10°C 

Temperatures to —210°C were attained by pass- 
ing precooled gas over the sample. The gas from 
the cooling train was directed over the sample 
capillary tube and thermocouple by means of a 
chimney of l-mil polystyrene. The 36-gage Cu- 
constantan thermocouple had been calibrated by 
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immersion in liquid nitrogen and liquid hydrogen 
Because of the rapid gas flow, the small mass of 
the sample, and its close proximity to the thermo- 
couple bead, it is believed that the specimen tem- 
perature was fairly well recorded. A single run was 
also made in which liquid hydrogen was passed ove 
the sample, which in this case reached —253°C 

Analysis of the Data—The Cohen method’ of 
analytical extrapolation of the observational data 
was used to eliminate the systematic errors of ab- 
sorption, eccentricity, and radius and film shrink- 
age. However, it was recognized that a large absorp- 
tion error would be unavoidable in the of 
uranium samples, and that film shrinkage would 
produce an error of the same sign. It was therefore 
decided first to minimize the shrinkage error in each 
film experimentally, using the Straumanis arrange- 
ment’ of the film, and to eliminate the remaining 
errors by extrapolation 

Cohen shows that the quadratic form of the Bragg 
equation for an orthorhombic crystal, corrected for 
systematic errors, may be written 


case 


A 
( ) + Ddédsin d = cos’ 
2c 2 


where D 4 sin 4 is the error term (in which D is a 


constant for any single film); ‘ 6: 0 
Bragg angle; h, k, and l are the Miller indexes of 
the reflecting planes; a,, b,, and c, are the unit cell 
dimensions of the crystal; and A is the X-ray wave- 
length 

A set of measured cos* 4/2 values, obtained from 
a given film, provides a corresponding number of 
observational equations of the foregoing form. These 
are conveniently solved for the unit cell dimensions 
a,, b,, and c, by the method of least squares 

The larger the number of diffraction lines having 
(#) greater than 60° that appear on 
is the analytical extra- 
was im- 


Bragg angles 
the film, the more 
polation. In the present 
portant that the diffraction lines be unequivocally 
indexed at all temperatures. It was found that FeKa 
plus Ka, radiation provided the necessary resolution 
and gave ten usable diffraction lines at @ greater 
than 60° over the entire temperature range 

Unit Cell Dimensions of « Uranium—The 
obtained in the measurement of unit cell dimensions 
are listed in Table I. In the last column the cell 
volumes are given for each temperature as derived 
from the product of the three cell dimensions 

The data for the temperature range 27° to 640°C 
are plotted in Figs. 1 and 2. The curves drawn in 
these figures were obtained by the least squares 
method of solution of an expression of the form 


¢ X, (1 + aT 4 pT + yT") 


and y are constants; X, is the lattice 
temperature t°C; X, is the lattice 
and T is the difference in tem- 


precise 
investigation it 


data 


where a, 8, 
parameter at 
parameter at 27°C; 
perature (t — 27°) 

The resulting cquations* are as follows 


* These equations, and the smooth curves of Fig. 1 derived from 
ther appear in a compilation of physical constants of uraniurr 
AEC, The Re tor Handboot 1955 ol. 3, sec 1, Washington, D ¢ 


General Properties of Materials, AECD-3647, Supt. of Documents 
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Fig. 1-—Unit cell dimensions of « uranium as a function of 
temperature 
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Fig. 2—Volume of « uranium as a function of temperature 
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Table |. Measured Unit Cell Dimensions of « Uranium 


Rupe Temper 
sure ature 
Ne 


SS SSS SSS 


* These 


and Kea 


1 93597A 


values are in true angstroms,’ using Fe 
1 


{100} a, ay [1 + 17.2x10°T + 30.8x10°T"| [1] 


[O10] b, [1 ~9.2x10°T 4 


40.4x10°T* — 67.5x10 "T] [2] 


[001] 25.1x10°T 


21.3x10°T" + 57.5x10"T"] [3] 


Volume V, V,, [1 + 45.0x10°T 


3.4x10°T + 5x10 [4] 


Since for most engineering applications the change 
in dimensions on heating above room temperature 
is desired, it is more practical to know the mean 
coefficients between room temperature and the vari- 
ous temperatures through the a range. Table II gives 
the mean coefficients of thermal expansion am in 
each of the three crystallographic directions and the 
volume coefficient; these were derived from the 
curves in Figs. | and 2 by substitution in the follow- 
ing equation 


X,— Xs 
Xe (t 25) 


where X, is the value taken from curves for a,, by, ¢., 
and volume at various temperatures t, and X,, is 
the cell dimension or volume at 25°C 

The lattice-constant data obtained below room 
temperature did not fit the extrapolations of Eqs 
1, 2, or 3. Therefore, the mean coefficients of thermal 
expansion, over the temperature range 253° to 
+ 100°C, were obtained by direct substitution of the 
low temperature data of Table I into Eq. 5. The 
results for each crystallographic direction appear in 
Fig. 3. These were computed with reference to 0°C, 
rather than 25°C, in order to compare the X-ray 
results directly with the corresponding dilatometer 
data reported by Schuch and Laquer.” These curves 


1284—JOURNAL OF METALS, OCTOBER 1956 


show a significant difference in dilation among the 
three crystallographic directions. Of particular in- 
terest is the absence of a significant change in dimen- 
sions in the b direction below room temperature. 


xX,—*X; 
Table Ii. Mean Coefficients of Thermal Expansion «,. — ————— 
— 25) 
as Computed from the Curves of Figs. | and 2 per °C 


Temper- 


ature, °C 


a,xlo* 


ww 


The a and c-axes show a normal expansion with 
temperature, except that the a-axis shows a slight, 
but apparently significant, increase in size on de- 
creasing the temperature from -—210° to —253°C 
Thus the bulk dilation of polycrystalline samples 
having preferred orientation will depend upon the 
direction measured. For randomly oriented crystal- 
lites in massive metal the true coefficient of linear 
expansion 1s a (aa + ab ac)/3 while the 
volume expansion is 3a. The X-ray values of the 
true linear expansion of uranium are plotted in 


Temperature, © 


Fig. 3—Mean change in length per unit length for each of 
the crystallographic directions, over the temperature range 
from —253° to + 100°C 
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tlie: 7 
Cell 
Volume 
in 
Sample Me, Do, Cor Cable 
Ne A’ a’ A’ a’ 
23 D 253 2 5 865 930. 82.18 
i 15 210 2 8:56, 5 866 935. 62.12 
5 210 2 839, 5 666. 62.15 
5 185 2 837. 5 866, 935 82.16 
: ; 10 D 150 2 #43 5 B68 93% 62.41 
; " G 150 2.836 5 B66, 942 82.30 
100 2 B44, 5 945. 82.54 
5 45 2 845 5 864 942. 82.46 
10 27 2.854 5 860 954, 63.00 45.8 
6 A 27 2 855 5.868 957 83.05 75 3 4 45.8 
7 27 2.853 5.865. 957 82 125 458 
15 97 2 860 5 867 96% 83.31 175 464 
7 100 2.858. 5 B66. 83.19 225 20 2 47.7 
102 2 861 5. 66, 967» 83.38 275 26 5 24 9 48.6 
14 K 102 2.859 5.865 968 83.33 29 8 03 
6 +175 2.861 5.867 971 83.47 29 518 
13 J 200 2 865 5. B64, 976» 83.65 
13 M +275 2.872 863 987 83.99 475 3 
$25 2 B75» 5.865 84.17 71 9 57.8 
D 400 2 886 5 B62 8461 35 a6 0 61.0 
13 K 400 2 882 5 856 #004 84 46 2 615 
15 451 2 890 5.855. 5.014 84 oad 
475 2 492, 5 854 5.017 84.06 
4 15 521 2900 5.855. O28, 65 40 
+ 550 2.905 5 845. 85.59 
15 D 572 2.905 5 844, 5.037» 85.55 
15 612 2.915 5. 5.053, 86.02 
15 G 640 2 016 5 635. 5.053 86.00 
10 
Temperature, 
, 5 
* 
4 
600 
% 200 
4 base 
3 
2 
200 
a 
. 
a 


Fig. 4 along with the dilatometer data reported by 
Schuch and Laquer.’ The results are in fair agree- 
However, the trend of the X-ray data sug- 
indicate a 


ment 
gests a slightly greater slope; this may 
small amount of preferred orientation remaining in 
the dilatometer sample 


Discussion of Results 

Comparison of the curves of Fig. 1 with the orig- 
inal X-ray data on thermal expansion of a uranium 
shows that the former were considerably in error 
In particular, it is evident that the b-axis continues 
to contract with increasing temperature, rather than 
attain a minimum at approximately 300°C as was 
previously indicated. The a and c-axes show a uni- 
form expansion somewhat greater than previously 
reported. There are no phase changes or nonuniform 
changes in density indicated over the temperature 
range 27° to 650°C 

Below room temperature, the contraction of the 
b and c-axes with decreasing temperature is normal, 
although in the b direction the change is small. The 
a-axis also contracts in a normal manner to —210°C, 
but appears to expand again at —253°C. As a result, 
the plot of mean coefficients, Fig. 3, shows a mini- 
mum in the a direction. In Fig. 4, the volume mini- 
mum between —210° and —253°C is less pronounced, 
since the a expansion is partially masked by the 
continued b and c¢ contraction 

The X-ray data at liquid hydrogen temperature 
represent a single observation, and the results can- 
not be considered without reservation. It is of in- 
terest, 
dilation values of Schuch and Laquer, 
reproduced in Fig. 4. The results are consistent, 
although the scatter in the X-ray data precludes 
positive verification of the negative expansion at 
Further X-ray diffraction experi- 
It may be pointed out, however, 
253°C is that of @ ura- 


however, to compare these data with the 
which are 


low temperature 
ments are needed 
that the X-ray pattern at 


nium; no phase transformation occurs 
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Fig. 4—Comparison of dilatometer and X-ray diffraction de 
termination of the mean coefficient of thermal expansion of 
a@ uranium over the range from —253° to 4 100°C. Short 
dashed line represents the data of Schuch and Laquer.” 
Circles represent X-ray diffraction data 
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Magnetic Interactions: Fe-Ni-Al System 


A thermodynamic analysis of the » loop in iron alloys recently published by Zener’ was applied 
to the ternary phase diagram Fe-Ni-Al. From this analysis two separate parameters, AT........ and 
AT , were obtained, which describe the influence of the alloying elements upon the mag- 
netic transformation range and a hypothetical martensite temperature, respectively. Extrapolation 
of the resulting values, plotted against the atomic fraction Ni/(Ni+Al), indicates an anomalous 
effect of aluminum on the ferromagnetic characteristics of iron. An interpretation of the anomaly 
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is advanced in terms of short range magnetic order above the Curie point. 


by Ulrich H. Roesler 


ECENTLY, C. Zener’ published a new thermo- 
dynamic treatment of the a/y transformation in 
interpretation differs from the pre- 
mainly through the separation of 
into two additive 


iron alloy Hi 
viou 
the free energy difference, G*—G', 


theorie 
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Fig |—Portion of Fe-Ni-Al phase diagram after Bradley, 
and equiamount curve of the a +» area, at 1350°, 1250°, 
1150°, 1050°, and 950°C 


parts: 1) a nonmagnetic part, which represents the 
hypothetical case that the magnetic moments of 
the individual atoms remain coupled to one another, 
and 2) a magnetic part, which arises solely from the 
absorption of heat associated with the gradual un- 
coupling of the magnetic moments. For the case of 
a closed y field, Zener deduced quantitative rela- 
tions between the shape of the y loop and the effect 
of the alloying elements on the magnetic trans- 
formation 

In general, the new treatment gives a _ bette 
agreement with the experimental data, but in the 
case of the Fe-Al system, some discrepancy be- 
tween theory and experiment still arises.’ Here, 
however, Zener's analysis of the y loop couid not be 
applied directly; the loop is so narrow that it is 
rather difficult to tell anything about the detail in 
its shape. In the present study the artifice is in- 
troduced of enlarging the Fe-Al y loop by adding a 
ultable third element, namely nickel, which opens 
the y field. With the transition from the binary Fe- 
Al system to the ternary Fe-Ni-Al system, the » 
loop is expanded and, therefore, more suitable for a 
quantitative analysis of its shape. The analysis of 
this ternary y loop, carried out by means of vertical 
sections through the iron corner of the ternary 
phase diagram, is presented further on 

This analysis of the y loop did not remove the 
discrepancy for the Fe-Al system: the interpreta- 
tion in terms of Zener's theory seems to be in dis- 
agreement with the Curie temperature data.” A 
preliminary attempt is made to understand this 
anomaly in terms of the differences between the 
ferromagnetic characteristics of alloys and those of 
pure iron 


Previous Work on the Fe-Ni-Al Phase Diagram 

Much work has been done on the Fe-Ni-Al sys- 
tem in the last twenty years. W. Késter’ established 
the phase diagram by microscopic, thermal, and 
magnetic analyses. A. J. Bradley and A. Taylor’ 
discovered by X-ray investigations on slowly cooled 
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alloys that at low temperatures, besides the a and 
y phase, there exist two ordered phases a’ and 7’. 
S. Kiuti, who independently detected the a + a’ 
miscibility gap, did rather extensive experimental 
work. His phase diagram, however, is in disagree- 
ment with the principles of the phase rule. At tem- 
peratures below 1000°C, the three-phase area 
a +a’ + y in the isothermal cuts is not delineated 
by straight lines. Apparently the heat treatment 
used by Kiuti was too short to get equilibrium 
structures. W. Danndhl” tried to combine Koster’s 
experimental results with the low temperature 
phase diagram established by Bradley and Taylor 
Unfortunately he took Ko6ster’s vertical sections 
through the aluminum corner for sections parallel 
to the binary Fe-Al diagram. Therefore, he got 
some additional discrepancies 

The most recent establishment of the Fe-Ni-Al 
phase diagram was carried out by A. J. Bradley,“ 
who metallographically investigated the ternary 
system up to 50 atomic pet Al from 1350° to 750°C. 
His rather accurate data are presented by isother- 
mal cuts through the ternary phase diagram (see 
Fig. 1). In part I of Bradley's papers,” special at- 
tention has been paid to the widening of the a + y 
miscibility gap between the a and y single-phase 
fields. Therefore, Bradley's data are particularly 
suited for use in an analysis of the iron rich corner 
in the Fe-Ni-Al diagram 


Vertical Sections Through the Iron Corner 
And Equiamount Curves of the « + y Area 


From the isothermal sections in Bradley's work, 
several vertical cuts through the iron corner of the 
Fe-Ni-Al diagram were constructed in the range of 
composition Ni: Al from 25:75 up to 70:30 (atomic 
pet). The cut with the concentration ratio Ni: Al 
55:45 represents approximately the border between 
the occurrence of a closed y field and of an open y 
field. The considerations are restricted to the cuts 
with closed y field, Fig. 2 

With increasing concentration ratio Ni:Al, the 
a y field expands to higher amounts of the alloy- 
ing elements. It is clearly seen from Fig. 2 that the 
a +y loop is not delineated symmetrically with 
respect to temperature; there is a tendency for the 
loop to rise toward higher temperatures. Follow- 
ing Zener’s theoretical treatment, the shape of the 
y loop in the vertical sections through the iron 


Fig. 2—Fe-Ni-Al, sections through the iron corner 
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| Fig. 3—Equiamount 
| curves of the 
| area, for several 
c vertical sections 
4 | through the iron 
é | corner of the Fe-Ni 


Al phase diagram. 


corner will be used for a quantitative thermo- 
dynamic evaluation 

For this analysis Zener,’ in order to simplify the 
thermodynamic treatment, introduced hypothetical 
equiconcentration curves defined to give the con- 
centrations at which two phases would be in equi- 
librium with one another, if the constraint is im- 
posed that the two phases are to have the same con- 
centration. It is not possible to localize these hypo- 
thetical curves exactly in the phase diagram. Never- 
theless, equiamount curves can be introduced, which 
are defined to give the overali concentrations at 
which both equilibrium phases are present in equal 
amounts. These equiamount curves are approxi- 
mately equivalent to the equiconcentration curves 
They can be derived from the phase boundaries of 
the a + y field, since they are the loci of the tie 
line midpoints 

Unfortunately, most of the published experi- 
mental work on ternary diagrams does not include 
the determination of tie lines. In comparatively 
simple cases, a rough idea about the trend of the tie 
lines may be gained from the general rules applying 
to isothermal sections in ternary phase diagrams 
In the case of the Fe-Ni-Al phase diagram, no tie 
lines have been determined by experimental work 
except for room temperature, But, approximately, 
the whole series of tie lines can be inserted by con- 
tinuously changing their direction across the two- 
phase area. In Figs. 1 and 2, the equiamount curves 
of the a + y region are represented by dot-dash 
lines. The equiamount curves for the different con- 
centration ratios Ni: Al are collated in Fig. 3. From 
this compilation, which will be used for the analysis 
of the a + y loop, the uplifted shape of the a + y 
loop is seen again very distinctly 


Analysis of the » Loop 

Zener’s Thermodynamic Treatment——-The separa- 
tion of the free energy difference, G G', into a 
nonmagnetic part and a magnetic part permits de- 
scription of the effect of each alloying element upon 
the a/y transformation by means of two character- 
istic parameters which are related to the unit con- 
centration of the element. One of these parameters, 


AT ...., corresponds to the change of the temperature 


range in which the magnetic uncoupling occurs; the 
other, AT.,,,., corresponds to a hypothetical effect 
which results if the influence of magnetism is neg- 
lected 

In a phase diagram with closed y loop, represent- 
ing the a + y field by means of the equiconcentra- 
tion curve (see the previous section), the parameter 
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AT... results in a shear of this curve parallel to the 
temperature axis, i.e., in a sagging or uplifted y 
loop. Zener demonstrated that, apart from this 
shear parallel to the temperature axis, and apart 
from a change of scale, a plot of G*—G’ vs T is 
identical with the equiconcentration curve. He de- 
duced, for the case of a closed y field, the following 
relation between the equiconcentration line and the 
parameters AT,,,,, and AT,,., 


where (G*—G’'),.., is the maximum value of the 
G" G’ temperature function for pure iron, or 16.1 
cal per mol; S is the difference in nonmagnetic 
molar entropies of a and y iron, or 1.41 cal per 
mol’C; and C,,,, is the maximum breadth of the y 
loop (represented by the equiconcentration curve), 
Furthermore, the parameter AT,,., can simply be 
expressed in terms of the maximum breadth of the 
y loop, C,,,,, the temperature at which it occurs, T,, 
and the temperature corresponding to (G* — G"),... 
for pure iron, T 
T,—T,. 
[2] 
By means of Eqs. 1 and 2, the parameters AT,,,, and 
AT,,.,, Can be determined directly from the equi- 
concentration diagram or, with the assumption 
made previously, from the a/y equiamount curve 
represented by the bisectrix with respect to the tie 
lines of the two-phase region 
Evaluation of the Fe-Ni-Al Phase Diagram-—The 
numerical evaluation of the vertical sections 
through the iron corner of the Fe-Ni-Al phase dia- 
gram by means of the equiamount curves collated 
in Fig. 3 is presented in Table I. The results of the 
calculations are plotted in Fig. 4. Hence, it appears 
that the difference of the two parameters (AT,,,,, 
AT...) has a fairly linear relationship to the concen- 
tration ratio C,,/C The terms AT,,,,, and AT... 
both have positive values and lie on curves which 
pass through a flat maximum 
Before discussing the results of Fig. 4, the main 
sources of error which are involved in the reported 
method should be considered 
Sources of Error and Limits of Accuracy——There 
are three main factors which limit the accuracy of 
the results: 1) the experimental determination of 
the phase boundaries of the ternary system; 2) the 
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Fig, 4—AT ond are plotted as functions 
of the concentration ratio C.,/C 
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Table |. Calculations of AT... 


Atomic Pet T 


0°100 
25°75 

15.65 51 1190 65 
00 69 1205 80 
45 55 11.34 1220 95 


50 50 


* Cues and T, are the coordinates of the concentration maximum in 


and AT...., From Vertical Sections Through the Iron Corner of the Ternary Phase 
Diagram Fe-Ni-Al 


5.7 

3.3 3.2 I 
22 12.7 15.0 
1.65 116 132 
1.01 8 94 
62 5 63 


the equiamount curves of the a y area 


in order to get the equiamount 
curves from the phase boundaries of the a + y re- 
gion; and 3) the determination of the temperature 
T,, which corresponds to the maximum value of 
(G G’) for pure iron 

1) The establishment of the ternary phase dia- 
gram Fe-Ni-Al, by A. J. Bradley,” has been carried 
out very carefully. As far as the phase boundaries 
in isothermal cuts are concerned, the mean error in 
a direction perpendicular to the phase boundary 
might reasonably be assumed to be + %q atomic pct 
For the vertical cuts with concentration ratios 
 Omry 4 OTE 25 to 50 pet, on the average an error of 
+086 to *2 atomic pet, respectively, is obtained 

2) The expected error which results from the 
interpolation of tie lines was calculated for two 
vertical cuts (Ni:Al 25:75 and 50:50) over the 
entire temperature range of the a + y region. It 
turned out that, in the particular case of the Fe-Ni- 
Al system, in a first approximation, the errors which 
are introduced by the method of filling in tie lines 
in the a + y field can be disregarded 

3) The value T 1125°C, corresponding to the 
maximum value of (G G') for pure iron, was 
taken from the data of L. S. Darken and R. P 
Smith.” This value may be in error by about +10°C 

The total expected error which arises from the 
factors mentioned was calculated for the vertical 
sections with Ni: Al 50:50 and 25:75. This cal- 
culation shows that the mean error increases very 
strongly with decreasing concentration ratio Ni: Al: 
from +0.07 to +0.7°C per atomic pet for the differ- 
ence AT.,,, ~ 4T..., and from +2.2 to +12°C per 
atomic pet for the separate terms AT,,,, and AT... 

Hence it appears that the mean error for AT, 
and AT,,,,, amounts to one order of magnitude more 
than the corresponding error in the difference AT.,,,,, 

AT... Whereas the observed straight line relation 
of the (AT,.., AT...) function is fairly reliable, 
the AT,,., and AT functions can only be consid- 
ered as rough approximations. Particularly, it is 
rather difficult to get, by extrapolation, reasonably 
accurate values AT... and AT,,,,, for the concentra 
tion ratio Ni: Al 0: 100, i.e., for the binary system 
Fe-Al. Zener’ tried to determine the value AT, 
of the system Fe-Al indirectly. He assumed that 
\T is given by the experimental data on the M 
temperature in Fe-Al alloys.” Using this data for 
AT....., he calculated AT,.. from the difference 
oo AT... a8 given by the breadth of the y¥ 
loop, according to Eq. 1. The correlation between 
the hypothetical term AT,,,,, and the M, temperature 
is certainly very rough, but nevertheless, in the case 
of Fe-Al, the values obtained by Zener fit fairly 
well on an extrapolation of the curves in the dia- 


insertion of tie line 


gram, Fig. 4 


1288—JOURNAL OF METALS, OCTOBER 1956 


Results and Discussion” 


* The author is indebted especially to H. Sato of the Westing 
house Research Laboratories for the revision of this paragraph 

Beyond the range of the rather large errors which 
possibly are included in the curves plotted in Fig 
4, there remain some remarkable features which 
will now be discussed: 

1) The difference AT,,,,, — AT... depends lin- 
early upon the concentration ratio Ni: (Ni + Al) 
This straight line function, if extrapolated, becomes 
zero at the concentration ratio Ni:Al 55:45. As 
mentioned previously this concentration ratio cor- 
responds to the border between the occurrence of a 
closed and an open y field. According to Zener’s 
representation of the effect of alloying elements by 
means of a parameter field with the coordinates 
AT... and AT,,.,,, the cases of closed and open y field 
border on the straight line AT,,,,, AT acc. That is 
exactly what results from the foregoing statement 


From the linear function for AT,.., ATass, 
plotted in Fig. 4, and Eq. 1, there follows 
11.4 
os (atomic pet Ni + Al) [3] 


b(1-N/a) 


where C,,,, is the maximum extent of the a + y 
equiamount curve, N Cy,,/Cx,.4,, and a and b are 
the intercepts of the straight line on the abscissa 
and ordinate, respectively. Eq. 3 is valid for all 
ternary iron diagrams in which the AT,,,,, — AT... 
function is a straight line. Thus, if this linear re- 
lation proves to be a rule for all ferrous ternary sys- 
tems Fe-A-B (A represents y field closer, B the y 
field opener), there is an easy way a) to calculate 
C... for any concentration ratio C,/C, using the 
binary phase diagram Fe-A, but one vertical cut 
through the iron corner, and b) to determine the 
concentration ratio C,/C, which marks the occur- 
rence of closed or open y field, by linear extrapola- 
tion of the (AT... CSG, plot 

2) At first sight, the positive value AT,,,, for the 
alloying element aluminum in iron alloys seems to 
be in disagreement with Curie temperature data. In 
Fe-Al alloys, aluminum slowly lowers this tempera- 
ture by about 2°C per atomic pct, up to 15 pet Al 
Nevertheless, such anomalies can be explained in 
several ways. The foregoing analysis is based upon 
a separation of the free energy term into a mag- 
netic and a nonmagnetic part. It was assumed that 
only the magnetic part is temperature dependent. 
Since this, however, is not exactly true, the temper- 
ature dependence of the nonmagnetic part may also 
influence the shape of the y loop. For example, 
atomic short range order, lattice distortion due to 
the alloying element, etc., can play an important 
role. Some other relations will be pointed out else- 
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where.” In the particular case of Fe-Ni-Al alloys, 
superlattice formation has been observed by A. J. 
Bradley and A. Taylor,” and it is quite possible that 
short range order of atoms still prevails at the 
temperature and composition range which we con- 
sider. Nevertheless, the author is inclined to be- 
lieve that the anomalies stated previously are 
mainly due to the magnetic term, because Zener’s 
analysis holds for many binary alloy systems quite 
satisfactorily 

If the anomaly is attributed to the magnetic term, 
it is necessary to assume that the temperature de- 
pendence of the ordering of atomic spins in Fe-Al 
alloys is different from that of pure iron. That is, 
the short range magnetic order above the Curie 
point persists more strongly in the case of Fe-Al 
than in the case of pure iron. Actually, in the case 
of alloys, the temperature dependence of the spon- 
taneous magnetization and of the paramagnetic 
susceptibility above the Curie point deviates sub- 
stantially from that in pure elements. One possible 
cause of such a change due to the short range 
atomic order has been pointed out by H. Sato 
Though the magnetic characteristics of Fe-Al alloys 
in the neighborhood of the Curie point have not yet 
been investigated in specific experiments, the author 
believes that the foregoing consideration also holds 
in this case. Recently it has been shown, by the 
analysis of phase diagram data,” that the alloying 
element silicon gives rise to qualitatively the same 
anomaly as does aluminum. Thus it is quite inter- 
esting to study why and how such alloying elements 
cause the indicated change in ferromagnetic charac- 
teristics in iron alloys 


Summary 

In the present study, a thermodynamic analysis 
of the y loop in iron alloys recently published by 
Zener was applied to the ternary phase diagram 
Fe-Ni-Al. Through the iron corner of the phase 
diagram, within the existence range of a closed y 
loop, several vertical sections were constructed us- 
ing the data of A. J. Bradley. For the quantitative 
evaluation of these vertical sections, the a + y field 
was reduced to one equilibrium curve, represent- 
ing the locus of alloy compositions at which the 
equilibrium phases a and y are present in equal 
amounts. These equiamount curves, which reveal 
clearly the uplifted shape of the y loop, were 
numerically evaluated, following Zener’s treat- 
ment. From this analysis two separate parameters, 
AT... and AT,,,,., are obtained which describe the 


influence of the alloying elements upon the mag- 
netic transformation range and a_ hypothetical 
martensite temperature, respectively. These para- 
meters were plotted against the concentration ratio 
Ni: (Ni + Al) By extrapolating the resulting 
curves, it is found that in terms of Zener’s theory, 
aluminum should raise the temperature range in 
which the atomic spins in iron become uncoupled 
from one another. This seems contradictory to the 
fact that the alloying element aluminum lowers the 
Curie temperature of iron. Several possibilities to 
explain this anomalous effect are discussed. It is 
believed that, in the case of alloys, short range mag- 
netic order above the Curie point is maintained to 
higher temperatures than in the case of pure iron 
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Study of the Fe-Si Order-Disorder 


Transformation 


In spite of the closeness of the critical temperature for disorder to the melting 


point of a range of Fe-Si alloys, it was possible to produce disordered Fe-Si samples 
ranging in silicon content from about 8 to 28 atomic pct. The critical temperature 
for disorder was found to be highest for the stoichiometric composition of Fe,Si. In 
comparison with ordered Fe,Al, the Fe,Si superstructure exhibits considerably greater 
thermal stability. This has been attributed in part to differences in sizes of the 
respective solute atoms apparently resulting in varying degrees of lattice distortions 
with considerable influence on the relative ordering tendencies to reduce lattice 
strains. The physical properties of ordered and disordered Fe-Si alloys were com- 
pared. High temperature electrical resistivity measurements indicated that although 
Fe-Al and Fe-Si alloys differed with respect to the relative thermal stability of their 


RDERING reactions of Fe-Si compositions in the 
a region have been mentioned in a number of 
review articles However, little is known in re- 
gard to the critical temperature, T., at which this 
transformation takes place 

Greiner and Stoughton, in a study of the consti- 
tution of iron-rich Fe-Si alloys below 800°C, placed 
the onset of order at a composition of about 4 to 5 
wt pet (7.5 to 9.5 atomic pet) Si. They observed 
that at this composition the ductility and strength 
begin to decrease sharply and brittleness develops 
During X-ray studies they observed only the ap- 
pearance of superlattice lines for compositions con- 
taining 12.5 atomic pet Si. More recent X-ray dif- 
fraction studies detected the appearance of super- 
structure lines (corresponding to the calculated posi- 
tions of [111] and [200] reflections) for alloys con- 
taining 9.5 atomic pet. This fact confirms Greiner 
and Stoughton's original hypothesis in regard to the 
onset of order at compositions containing about 7.5 
to 9.5 atomic pet Si 

The physical properties of Fe-Si alloys containing 
more than 10 atomic pet Si have been studied only 
to a limited extent. Their extreme brittleness and 
difficulties of sample preparation render them of 
little industrial use in comparison with alloys in the 
0 to 10 atomic pet Si range 

The properties of Fe-Si alloys reported to date 
are mostly properties measured at room tempera- 
ture on ordered compositions It appears that be- 
cause of experimental difficulties fully disordered 
alloys could not be produced in the critical com- 
position ranges and their properties could therefore 
not be reported. In Figs. la, lb, and lc, a summary 
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superlattices, the ordering mechanism for these alloys follows the same pattern. 


by Frank W. Glaser and W. Ivanick 


of physical properties of Fe-Si alloys, measured 
during recent investigations of the influence of 
silicon additions to iron, is presented 

No mention of determination of the critical tem- 
perature, T., for disorder could be found in the 
literature. The following is an account of work done 
in an attempt to: 1) produce the disordered state 
of various Fe-Si alloys and establish the critical 
temperature, T,., for disordering, and 2) compare 
the electrical and thermal conductivity character- 
istics of the ordered and disordered phases as func- 
tions of composition 


Materials, Preparation of Test Samples, and 
Testing Methods 

Fe-Si alloys with high silicon contents (about 10 
atomic pct) are usually prepared using powder 
metallurgy techniques. This method insures accu- 
rate compositions and high purity through the use 
of protective atmospheres during solid state diffu- 
sion alloying of the mixed powders." Iron and 
silicon powders were mixed in the desired propor- 
tions, cold or hot pressed, and then homogenized at 
1150°C for periods ranging from 6 to 12 hr under 
a protective getter and in a hydrogen atmosphere 
Fully homogenized samples were quenched in water 
from various and successively higher temperatures 
to establish the critical temperature for disorder 
Temperatures were determined using Pt-—Pt-Rh 
thermocouples in contact with the test samples 

Test bars were approximately 0.6x1.25x7.5 cm 
Electrical measurements were made at room tem- 
perature by determining the potential drop over a 
1.5 cm span for a current of 10 amp. Densities of 
the samples were determined by immersion. High 
temperature electrical resistivities were measured 
using previously described techniques.” Specific heat 
conductivity up to 200°C was measured by heating 
one end of the test bar and water-cooling the other; 
heat conductivity was then obtained by subtracting 
the rate at which heat entered the water from the 
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rate at which electrical energy was supplied. X-ray 
diffraction analyses were carried out with a Nordco 
recording spectrometer, using chromium Ka radia- 
tion. Chemical analyses were made for all samples 
at various processing stages 


Results 

The data iisted in Table I are based on test re- 
sults obtained on quenched or annealed samples; 
quenching from above the critical temperature, T.., 
retained the disordered state while samples that 
were annealed (or homogenized) at temperatures 
of T. or close to T. were in the ordered state 

The degree of order or disorder of atoms in a 
solid solution has very pronounced effects on certain 
physical properties of alloys. The conductivity of a 
metal is partially determined by the amount of 
scattering that electron waves will experience due 
to lattice irregularities. These irregularities may be 
caused by thermal vibrations or by the disordered 
atomic arrangement in the lattice; they have, there- 
fore, an effect on the conductivity of an alloy, de- 
pending on the degree of order or disorder. Elec- 
trical and thermal conductivity measurements were 
therefore mainly used during this investigation to 
determine whether an alloy was in the ordered or 
disordered state. X-ray diffraction analysis was 
used as a qualitative test to confirm a state of order 
or disorder, respectively, as previously established 
through electrical measurements 

In Fig. 2, results of measurements of electrical 
resistivity of disordered (quenched) and ordered 
(annealed) samples have been plotted together with 
data from Fig. la. It can be readily seen that the 
resistivity values for ordered and disordered alloys 
of composition Fe,Si are different by a factor of 3, 
increasing from about 48 microhm-cm for the 
ordered composition to 145 microhm-cm for the 
disordered alloy. 

Physical properties for the disordered alloys had 
not been reported before. Considering the data of 
Table I, it is probable that, because of the closeness 
of T, to the solidus (1200°C) for composition Fe,Si, 
previous investigations had difficulties in obtaining 
the disordered state for these alloys 

The thermal conductivity of a number of ordered 
Fe-Si alloys and of pure iron has been plotted in 
Fig. 3 as a function of percentage of the theoretical 
density. The curves were extrapolated to 100 pct 
density and such values replotted against composi- 
tion in Fig. 4 together with data obtained on high 
density but disordered (quenched) specimens. In 
Fig. 5, the electrical resistivity of an Fe-Si 85/15 
alloy has been measured as a function of tempera- 
ture. The general shape of this curve is character- 
istic of Fe-Si alloys of varying silicon content. The 
initial change in temperature coefficient of electrical 
resistivity occurs at different temperatures, depend- 
ing on the silicon content. This relation is tabulated 
in Table II. It can be noticed that these data follow 
closely that of Curie point vs temperature as shown 
in Fig. le 

In Fig. 6, the thermal coefficient of electrical re- 
sistivity has been measured as a function of silicon 
content, both for disordered and ordered alloys. A 
maximum for this relation can be observed for 
ordered Fe,Si 

Discussion of Results 

Stability of the Ordered Solid Solution of Fe-Si— 
The ordering characteristics of Fe-Si and Fe-Al 
compositions have been reported to be similar in 
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the range up to 25 atomic pct." The silicon and alu- 
minum atoms occupy the same positions in the a 
structure. The crystal structure of Fe,Si or Fe,Al, 
respectively, is shown in Fig. ld. The range of solid 
solubility of aluminum in iron extends up to 50 
atomic pct; the solubility limit for silicon in iron is 
up to between 28 and 30 atomic pct 

The data of Table I have been plotted as T./T. » ,.. 
vs composition in Fig. 7. The highest critical tem- 
perature for disorder was observed for compositions 
containing 25.5, 26.9, and 27.9 atomic pct Si. Since 
a two-phase region should exist, especially in the 
lower silicon-containing compositions, the upper 
curve of Fig. 7 was drawn accordingly. The more 
accurate determination of the boundaries of the 
two-phase region proved very difficult because of 
experimental limitations. It is therefore believed 
that this region is very narrow even in the lowe! 
silicon ranges 


Table |. Critical Temperature for Disorder for Various Fe-Si Alloys 


Atomic Pet Si To, 
279 1120 
269 1120 
25.5 1120 
22.0 1100 
18.2 1060 
16.1 1040 
13.8 990 
10.9 900 


It is evident that the critical temperature for dis- 
reaches a maximum at the stoichiometric 
ratio of 3:1. Easthope's theoretical considerations 
and calculations” of the curve T, vs composition for 
the AB, case indicate that the derivative of T, with 
it should be 


order 


respect to composition is not zero, as 
for a Maximum at this point, and that higher critical 
temperatures would be expected when moving to- 
ward the 1:1 ratio. The experimental findings of 
this investigation show, however, that a definite 
maximum for the relation T, vs composition is ob- 
tained at composition of formula AB, Table I and 
Fig. 7. Easthope'’s considerations for this relation 


Table Il. Approximate Temperature at Which Change in Slope for 
Relation Electrical Resistivity Vs Temperature has been Observed 


Wt Pet Si Temperature, 
6.1 650 to 700 
90 600 to 650 
12.0 600 to 650 
14.5 550 to 600 
15.0 550 to 600 


between T, and composition had also predicted con- 
siderably lower temperatures for disorder than were 
determined experimentally for this Fe-Si system, 
Fig. 7. T. for disorder of Fe,Al lies between 550 
and 575°C,” while T. for disorder of Fe,Si composi- 
tions varies depending on composition between 900 
and 1120°C. The Fe-Si superstructure therefore 
appears to be more stable than that of composition 
FeAl, since it requires a higher temperature and 
greater energy for disordering 

In this connection it is of interest to refer to a 
recent article by Garrod and Hogan.” These authors 
have investigated certain properties of iron-rich 
Fe-Si-Al alloy 
superlattice of the Fe,Al type for the typical Sendust 


They confirm the existence of a 
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composition of 15.4 pet Si, 9.4 pet Al, and 75.2 pet 
Fe, and also report an extraordinary thermal sta- 
bility of the Fe, (SiAl) superlattice, which was re- 
tained in spite of rapid quenching from a tempera- 
ture close to the melting point. They conclude that 
T. for disorder must be close to or above the melting 
point, as in Cu,Sb, or that the transformation can- 
not be suppressed by quenching 

It appears, therefore, that the influence of silicon 
on the stability of the Fe, (SiAl) superstructure is 
prevalent. The stability characteristics of the Fe 
(SiAl) superstructure are thus very similar to those 
exhibited by the Fe,Si superlattice, and very dis- 
similar to those exhibited by that of Fe,Al 

Whereas ordering in the Fe-Si system was ob- 
served already for alloys with about 9.5 atomic pct 
Si, the onset of order in the Fe-Al system only 
appears at 18 atomic pet. One possible cause for this 
difference in ordering tendency might be an effect 
of atomic size differences for the aluminum and 
silicon atoms, respectively, thus accounting at least 
in part for the greater ordering tendency and more 
stable superstructure of the Fe,Si superlattice 

In view of the above it appears that considera- 
tions dealing with the relation between T. and com- 
position might have to include the influence of atomic 
size differences and resulting lattice distortions. The 
characteristics of phase diagrams should 
considered, since the comparatively limited solu- 
bility of silicon in iron makes this system quite 
different from the classical Au-Cu or Fe-Al cases 
where limits of mutual solubility extend up to 50 
The 3:1 rather than the 1:1 composi- 
tion ratio must be accepted here to give the maxi- 
mum for the relation T,/T,., vs composition 


also be 


atomic pct 


Electrical Resistivity and Thermal Conductivity 
of the Fe-Si Superlattice—The data of Fig. 2 con- 
firm a relation of electrical resistivity often observed 
for alloys order-disorder transforma- 
tion. The disordered (quenched) compositions show 
an increase of resistivity with increasing amounts 
of silicon, thereby reflecting randomness of atomic 
arrangement and the lattice distortion caused by 
Olid solution formation of elements with different 
ized atoms. The ordered (slowly cooled) composi- 
how a minimum value for the electrical resis- 
tivity at the stoichiometric Fe,Si composition 

The electrical resistivity of ordered Fe,Si with 
increasing temperatures has been measured and 
reported in Fig. 5. This curve shows a change in 
curvature at the Curie point and no obvious addi- 
tional change at or above the critical temperature 
for disorder. It was therefore assumed that the 
curve of Fig. 5 represents nonequilibrium conditions 
Attempts to measure this relation of resistivity vs 
quenched (and fully disordered 
alloys) failed, possibly because of the ordering re- 
action which appeared to varying degrees at lower 
temperatures, thereby making compilation of accu- 
rate data of this type quite difficult. The extra- 
polated value of approximately 160 microhm-cm at 
approximately 1200°C could, however, indicate a 
disordered state. Properly corrected with tempera- 
ture coefficients, this value is in good agreement 
with that measured for this disordered alloy at room 
temperature, Fig. 2 

This experiment was repeated 
alloy Fig. 8 shows the results obtained with an 
83.1 Fe and 16.9 Si composition. This alloy wa 
held at higher temperatures for a somewhat longer 
time, and the resistivity was also recorded during 


undergoing 


tions 


temperature for 


with different 
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Fig. 5—Change in electrical resistivity of 85 pct Fe-15 pet 
Si alloy as a function of temperature 
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decreasing of the temperature. To permit measur- 
ing of resistivity on the descent, melting and des- 
truction of sample had to be avoided. Maximum 
temperature reached on the ascent was above T-,, 
but only 1120°C, Again, the first change of slope 
was observed at the point of magnetic transforma- 
tion. The difficulties of reaching equilibrium condi- 
tions are best demonstrated by the dissimilar results 
obtained on ascent or descent, respectively 

It is believed that the curve of Fig. 8 approaches 
equilibrium conditions more than Fig. 5, since inter- 
mediate temperatures were held for as long as prac- 
tical with the measuring apparatus used. The initial 
increase in resistivity on ordering (decreasing of 
temperature to below T,) could possibly be ex- 
plained using a hypothesis recently advanced by 
Bennett,” who has done similar work with Fe-Al 
alloys close to the Fe,Al composition and who found 
behavior similar to that of Fe-Si alloys. Bennett 
believes that this apparent increase in resistivity 
on ordering can be explained by a modification of 
Sykes’ idea of antiphase nuclei.” The silicon or 
aluminum ators in Fe,Si or Fe,Al can, on ordering, 
take up either of two possible positions in the a 
lattice; the nuclei can be ordering indiscriminantely 
in two different ways, which means that they can 
be out of phase. Bennett further indicates that with 
decreasing temperature the size of the nuclei can 
increase with increasing order; but so long as they 
are out of phase (or still at random) there will be 
zero long distance order S and hence no fall in the 
resistivity. In fact, there may be an increase in 
resistance owing to the boundary effects between 
nuclei, the setting up of local stresses, and the pos- 
sible segregation of small impurities in this region. 
Once these out of phase regions are eliminated, long 
distance order will exist and entail a normal de- 
crease in resistivity with decreasing temperature 

The relation of temperature coefficient of elec- 
trical resistivity vs composition as reported in Fig. 6 
is very similar to that of electrical resistivity vs 
composition, Fig. 2. This predominant influence of 
the reciprocal of the electrical resistivity on the 
temperature coefficient data as reported in Fig. 6 is, 
of course, quite normal. It is of interest to ob- 
serve, however, that the temperature coefficient of 
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Fig. 8—Change in electrical resistivity on heating and sub- 
sequent cooling as observed for 83.1 pct Fe-16.9 pct Si alloy. 


ordered Fe,Si is nearly equal to that of pure a iron, 
and thus reflects on the metallic character of the 
Fe,Si superlattice, in contrast to the disordered 
phase 

The influence of the ordering reaction on the 
thermal conductivity of some Fe-Si alloys was also 
studied. Rys* had previously measured cast alloys 
with compositions up to Fe,Si. This work was now 
repeated, but also included evaluation of rapidly 
quenched disordered specimens, 

The results of Fig. 4 show a normal pattern of 
rapidly decreasing conductivity with increasing 
amounts of silicon atoms added to iron for the 
disordered solid solution compositions. The effect of 
onset of order becomes noticeable at about 7 pct Si 
No sharp maximum can be observed at the stoichio- 
metric composition of Fe,Si. The range of at least 
partially ordered compositions appears to extend 
from about 7 to 22 pet Si; this range was consider- 
ably narrower for the electrical resistivity, extend- 
ing apparently only from about 12 to 19 pet Si. It 
is interesting to note that the ratio of electrical to 
thermal conductivities approaches the theoretical 
Lorenz No. only for the ordered and stoichiometric 
Fe,Si composition. This fact again confirmed a more 
metallic behavior of the ordered and stoichiometric 
compound in comparison with fully disordered or 
neighboring and only partially ordered composi- 
tions 

Summary 

Quenching experiments established the critical 
temperature for disorder of Fe-Si alloys. This tem- 
perature, T., is highest for the composition Fe,5i 
The closeness of T, to the melting points of the re- 
spective Fe-Si alloys may explain in part the failure 
of previous investigations to establish T, and report 
on the relation of T, vs composition. 

The curve of T./T,., was plotted against composi- 
tion, but cannot be interpreted in a simple way. The 
atomic size factor appears to have considerable in- 
fluence on ordering tendencies to reduce lattice 
strains and thus on the relative thermal stability 
of ordered phases. In comparison with other alloys 
reported to undergo ordering reactions, the Fe-5Si 
and the Sendust superstructures appear to have the 
highest T. for disorder, i.e., the greatest degree of 
thermal stability. 

In contrast to previous theoretical and experi- 
mental determinations, the maximum in the relation 
of T./T,.. vs composition can also occur at composi- 
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tions of formula A,B; this has been found to be true 
for the Fe-Si system. 

Although solubility relations for the systems Fe-Al 
and Fe-Si, respectively, are quite dissimilar, and 
the relative thermal stability of their ordered phases 
substantially different, high temperature electrical 
testing revealed an ordering mechanism for Fe-Si 
alloys which was very similar to that recently re- 
ported by Bennett for Fe-Al compositions 

The temperature coefficients of the electrical re- 
sistivity showed a maximum at the ordered Fe,Si 
The thermal conductivity vs composi- 
tion relation for both the ordered and disordered 
compositions was very similar to that previously 
reported for electrical resistivity vs composition 
The ratio of electrical and thermal conductivities 
approached the theoretical Lorenz No. only for 
ordered Fe,Si as further indication of most metallic 
behavior at that composition. 


composition 
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High Damping Ferromagnetic Alloys 


Wires of 55 binary and ternary cobalt, iron, nickel, and chromium alloys were 
twisted and the decay of the free torsion vibration was measured at torsion stresses 
between 500 and 8,000 psi. Especially high damping was observed on the following 
alloys: Co-28 pct Fe-7 pct Ni, Co-20 pct Fe, and Co-35 pct Ni. This effect is ex- 
plained in terms of magneto-mechanical hysteresis, since the damping may be re- 
duced to as low as | pct of the normal amount when measured in a magnetic field. 
High damping binary Co-Ni alloys appear to be suitable base alloys for new steam 


turbine blade materials. 


by A. W. Cochardt 


HERE are a number of effects that can cause 
material damping or internal friction. Some of 

these are frequency dependent, such as the thermo- 
elastic effect’ and the stress-induced ordering.’ Others 
depend on the amplitude of vibration, i.e., the damp- 
ing related to the motion of dislocations’ and that 
due to magneto-mechanical hysteresis.‘ While many 
of these effects have been studied, only the magneto- 
mechanical effect has found extensive practical ap- 
plication. It is the principal source of damping in 
the current blade material in steam turbines 

A magneto-mechanical hysteresis loop is seen in 
Fig. 1. If an unmagnetized, polycrystalline wire of a 
material exhibiting magneto-mechanical hystere- 
sis, such as an Fe-14 pct Al alloy, is twisted in 
torsion, a relation between shear stress r and shear 
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strain y is observed as indicated. The stress-strain 
curve does not follow Hooke'’s law—dashed line 
Instead, the strain y increases nonlinearly and partly 
irreversibly, due to the motion of ferromagnetic 
domain wall until a critical stress +r, is reached, 
which in this case is about 3,500 psi. If the applied 
stress is raised further, the strain appears to in- 
crease linearly and reversibly in accordance with 
Hooke’s law, since all domains are now aligned in 
easy directions of magnetization nearest to the direc- 
tion of the applied stress, and plastic flow has not 
yet started noticeably. On removing the applied 
tress, a remanent shear strain y, is observed, which 
is related to the irreversible magnetostriction of 
the material.” The energy dissipated in the material 
during a stre train cycle is proportional to the 
critical stre and the remanent magnetostrictive 
hear strain y, 

The purpose of this investigation was to make a 


urvey of the magneto-mechanical damping of ferro- 
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Fig. |—Magneto-mechanical hysteresis loop of an Fe-14 pct 
Al alloy as derived from static torsion measurements. 


magnetic alloys having Curie temperatures higher 
than approximately 600°C with the hope of finding 
a high damping alloy that may be used as an alloy 


base for new steam turbine blade materials. Since 


hardly any data on the damping or the irreversible 
magnetostriction under stress were available prior 
to this work, a large number of alloys had to be 
prepared, The results of damping measurements on 
55 of these alloys are reported in this paper 


Preparation of Alloys 
The alloys were made of cobalt in the form of 
rondels, of electrolytic iron, electrolytic nickel, and 
electrolytic chromium. They were induction melted 
in aluminum oxide crucibles under a vacuum of 


. 

A, / Sf fy 


p 

Fig. 2—Schematic 
arrangement of 
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about 10° mm Hg. The diameter of the ingots was 
% in. and their length about 2 in. After homogen- 
izing for 2 hr at 1100°C, the alloys were forged at 
that temperature to bars of \% in. diam and then 
swaged to wires of about 0.060 in. diam, except for 
a few brittle alloys which were centerless ground 
to wires. Prior to testing, the wires were annealed 
in hydrogen for 2 hr at 900°C and were furnace- 
cooled at a rate of about 120°C per hr. X-ray photo- 
graphs taken on some wires indicated a slight pre- 
ferred orientation at the surface 


Method of Testing 

The damping apparatus is schematically described 
in Fig. 2. A test wire, about 12 in. long, is clamped 
between two steel vises, P. The upper pin vise is 
rigidly mounted while the lower pin vise is free to 
rotate. There are two iron pieces, I, at the two ends 
of the inertia arm. A free torsion vibration of a 
frequency of about 1 cycle per sec is started by two 
electromagnets, not shown, which are located near 
the two iron pieces above and below the paper 
plane. The decay of the vibration is measured opti- 
cally by a light beam reflected from the mirror, M, 
to a scale or a moving film. S is a solenoid by which 
the wires can be subjected to a magnetic field of 
about 500 oersteds. The bottom end of the vertical 
rod is immersed in oil in the container, C, to avoid 
excessive lateral vibrations. 

The damping is expressed here in terms of the 
damping capacity 4 given by the relation 


2a 


ma, + a, 


where n is the number of cycles between the two 
amplitudes a, and a,. If the damping capacity is 
large, a, and a, may be consecutive amplitudes.* 


* 4 differs from the logarithmic decrement by not more than 1 
pet for most measurements 


Results of Measurements 
Fig. 3 shows the data for three alloys. The damp- 
ing capacity is plotted vs the maximum shear strain 
yx, Which is the shear strain at the outer fiber of the 
wire at maximum deflection. The y,, is calculated 
from the expression 


dr 


2D 1 


where d is the deflection of the light beam; D, the 
distance between mirror and scale; and r and l, the 
radius and length of the test wire, respectively 
The three alloys, Fig. 3, exhibit abnormally high 
magneto-mechanical damping, as is seen by com- 
paring the curves taken with and without a mag- 
netic field. There is little damping with a field be- 
cause the domains are lined up in the direction of 
the field, in which case domain walls cannot move 
under the influence of the vibratory stress, and not 
much energy is dissipated.* The shapes of the damp- 
ing curves for the Co-35 pct Ni and Co-20 pct Fe 
alloys, taken without a magnetic field, are typical 
for many of the alloys tested. The damping capacity 
increases at low shear strains, then reaches a maxi- 
mum, and finally decreases. At very large strains 
the damping of the Co-35 pct Ni alloy increases 
again due to plastic flow. However, its magneto- 
mechanical damping, which is the difference between 
the two curves taken with and without a magnetic 
field, continues to decrease inversely proportional 
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Fig. 3—Damping curves of some high damping alloys. 


to the second power of the shear strain.” The damp- 
ing capacity of the Co-28 pct Fe-7 pct Ni alloy 
would probably decrease at larger stresses, but 
measurements were made only up to strains of 
about 6x10°*, which is equal to a surface shear stress 
of about 8,000 psi. 

Since the damping curves of all test wires cannot 
be presented because of space limitations, an at- 
tempt is made in the following to express the 
magneto-mechanical damping of each alloy by only 
one number. The magneto-mechanical damping at 
a given strain would not be a suitable criterion, as 
is seen from Fig. 3, because the magneto-mechanical 
contribution to the damping of the Co-35 pct Ni 
alloy, for example, is high at low strains and low 
at high strains relative to the other two alloys. The 
following therefore adopted: The 
damping is expressed for all alloys in a single graph 
in terms of the remanent magnetostrictive shear 
strain y,, which was defined above, Fig. 1. This 
strain is characteristic for each alloy, since it is not 


procedure was 


Fig. 4— Magneto-mechanical 
damping of binary and ternary 
cobalt, iron, nickel, and chro- 
mium alloys 


4 


sensitive to impurities and heat treatment. It is 
indicative of the damping because the area of the 
hysteresis loop, Fig. 1, and the damping are propor- 
tional to it, and it can be derived from the damping 
measurements for almost all wires because the ap- 
plied torsion stress in the damping test was generally 
larger than the critical Fig. 1. In other 
words, the alloys were magnetically relatively soft 

The derivation of y, from the damping curves Is 
explained in the Appendix. The results are seen in 
Fig. 4 for binary and ternary cobalt, iron, nickel, 
and chromium alloys. It is evident that binary 
alloys generally exhibit a higher y, or a higher 
damping than ternary alloys. Particularly, binary 
Co-Fe alloys with 20 to 60 pet Fe and binary Co-Ni 
alloys with 20 to 50 pet Ni show high damping. The 
alloys with the highest damping are the three for 
which the test data were given in Fig. 3 

Relatively few chromium alloys were tested be- 
cause only small portions of the ternary chromium 
diagrams represent ferromagnetic alloys. In general, 
the damping of cobalt, nickel, and iron alloys de- 
creases rapidly with the addition of chromium 
However, there is an exception, as is seen from the 
diagrams, Fig. 4. An Fe-12 pet Cr alloy was found 
to exhibit relatively high damping. This was ex- 
pected from the similarity of the chemical composi- 
tion of this alloy with that of alloy type AISI 403, 
the conventional blade material in steam turbines.” 


stress 


Conclusion 

The binary Co-Ni alloy appears to be particularly 
suitable as an alloy base for a new high damping, 
high strength alloy. Such an alloy is needed for the 
first rows of blades in turbines that will 
operate at steam inlet temperatures of the order of 
1200°F. The current blade material, alloy type 
AISI 403, has adequate properties only up to about 
1000°F. Contrary to the binary Co-Fe 
alloys, binary Co-Ni alloys are generally ductile at 
room temperature. They could be easily cold-swaged 
to wires for the damping experiments, In addition to 
this, they have relatively high Curie temperatures 
and should therefore exhibit magneto-mechanical 
damping at 1200°F. They are face-centered-cubic 
at elevated temperatures and are inherently stronger 
than the body-centered-cubic alloy type AISI 403 
Finally, they can be precipitation hardened by only 
slightly modifying their chemical composition.” 
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Appendix 
The magneto-mechanical damping 4, (difference 
between the two curves taken with and without a 
field) is approximately 


where AU is the magneto-mechanical energy loss of 
the wire per cu in. during one cycle of vibration, 
and U is the total elastic energy of the wire per 
cu in. 
U 
Gy. ‘ 

[2] 
G is the shear modulus. The error in Eq. 1 is not 
larger than 1 pet for most measurements. 

The magneto-mechanical damping 4,., which 
would be measured in a uniformly stressed material 
such as a hollow wire having thin walls, is accord- 
ingly defined as 


[3] 


where AU is the magneto-mechanical energy loss 
per cu in. during one cycle of vibration. The AU 
is equal to the area of the magneto-mechanical 
hysteresis loop. U is the elastic energy of such a 
uniformly stressed material 


[4] 


The 4,. is derived from the measured 4, by using 
the relation" 


aU avav 2 | aU dy [5] 


where y is the shear strain at a given point in the 
wire, and V the volume of the wire 

By solving this integral equation, AU is found to 
be 


dsaU 


AU AU 4 = [6] 


If Eq. 6 and U “y Gy, are substituted into Eq. 3, 


é.. is finally obtained as 

l ds, 

[7] 

The 4,, Yn curves can now be replotted into 

_ y curves with only slight modifications. The 
remanent magnetostrictive shear strain y, is then 
derived from each new curve by assuming that AU 
can be expressed in the form of 


This leads to 
y= by 


where 6, and y, are the values for the damping 
capacity and shear strain, respectively, at the peak 
of the derived damping curve. 
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Structural Changes in Molybdenum Single 
Crystals Due to Cold Rolling 


The structural changes accompanying the cold-rolling of single crystals of molyb- 
denum at very low rates of reduction have been studied for various initial rolling orienta- 
tions. The lattice rotations for various degres of rolling were observed. Based upon these 
observations, the relationships between initial and end orientations have been analyzed. 


by N. Ujiiye and R. Maddin 


LTHOUGH the cold-rolled texture for body- 
centered-cubic metals and alloys is well known 
(see, e.g., Barrett'), the pole figure representing the 
texture may be interpreted in two ways. It may be 
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regarded as consisting of several ideal preferred ori- 
entations with an associated spread (a view which is 
shared among several investigators**), or it may be 
regarded as consisting of two sets of continuous pre- 
ferred orientation also with an associated spread 
Recently, Chen and Maddin’ noted a stable (001) 
[100] end orientation for molybdenum single crys- 
tals rolled at low rates of reduction provided the 
initial rolling orientation* was close to the cube ori- 
* The term rolling orientation refers to a particular combination 


of crystallographic plane as the rolling plane, and crystallographical 
direction as the rolling direction 
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Fig. 2—Behavior of group | crystals. In the legend, the sym 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom 
panying dots show the intermediate stages of rolling listed 


Fig. 1—The initial rolling orientations of all specimens. In 
the legend, the symbols refer to the following: A) pole of the 
initial plane of rolling, B) pole of a relatively low indexes 
crystallographic plane which the pole of the plane of rolling 
approximated, and C) the initial direction of rolling. 


entation (within about 10°), There are the addi- in Table |. 
tional observations of Decker and Harker’® on the 
magnetic texture in silicon-ferrite which can be were high, the rates used in these experiments were 
classed as unexpected, kept very low 

Consequently, the present investigation was un- Single crystals of molybdenurn were grown by the 
dertaken to provide observations regarding the sta- method previously described by Chen, Maddin, and 
bility of unexpected end orientations. Experiments Pond.” The orientations of these crystals, 4% in. in 
are described in which the effects of changing the length by \% in. diam, were determined by the Laue 
initial rolling plane for a given initial rolling direc- back-reflection method. A specific plane and direc- 
tion or changing the initial rolling direction for a tion were determined from the stereographic projec- 
given initial rolling plane are analyzed. Unlike pre- tion of the orientation. Flat surfaces, parallel to the 
vious rolling methods where the rates of reduction desired crystallographic plane containing the crys- 


Table |. Rolling Data for All Specimens 


Initial Thickness, In 


Orientations 


Reduction,* Ne of Average Rate, 
Neo Plane Direction Initial Final Pet Passes In. per Pass 


0.0086 
0.0116 
0.0126 
0.0097 
0.0083 
0.0004 0.0078 
7 125 131 0.1002 6.0092 90.7 1990 0 000092 
8 124 131 0.0890 0.0063 929 2000 0 000041 
1400 0 000037 
1200 0 000055 


0.0538 


0 0969 
0 0897 


0.0665 


0.0861 


000001 
0 000051 


000042 
0 000097 


1440 
1750 
2100 


2000 0.000044 


0.0070 
0 0058 


0.0606 


0.0768 


0.000047 


0.0643 0.0080 1200 


6 000049 
0 000050 


1400 
900 
1120 


1050 


6.0080 
0.0087 
0 0056 
0.0118 


0.071 


0 0539 
0.0841 
0.0797 


0 000069 


0 000065 


1150 0 000051 


1470 


0 OORA 
0.0066 


0.0670 
0 0582 


0.000033 


0.0851 0 0086 89.7 1610 0 000048 
18 056 711 0.0242 0.0141 “40 230 0 000040 
19 023 100 0 0631 0 0056 87.9 550 0.000102 
20 035 100 0 0750 0 0064 91 1000 0 0000869 


6 000055 


0.0087 


0 0638 


* These figures give the percentage reduction in thickness obtained exclusively by rolling 
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Fig. 3—Back-reflection Laue pat- 
tern of specimen 4. LEFT: before 
rolling; RIGHT: after rolling, 84.8 
Arrows show the 
rolling direction 


tallographie direction, were polished metallograph- 
ically 

Lead was then cast around the crystal so that the 
long side of the resulting rectangular parallelepiped 
was parallel to the desired direction of rolling 

The specimens quite often contained a substruc- 
ture and in a few cases contained a few minute sur- 
face grains. No crystals were used, however, when 
the individual Laue reflections exhibited a spread of 
more than 3 

The initial rolling orientations of all specimens are 
shown in Fig. 1 

The rolling was accomplished in a two-high roll- 
ing mill (diameters of rolls, 2.75 in.) driven at a 
speed of 10 rpm by a 2-hp electric motor 

The crystals were rolled between hardened sili- 
con-ferrite plates so introduced into the rolls as to 
maintain the same direction as assigned to the crys- 
tal initially. Rates of reduction averaging 0.00005 in 
per pass were used. The rolling schedule was inter- 
rupted several times in order to examine the speci- 
men both metallographically and with X-rays. Be- 
fore examination a thickness from 0.0001 to 0.001 in 


Table ti. Rolling Data for Group | Crystals 


Kelling Orientation Reduction, Pet 


Average 
Final i 2 4 Final Rate 


! (0011110) 
2 (110) 88.0 0 0000891 
(012)(100 256 454 0.000051 


126 29.6 42.5 0 000048 


(1112) (110) 
(117) (071) (001) 10101] 200 88 
110) 24.4 70.1 0 000037 


* When the specimen was deformed about 16.5 pet, it was trans 


ferred from a sealing wax mount to a lead plate A change in ori 
entation of about took place, while no change in ortentation due 
to deformation was detected The numerals in the lower line were 
obtained regarding this point as the nitial point 

The rolling orientation was changed after 20.0 pet reduction 


when the orientation was approximately (117) 110) 


was removed by etching in a 50 pet aqueous solution 
of HNO, 
Table I summarizes rolling data for all specimens 


Results 

Reductions in thickness of 85 pct or more were 
obtained by rolling in the manner described. Even 
after this amount of reduction the X-ray patterns 
were essentially single crystalline (but somewhat dif- 
fuse) provided sufficiently long exposures were given. 
Consequently, the lattice rotations were easily deter- 
mined by plotting the orientations stereographically 
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The rotations could be categorized into four classes 
depending upon the initial orientations: 1) a rota- 
tion toward the [001] pole; 2) a rotation toward the 
[112]; 3) a rotation toward the [111]; and 4) for- 
mation of deformation bands, which rotated toward 
the [111] while the matrix rotated toward the [001] 

Behavior of each of these groups will be discussed 
individually 

Group I—The lattice rotations of both planes and 
directions are shown stereographically in Fig. 2." 

*In this stereogram and those following, the assignment of in 


dexes to poles does not always follow correct crystal graphic pro 
cedure. The convention was adopted, however, in order to maintatr 


the reference constant with regard to specific poles, Le, [112 
{111}, and (011) 
The rolling data along with the initial and final roll- 
ing orientations are shown in Table II 

Fig. 2 shows that the lattice rotation for these 
crystals was toward the [001] pole with the final 
orientation of the rolling plane being very close to 
this pole 

The orientations of specimen 3 and specimen 6 
(group II, Fig. 4) appeared to represent the limit- 


Fig. 4—Behavior of group III crystals. In the legend, the sym 
bols refer to the following: A) pole of the initial plane of 
rolling, 8) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while smal! numerals accom 
panying dots show the intermediate stages of rolling listed 
in Table |. 
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Fig. 5—Behavior of group II crystals. In the legend, the sym 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom 
panying dots show the intermediate stages of rolling listed 
in Table | 


ing orientations, constituting the end points of the 
stereographic triangle bounded by great circles 
[001 ]/[114], [114]/[012], and [001 ]/[012], within 
which the [001] becomes the stable end orientation 

The end direction <110> is quite stable as may be 
seen by behavior of specimen 5. Yet the direction 

100> appears equally stable as may be seen in the 


Table II! Rolling Data for Group III Crystals 


Rolling Orientation Reduction, Pet 


Average 
Neo Initial Final 1 2 % Final Rate 


110 (l11)(110 0 000049 
110) 0 000050 
411 
100 


‘111 
122 


‘oll 


0.000069 


0 000065 


49.6 


76.1° 


0.000051 


16 (123)(331 788)(110 87.9 0.000034 


* Although there was greater deformation than indicated, the ar 


row heads in Fig. 5 refer to these points; the Laue reflections be 
came very diffuse beyond these points 
Specimen 14 separated into two parts, each part rotating toward 


two equivalent end orientations 


behavior of specimen 4 where the direction is ini- 


tially [110]; upon changing to [010] the specimen 
adopted the latter direction as the end direction 
The stability of the <100> direction is assured 
provided that both the initial rolling direction and 
the rolling plane are within 15° of the <001> poles 
Deviation in either rolling plane or rolling direction 
will reduce the stability of <100> in favor of <—110 
After cold-rolling, all group I specimens showed 
smooth surfaces (in the etched condition) with no 
deformation bands. Representative back-reflection 
Laue patterns before and after rolling (84.4 pct re- 
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Fig. 6—Behavior of group IV crystals. In the legend, the sym 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom 
panying dots show the intermediate stages of rolling listed 
in Table | 


duction in thickness) are shown in Fig. 3. It is to be 
noted that Laue reflections remain quite sharp 

Group HI-—The behavior of these crystals is sum- 
marized in Fig. 4 and Table III. The final orientation 
of the rolling plane was always near the [111] pole 

Their behavior as determined by the initial 
orientation of the rolling plane defined a region 
in a stereographic triangle bounded by the great 
circles [112]/[ 111], [111 ]/[011], [011 ]/[012], and 
[012]/[112]. Specimens in a narrow region along 
the great circle [011]/[012] are those in group IV 
which will be discussed shortly 

The direction [110] again proved very stable, ex- 
cept for those crystals whose initial orientation of 


Fig. 7—Appearance of the surface of specimen 20. 85.6 pct 
reduction. Etched in an aqueous solution of NaOH and 
K.Fe (CN).. The arrow shows the rolling direction X100 
Reduced approximately 15 pct for reproduction 
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Fig. 8—Appearance of the sur- 
face of specimen 18. As-rolled, 
20 pct reduction 
the rolling direction. LEFT: 
deformation bands of the first 
kind, and RIGHT: second type 
of deformation bands. X1600 
Reduced approximately 30 pct 
for reproduction. 


Arrow shows 


pet reduction; 


Fig. 9—Back-reflection Laue pot- 
tern of specimen 18. As-rolled, 20 
arrow shows the 
rolling direction. LEFT: matrix, 


and RIGHT: banded portion. 


Fig 


10—Rolling surface of 
specimen 7. Arrow shows the 
rolling direction 
rolling, and RIGHT: after roll 
ing, 60 pct reduction. X80 
Reduced approximately 30 pct 
for reproduction 


LEFT: before 


the rolling plane was near the [111]/[011] great 
circle. In this case, a [112] appeared to be more 
favorable than a [110] provided the initial rolling 
direction was removed from [110]. (See, for exam- 
ple, specimens 13 and 14.) 

No band formation was observed in the specimens 
in this group. However, specimen 14 divided itself 
into two regions, each of which rotated toward 
equivalent end positions (Fig. 4) 

Group H--The paths of rotation for both plane 
and direction are shown in Fig. 5; the initial and 
final rolling orientations and rolling data are shown 
in Table IV 

As may be seen in Fig. 5, some of the specimens of 
this group behaved like those in group I, the 
others like those in group III; and only one of them 
rotated toward [112]. Despite this fact, it was con- 
sidered more convenient to classify all these speci- 
mens together in group II 

These specimens, thus classified, then provide a 
behavior transitional between groups I and III. Fur- 
thermore, their behavior is unpredictable in that 
similarly oriented crystals gave different end orien- 
tations (see, for example, specimens 7 and 8) 

Except for specimen 9 whose initial rolling orien- 
tation was close to (112)[111], no band formation 
was observed. However, during the early rolling, 
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specimens 6 and 10 formed bands which disappeared 
toward the end of rolling. The formation of defor- 
mation bands, observed in specimen 9, occurred in a 
manner similar to specimens in group IV and will be 
discussed with that group 

When the lattice rotation proceeded toward [001], 
the Laue reflections remained sharp (as in those of 
group 1); those which rotated toward [111] exhib- 
ited diffuse Laue reflections 

Group IV—Fig. 6 and Table V summarize the be- 
havior of crystals composing group IV. All speci- 
mens developed deformation bands whose lattice 
rotated toward [111] while the matrix rotated to- 
ward [001]. A region on the stereographic triangle 
bordering the symmetry curve from [012] to [011] 
defined the area in which the crystals behaved in the 
manner described above 

The etched surface of specimen 20 after 85.6 pct 
reduction is shown in Fig. 7. The banded structure 
resembles that observed by Barrett” for compressed 
iron. The surface of specimen 18 was interesting in 
that two types of bands were observed, as may be 
seen in Fig. 8. Those shown in Fig. 8, left, which may 
be said to be parallel markings perpendicular to the 
rolling direction, composed the greater proportion of 
the area occupied by bands. On the other hand, those 
shown in Fig. 9, right, contained fairly sharp bound- 
aries almost parallel to the direction of rolling in 
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addition to parallel markings perpendicular to the 
rolling direction. These latter bands occupied a very 
small proportion of the area. It is considered that 
these latter bands are merely an early stage in the 
development of those shown in Fig. 8, left. 


Table IV. Rolling Data for Group Il Specimens 


Kolling Orientation Reduction, Pet 


Average 


Initial Final 1 2 % Final Kate 


0 000044 
0.000050 


(114)(041) (001 57.5 76.1 91.2 
7 (125)(131) (112)(110) 15.0 60.0 718 90.7 
8 (124)(131) (001)(110) 23.8 50.0 79.0 92.9 
(112)(111) (001)(110) 27.2 $3.1 768 88.2 


0.000041 
0 000037 


(111)(110 
10 (112)(110) (445)(110) 15.3 32.8 80.7 0 000055 
Ma (112)/110) (111)(110] 87.6 0.000047 


* Formed deformation bands 


Lattice rotation within the matrix which rotated 
toward [001] exhibited sharp reflections as shown 
in Fig. 9, left; that within the band, which rotated 
first roughly toward [112] and then toward [111], 
exhibited reflections which were not only diffuse but 
elongated as shown in Fig. 9, right. The elongation 
of the Laue reflections increased with increasing 
amounts of reduction up to the [112] position. In the 
vicinity of [112] they again became fairly sharp un- 
til rotation occurred toward [111], when they again 
became diffuse 


Discussion of Results 

The results of the present investigation do not 
agree with those of Barrett and Levenson’ for iron 
single crystals, nor in part with those of Koh and 
Dunn’ for Si-Fe crystals, which call for two sets of 
continuous end orientations, nor do they agree with 
those of former investigators regarding the depend- 
ence of end position on initial orientation. However, 
the results substantiate some of the conclusions 
drawn by Koh and Dunn’ and agree with the results 
obtained by Chen and Maddin 

It is considered that the reason for the lack of 
agreement with the results of former investigators 
may be sought in the difference in the rates of re- 
duction used here as compared with the rates used 
by the other investigators. For example, Orowan' 
has analyzed the deformation produced in the rolling 
process from the standpoint of the forward and 
backward flow. The relative position and magnitude 
of these two domains of flow depend upon many 
factors, such as roll diameter, coefficient of friction, 
and reduction per pass (i.e., rate of reduction). The 
position of the neutral zone, which separates these 
two domains, moves closer to the plane of exit, or 
the domain of backward flow becomes predominant 


Fig. 11—Division of 
the stereographic 
triangle according to lll 
the four groups of T 

crystals 


over that of forward flow as the rate of reduction 
decreases and the diameter of rolls increases. Undet 
the present circumstances where the rates of reduc- 
tion were extremely low and the specimens were 
placed between substantially undeforming plates, 
the flow of material would be almost entirely back- 
ward, provided the single crystals behaved isotropi- 
cally in deformation. This type of behavior was 
fairly well demonstrated by specimen 7, which orig- 
inally was cylindrical with its longitudinal axis per- 
pendicular to the plane of rolling. It may be seen in 
Fig. 10 that the backward elongation is considerably 
greater than either that of forward or lateral elon- 
gation, while these latter are not altogether negli- 
gible 


Table V. Rolling Data for Group IV Crystals 


Rolling Orientation Keduction, Pet 
Average 


No Initial Final 1 2 4 Final Kate 


17 O11) 001) 40.7 0.000048 
If 

18t (O8G)(711) 10.9 17.1 274 440 0.000040 

19 (023)1100) (ool 122 117 60.1 0.000102 
(245) 1341] 

20 (035)(100) (001)(100] 166 25.3 543.5 90.1 0 000069 
(344)(110) 

21 (012)(221) (001)(110) 19.6 50.3 700 45.6 0.000055 
(445) (335) 


* Final rolling orientation of matrix 
Final rolling orientation of deformation bands 
t The rolling process was discontinued at 44.0 pet reduction in 
thickness 


It is not known, however, how the change in the 
characteristic nature of these two domains affects the 
slip behavior. It may be that the sense of the slip 
direction is reversed, or that a predominant back- 
ward flow condition activates slip systems generally 
latent in a normal rolling proces: 

The end orientations observed in the present in- 
vestigation all possess the characteristic symmetrical 
disposition of slip planes ({110} planes) and slip 
directions (<111 directions) around them, and 


Fig. 12—Patterns for lattice 
rotation in cold-rolled mo — 
lybdenum single crystals as 7 
a function of initial rolling 
orientations. A) Group |, Ww \ 
B) Group II, C) Group Ill, la 
and D) Group IV a 
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therefore are in accordance 
made by Hibbard and Yen 
The magnetic orientation suggested by Decker and 
Harker’ was not found to be stable in the present 
tudy. The crystal whose initial rolling orientation 
was the magnetic orientation was 
into a (111)[112] end orientation 


with the postulates 


observed to rotate 


Summary and Conclusions 

When the rates of reduction are very low, a single 
crystal of molybdenum is observed to behave in one 
of four patterns. Fig. 11 shows the approximate 
within a stereographic unit triangle where 
the respective patterns for lattice rotation were 
anticipated 

Region I (including I')—-Fig. 12A represents the 
chematic pattern of lattice rotation for this region 
The end orientation is generally (001) [110]. Crys- 
tals whose initial orientation of the rolling plane is 
within the region I’, with the initial rolling direction 
within about 15° from [100], develop a (001) 
[100] end orientation 

Region Il-——-Fig. 12B shows the schematic mode of 
lattice rotation for a region transitional between re- 
gion I and III The end orientation is one of 
the following: (001) [110], (111) [110], (111) 
[112], or (112) [110]. No criterion to govern the 
choice of these end positions was observed. When 
the initial rolling orientation is close to (112) [111], 
deformation bands develop, yielding a (001) [110] 
and (111) [110] double texture 

Region Il (including HI')—-Fig. 12C shows the 
schematic course of lattice rotation for this region 
(111) [110] is the end orientation. When 
the initial orientation of the rolling plane is situated 


region 


Generally 


within the region III’, however, (111) [112] may be 
preferred 

Region 1V—Crystals whose initial orientation of 
the rolling plane fall within this region develop de- 


formation bands. Fig. 12D illustrates the schematic 
patterns of lattice rotations occurring within the 
bands and matrix. The bands behave like group III 
crystals; the matrix, like group I. Therefore, the final 
structure is a combination of two end orientations 
from (001) [110] or (001) [100] and (111) [110] 
or (111) [112] 

The general pattern for lattice rotation resembles 
somewhat that deduced theoretically by Calnan and 
Clews* for compression. At the same time the results 
agree with predictions made by Hibbard and Yen 
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Recrystallization and Grain Growth in 


lodide Zirconium 


A systematic investigation has been made of the plastic deformation, recrystallization, and grain 
growth characteristics of swaged crystal bar zirconium. It was observed that zirconium can be cold 
worked and annealed for fabrication processes without difficulty, but that severe reductions produce a 
well defined fiber texture which is not removed by recrystallization. Deformation and growth proc- 
esses affecting the microstructure are discussed in detail. The activation energy for recrystallization 
was found to vary with the degree of deformation, while a unique activation energy for grain growth 
was not obtained. Abnormal grain coarsening was observed after annealing severely worked material 


at 750°C. 


by R. M. Treco 


HE purpose of this work has been to investigate 
characteristics of zirconium 
after cold working and annealing. In order to do 


recrystallization 
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this, hafnium-containing crystal bars of Foote Min- 
eral Co. iodide zirconium were selected for high 
purity, maximum diameter (about % in.), bright- 
ness of surface, and absence of core wire. A typical 
lot analysis is shown in Table I 

In order to obtain uniformity of starting mate- 
rial, all bars were cold-swaged to 0.310 in. diam, 
annealed for 2 hr at 1000°C, and furnace cooled, 
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Fig. 1—Strain hard- 
ening of zirconium 
by cold swaging. 


maintaining a vacuum less than 5x10° mm Hg. This 
treatment produced a very soft base stock (Rs 5 to 
10) for the experimental work. While the grain size 
was coarse (>0.200 mm), the structure appeared to 
be random in the transverse and longitudinal di- 
rections of the bars 

At the time this work was started there was no 
systematic information available on the deform- 
ability, recovery, recrystallization temperatures, or 
grain growth characteristics of high-purity zirco- 
nium, although preliminary work’ suggested a 
temperature near 550°C for recrystallization. In 
view of this situation a number of reductions and 
anneals were set up and later modified to the sched- 
ules shown in Table II 

Samples from each total reduction were annealed 
at 475°, 510°, 534°, 560°, 584°, 600°, 625°, 650°, and 
750°C for times ranging from 0.10 to 400 hr 


Swaging Procedure and Results 


The reduction in area was accomplished on a 
rotary two-die multiple-hammer swaging machine 
As shown in Table II, the majority 
swaged cold from the 0.310 in 
diam in steps of 1/32 to about 1/16 in. final diam 
for a maximum total reduction of 96 pct. There 
were no anneals between passes. Later in the pro- 
gram it was necessary to obtain smaller reductions 
(6.7 and 13 pet) and these were obtained from a 
different lot of metal prepared in a similar manne: 

After swaging, the rods were sectioned longi- 
tudinally with a wet cutoff wheel and cut into short 


using new dies 
of the rods were 


Fig. 2—Mechanical twins formed after swaging reduction of 
6.7 pct, longitudinal section. X250. Reduced approximately 
25 pct for reproduction 
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lengths for mounting. After polishing through 000 
paper, samples were broken out of the mount and 
polished electrolytically in a cold perchloric-acetic 
acid bath, After examination of microstructure, the 
specimens were remounted to preserve the polished 
section. Six to ten hardness readings were made on 
the surface of this section using the Rt 30 scale, 
care being taken to avoid edge effects. Hardness 
conversions using the standard steel-brass Rock- 
well chart were found accurate within the experi- 
mental error in the range of hardness encountered 

The work hardening of zirconium occurs rapidly, 
most of the hardness increase occurring in the first 
30 to 35 pet of reduction in area as shown in Fig. 1 
The amount of the hardness increase is substantial, 
the final hardness being somewhat greater than 


Table |. Analysis of Crystal Bar Zirconium 


Chemical 


Spectrographic, 
rpm 


Element 


Aluminum 
Calcium 
Carbon 
Chromium 
Copper 
Hafnium 


Magnesium 
Manganese 
Nickel 


Nitrogen 


Titanium 
Vanadium 


* L. indicates less than 


mild steel. There was, however, a spread in hard- 
ness between the transverse and longitudinal direc- 
tions which became greater with increased reduc- 
tion as a result of the preferred orientation associ- 
ated with the anisotropy of the hexagonal lattice 
structure 

The mode of deformation 1 
sulting microstructure and occurs 
by extensive twinning. In fact, the relative 
mechanical twin 


revealed in the re- 
in the initial re 
duction 
ease with which zirconium form 
is a distinct handicap in the preparation of metal- 


Fig. 3—Structure obtained after 36 pct reduction. Note ser 
rated edges of deformation bands. Longitudinal section 
X250. Reduced approximately 25 pct for reproduction 
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softening curves for 
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lographic specimens. These must be polished with 
very light pressure on well lubricated papers, mak- 
ing certain that any heavily disturbed layer result- 
ing from cutting is completely removed. As shown 
in Fig. 2, at least three generations of twins are ob- 
servable, the twin bands themselves being dis- 
placed within the grain boundary, indicating a ro- 
tation of the crystal lattice. With a more severe de- 
formation of 36 pet the twins decrease in number 
and become much less regular, developing second- 
ary twins along their length and giving a feathery 
appearance as in Fig. 3. Similar deformation by ex- 
tensive twinning has been observed by Rosi, Dube, 
and Alexander’ for titanium. In this case twinning 
was shown to be possible on eighteen pyramidal 
planes of the form {1012}, {1121}, and {1122} 

From the results obtained for zirconium it is ap- 
parent that its deformation mechanism parallels 
titanium. After 51 pet reduction grain boundary 
identity disappears, although large clusters of de- 
formation bands are still apparent until, finally, 
with very severe reductions, the structure is com- 
pletely fragmented, A strong swaging texture de- 
veloped which could be observed metallograph- 
ically. Confirmation of the texture effects was noted 
by X-ray diffraction and reported separately 


Recrystallization 
Annealing—Since zirconium is readily embrittled 
by exposure to gases at temperatures required for 
recrystallization, the technique employed was de- 
signed to minimize this effect. Samples to be an- 
nealed were packed in clean zirconium chips and 


Fig. 5—Isochronal curves for initial recrystallization of iodide 
zirconium 
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sealed in a Pyrex or Vycor tube of 20 mm diam by 
100 mm length which was evacuated to less than 
5x10° mm Hg. This procedure proved satisfactory, 
the surfaces of the specimens neither darkening nor 
brightening during heat treatment. The tubes were 
placed in furnaces already at temperature and time 
was allowed for heating up. Heating time was de- 
termined experimentally using a dummy tube with 
a sealed-in thermocouple and was found to be 2.5 
to 3.0 min, depending on the temperature. Furnace 
temperature was maintained within +2.5°C. For 
the shortest annealing time of 6 min, specimens 
were immersed directly in a lead bath. After an- 
nealing, the sample tubes were cooled in ai! 


Table tl. Schedule of Swaging Reductions 


Reduction 
in Area, Pet 


Pass Keduc- 
tien, Pet 


Initial 
Diam, In 


0.310 0 0 

0.310 19.0 19.0 
0.310 21.1 46.0 
0.310 23.5 51.0 
0.310 27.3 “a5 
0.310 40 6 75.1 
0.310 $7.1 84.5 
0310 41.9 90.9 
0.310 57.1 96.1 
0.257 6.7 6.7 
0233 13.4 


Metallography—-Annealed samples were polished 
as previously described and examined under polar- 
ized light for nucleation and grain growth 

X-Ray Examination—In order to detect recovery 
and recrystallization for comparison with metal- 
lographic and hardness data, the polished specimens 
were irradiated by the back-reflection X-ray tech- 
nique, using filtered CuKa radiation with a 30 mil 
collimator. 

Hardness—Since only relative hardness was re- 
quired to follow the recovery process, only longi- 
tudinal hardness values were considered 


Recrystallization Results 

Recovery—It is well known that prior to actual 
recrystallization, annealing of cold-worked metal is 
accompanied by extensive softening, stress relief, 
and changes in physical properties without a corre- 
sponding change in microstructure. The course of 
this process, termed recovery, may usually be ob- 
served by hardness changes and also by X-ray dif- 
fraction. In the latter case recovery is often dis- 
tinguished by the sharpening of the individual 
Debye rings, previously broadened and blurred by 


N AREA 


Fig. 6—Isochronal curves for complete recrystallization of 
todide zirconium 
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cold work and, in the later stages, by complete 
resolution of the Ka doublets. 

The softening curves are similar in shape for 
most metals, two such curves for zirconium being 
shown in Fig. 4. Extensive softening usually begins 
with the start of recrystallization, so that the 
change in slope at the arrow in this figure is indica- 
tive of the onset of nucleation. Actually, it was 
found that hardness is not a sensitive test for re- 
covery, since the metal may remain constant or 
even slightly increase in hardness with severe de- 
formations as the annealing temperature is raised. 

Back-reflection diffraction showed a continuous 
sharpening of the reflection lines as the temperature 
was increased. After 1 hr at 534°C a specimen 
swaged 36 pct showed spots on the Debye rings, al- 
though some residual stresses remained. After 1 hr 
at 560°C all traces of residual stress had vanished. 

The temperature of initial recrystallization is of 
interest in determining the upper limit of the cold- 
working range, while the temperature of complete 
recrystallization is important in annealing cold 
worked metal. In this project an attempt was made 
to define these two temperatures in terms of re- 
duction of area and annealing time. In order to do 
this, hardness, metallographic, and X-ray data were 
plotted compositely for each reduction and anneal- 
ing time. When this was done for a series of reduc- 
tions it was then possible to draw curves for the 
conditions of initial and complete recrystallization, 


respectively. From this data it was found that mi- 


croscopic observation of the beginning of recrys- 
tallization was somewhat more sensitive than X-ray 


Table lil. Activation Energies for Recrystallization 


Gra, 
Keal per 
G-Atem 


Strain, 


Metal Pet Reference 


Aluminum 
Aluminum 
Aluminum 
Aluminum 
Copper 

Copper (OFHC) 
Copper 
(‘Specimen pure) 
Zirconium 
Zirconium 
Zirconium 


Present work 
Present work 
Present work 


diffraction since it was possible to detect small, 
isolated grains by microscope before they became 
apparent on the diffraction film. In all cases, how- 
ever, good agreement was obtained from all the 
data as to the beginning of recrystallization. The 
completion of recrystallization was observed by 
examining the microstructure at various magnifi- 
cations for the last traces of the original strained 
matrix 

Composite isochronal curves obtained for initial 
recrystallization after 1, 4, and 40 hr anneals are 
shown in Fig. 5. Similarly, isochronals obtained for 
completion of recrystallization after 0.1, 1, 4, and 
40 hr anneals are shown in Fig. 6. 

Heat of Activation for Recrystallization—-A num- 
ber of investigators** have shown previously that 
recrystallization in metals exhibits the kinetics of 
a nucleation and growth phenomenon and is there- 
fore time and temperature dependent, Experi- 
mentally it is possible to determine an activation 
energy for recrystallization, or Q,», empirically, us- 
ing the time required for a given fraction to re- 
crystallize isothermally as an index of the rate of 
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Fig. 7—Typical 
curves for recrystal- 
lized zirconium 
plotted for deter- 
mination of 


recrystallization, when the data fit a relation of the 
Arrhenius type 

l/t, K, exp (—Q,/RT) [1] 
where t, is the time required for recrystallized frac- 
tion f; K, is a constant; R is gas constant; and T is 
temperature in “°K. 

In the present case, the time required for com- 
plete recrystallization (f 10) was used, If log 
reciprocal time is plotted against reciprocal tem- 
perature as in Fig. 7, Q, may be calculated from the 
observed slope of the linear curve. In this figure, 
typical data for two reductions are shown, and it 
may be seen that the slopes of the two curves are 
slightly different. When all of the data were treated 
in this way, the heat of recrystallization could be 
plotted as a function of deformation strain, as 
shown in Fig. 8 The recrystallization activation 
energy Q, decreased from about 51 to 32 keal per 
g-atom as the reduction was increased from 67 to 
96 pct 

In Table III the activation energies for zirconium 
are compared with those previously found for othe 
metals. Even with similar strains there are con- 
siderable differences for the same metal, depending 
upon the method of investigation. However, zirco- 
nium appears to lie between aluminum and copper 
It is of particular interest to compare results of the 
present study with those of Anderson and Mehl,” in 
which Q, is also shown to decrease with increasing 


Fig. &—Heat of activation for recrystallization of iodide 
zirconium. 
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Fig. 9—Formation of recrystallization nuclei in twin bands 
and intersections. Reduced 6.7 pct and annealed 6 min at 
648°C. X100. Reduced approximately 25 pct for reproduction 


amounts of strain. The rate of decrease is very 
much greater for aluminum than was found for 
zirconium 

Mode of Recrystallization 
have suggested that recrystallization occurs first in 
highly strained portions of the crystal lattice. Zir- 
conium presents an excellent example of this, since 
nuclei form almost exclusively at twins and thei: 
intersections when these are present. Fig. 9 shows 
a single grain extensively twinned after 6.7 pct re- 
duction, Nucleation has occurred at twin intersec- 
tions and along twin bands after 6 min at 650°C 
The result of this type of recrystallization is ori- 
ented growth in which the new grains tend to grow 
along the strained bands, gradually absorbing the 
relatively unstrained matrix until they impinge on 
other new grains. This type of recrystallization may 
result in most of the new grains having similar or 
twin orientations. The new grains of Fig. 10 under 
polarized light have similar shading, indicative of 
like orientation, except for those grains which pre- 
erve the orientation of the twin (black) or the 
matrix (white) Under these grain 
growth may be retarded since the grain boundary 
angle is very small between the new grain and its 


conditions 


parent twin 

Since zirconium twins so readily and nucleates in 
these twins, it appears unlikely that the strain-an- 
neal method would be of much value in growing 


Anderson and Mehl" 


Fig. 10—Growth of new grains along twin bands. Same as 
Fig. 14 except annealed | hr at 600°C. X100. Reduced 
approximately 25 pct for reproduction 


single crystals of zirconium. It has been observed” 


that small amounts of oxygen inhibit mechanical 
twinning but with consequent loss of ductility 
When the metal is heavily deformed by reduc- 
tions of 60 pct or more, the individual grains are 
heavily fragmented. When such a matrix is recrys- 
tallized, there is a tendency for a great number of 
new grains to pop-out at once due to the increased 


number of nucleation sites. A structure of this type 
is shown in Fig. 14. While the large number of fine 
grains might appear to provide a randomly oriented 
structure, this is not the case, since a banded struc- 
ture is seen to exist 


Table IV. Isothermal Exponents for 51 Pct Reduction 


Temperature, °C Slope, n 


510 to 560 0.085 
600 0.082 
650 0.121 
750 0.326 


In considering these two different modes of re- 
crystallization, it is interesting to note that the acti- 
vation energy, Q,», does not show a discontinuous 
change with increasing deformation. While Q, de- 
creases with increasing reduction, the linearity of 
the curve of Fig. 8 suggests that both modes are 


Fig 11—Isothermal grain 
growth curves for zirconium re 
duced 51 pct in swaging 
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Fig. 12—Isostroin grain growth 
curves for reductions of 6.7 to 
36 pct. Annealed at 650°C. 


the result of the same nucleation and growth mech- 
anism 
Grain Growth 

Grain Size—Grain growth has been shown"™ in 
many cases to progress as an exponential function 
of annealing time under isothermal conditions 

Assuming that initial grain size is negligible, an 
empirical relation for growth may be set up 


D = Kt" [3] 


in which D is the average grain diameter: t is the 
time; n is the exponent; and K is a constant. 

The logarithmic form of this equation shows that 
the exponent n may be evaluated from the slope of 
the log D — log t curve when the data are linear at 
constant temperature. A series of such isothermal 
curves are shown in Fig. 11 for zirconium after a 
51 pet reduction in area. While similar curves were 
obtained for a number of other reductions, these are 


typical of the general results obtained. Grain sizes 
were obtained by an intercept counting technique 
described elsewhere. The linearity of the data 
shows that grain growth in zirconium may also be 


described by Eq. 3. It was found that the slope n 
was not constant but varied with the annealing 
temperature. The isothermals increase in slope 
above about 600°C. Furthermore, the data for the 
range 510° to 560°C all fell on the same curve 
within the experimental error. Observed slopes ob- 
tained are shown in Table IV. 

It is also of practical interest to compare the 
grain growth data for a particular annealing tem- 
perature. This may be done by plotting log D- 
log t curves for each reduction as shown in Figs. 12 
and 13. The slopes of these isostrain curves are of 
interest since, with n having the same significance 


as before, it is apparent that n is not constant for a 
particular annealing temperature but may vary 
with the strain history. In Fig. 12 the data plotted 
for reductions of 6 to 36 pet have similar slopes, but 
with increasing strain as in Fig. 13, the slopes are 
no longer constant, as shown in Table V. While 
it is generally true that grain size decreases 
with increasing deformation, the data shown are 
not entirely consistent in that the 13 and 64 pct re- 
duction curves are not in the expected order. This 
may possibly be attributed to experimental error 
for the 13 pet curve, but the large increase in n for 
reductions greater than 50 pet indicates sufficient 
sensitivity in the experimental technique. Instead, 
it is believed that these anomalies stem from the 
initial assumption that as-recrystallized grain di- 
ameter is negligible and reflect the fact that final 
measured grain sizes were not sufficiently larger 
than the as-recrystallized grain size of 0.0091 mm. 


Table V. Isostrain Exponents for 650°C 


Pet Reduction Slope, n 


0.042 
0.049 
0.045 
0.046 
0.124 
0.158 
0.006 


Heat of Activation for Grain Growth—An energy 
of activation, Q,, for grain growth may be obtained 
whenever growth can be expressed as D = Kt", if 
the exponent n can be shown to be independent of 
temperature. In this case, the rate of growth is 


4 


Fig. 13—Isostrain grain growth 
curves for reductions of 51 to 
75 pct. Annealed at 650°C 
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Fig. 14—Banding phenomena after complete recrystallization. 
Annealed 6 min at 648°C. X100. Reduced approximately 25 
pct for reproduction 


G A exp (Q,/RT) [4] 
but since 
G ~ dD/dt [5] 
it is easily shown that 


log t= log A’ [6] 


where A’ is a constant and R is the gas constant. 

Eq. 6 shows that Q, may be obtained from the 
slope of the log time-—reciprocal temperature curve 
and is independent of grain size and temperature. 
However, it was shown previously in Fig. 11 that n 
was not temperature independent but increased 
with increasing temperature, and therefore a sig- 
nificant activation energy could not be obtained 
from this work 

In previous investigations it has been found that 
grain growth in aluminum also has temperature de- 
pendent values of n,” while 70:30 brass has a con- 
stant n value of 0.21 from which activation energies 
have been obtained ‘ An investigation of grain 
growth in zirconium by Dunkerley, Pledger, Dami- 
ano, and Fulton” was hampered to some extent by 
the presence of a second phase. From giain growth 
curves for their material in which the secona phase 
was dispersed uniformly, an activation energy of 
68.8 kcal per g-atom in the range 640° to 720°C was 
obtained, While this cannot be compared directly to 
the present work, it is interesting to note that the n 
value of their log D-—log t curve at 640°C, from 
which this activation energy was obtained, is nearly 
identical (0.12 vs 0.10) with that of the 650°C curve 
of Fig. 11. The observed data of Dunkerley et al. also 
showed n values increasing with temperature above 
720°C. The slope of the upper portion of their 760°C 
curve was about 0.29 compared with 0.33 for 750°C 
in the present work. These grain growth data are 
therefore all in reasonably good agreement. A sec- 
ond activation energy of 55.0 kcal per g-atom was 
obtained by these workers for grain growth in which 
the second phase was distributed preferentially in 
the grain boundaries. The n values for material of 
this latter type do not agree with the present results 
for purer material 

In studying the thermal changes from a deforma- 
tion to an annealed texture in remelted iodide zir- 
conium, McGeary and Lustman” obtained an activa- 
tion energy of 70.0 kcal per g-atom from grain size 
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Fig. 15—Barrier effect of two-dimensional inclusions in zir- 
conium. Annealed 120 hr at 600°C. X100. Reduced ap 
proximately 25 pct for reproduction 


measurements. The slope of their log D—log t curves 
had a value of 0.35 at 600°C. This is considerably 
higher than the values discussed above for tempera- 
tures approaching 600°C, and because of this their 
Q, value was not in agreement with the 68.8 kcal of 
Dunkerley et al. but must be compared with the 55.0 
kcal value. The exact activation energy to be used 
for zirconium is therefore left in doubt. The present 
work favors the value of 68.8 kcal per g-atom 
obtained by Dunkerley et al. for high purity iodide 
metal, while the results of McGeary and Lustman 
are not greatly different. The greater rate of grain 
growth in the latter may possibly be attributed to 
fewer inclusions or the absence of appreciable 
amounts of hafnium. 

Grain Growth Phenomena—lIn the course of ex- 
amining the microstructures of annealed zirconium 
for grain counts, a number of exceptional character- 
istics were noted, some of which may explain the 
anomalies in the growth curves 

Growth Bands: Whenever annealing was preceded 
by a heavy reduction, it was frequently observed 
under polarized light that recrystallization produced 
a banded structure in which each band consisted of a 
large number of similarly oriented grains as in Fig. 
14. These bands were always parallel to the rod axis 
and persisted during grain growth 

Inclusions: Solid nonmetallic inclusions were ob- 
served in the form of well dispersed irregular 
spheres in some of the specimens. In addition, a 
small number of inclusions were found in grain 
boundaries. These inclusions did not appear to in- 
hibit grain growth in most cases, but in one or two 
samples a two-dimensional sheet of inclusions was 
found to block grain growth effectively, as shown in 
Fig. 15. These inclusions have not been identified, 
being neither oxides nor carbides, but are peculiar 
to crystal bar. While appearing bright in polarized 
light, their normal color is a red-to-blue violet 
They are not opaque but semi-transparent, and 
often appear as long stringers which are actually 
composed of small globules or rods 

Abnormal Coarsening: A number of cases of ab- 
normal grain growth were noted in counting grains, 
several samples being rejected because of mixed 
grain size. The reason for this coarsening is not en- 


tirely clear. Normally such coarsening is observed 
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Fig. 16—Discontinuous growth of recrystallized grains in 


zirconium 


at a particular temperature at which either inclu- 
sions previously inhibiting growth are dissolved or 
sufficient surface energy is attained to surround 
these inclusions. Another form of grain coarsening 
appears to be texture dependent and is exemplified 
by the secondary recrystallization of copper associ- 
ated with the cube texture. This type of coarsening 
also occurs only after a critical temperature is 
attained 

In zirconium it was observed that the 750°C log 
D—log t curve for the sample reduced 36 pct in 
swaging was not linear but parabolic, Although this 
was the only data of this type, it suggested the possi- 
bility of discontinuous growth; and since the curves 
for this rod at lower temperatures were linear, a 
temperature of 750°C appeared to be critical for 
coarsening. This was confirmed by the data of Fig. 
16 in which average grain diameter and annealing 
temperature are shown for various reduction and 
annealing schedules. An abrupt increase in grain 
size was obtained between 650° and 750°C for those 
samples having a combination of high deformation 
and long annealing time. With light reductions, 
growth is apparently continuous even after 40 hr 
at 750°C 

The role of inclusions in the coarsening process 
could not be determined with certainty. While in- 
clusions were often present in the samples, they did 
not appear to present a serious barrier to growth 
when in globular form. Examination showed that 
there were still many small undissolved inclusions 
present after the 750°C coarsening took place. These 
inclusions do not, therefore, appear to have any re- 
lation to the grain boundary migration. Coarsening, 
while only found after the 750°C anneals, was not 
confined to material free of inclusions but also oc- 
curred in the presence of globular-type inclusions 
No evidence of abnormal coarsening was obtained 
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for annealing temperatures below and _ including 
650°C, and it is presumed that this effect may be 
completely avoided in fabrication processing sched- 
ules if annealing is carried out at 650°C or less. 
However, since no observations were made between 
650° and 750°C, it is impossible to state the exact 
critical temperature, although the speed of the reac- 
tion at 750°C is such that the actual coarsening tem- 
perature is probably somewhat lower than this. 


Summary 


Investigation of the deformation and annealing 
characteristics of zirconium has shown that twinning 
is an important mechanism in its plastic deformation 
as in titanium, contributing greatly to its formabil- 
ity. In this respect it differs from such hexagonal 
metals as zinc, magnesium, and beryllium 

Annealing of cold worked metal produced normal 
recrystallization, and isochronal curves were ob- 
tained relating temperature and previous deforma- 
tion. An activation energy for recrystallization was 
obtained which varied with the amount of deforma- 
tion. In recrystallizing after light reductions, zir- 
conium forms new grains almost exclusively at twin 
bands and their intersections 

Grain growth of zirconium may be expressed by 
the empirical relation D Kt". However, the expo- 
nent n was found to be dependent upon annealing 
temperature and strain history. Typical isothermal 
and isostrain data are presented for grain growth as 
a function of time, After recrystallization and grain 
growth of material having a fiber texture, it was ob- 
served that the recrystallized grains formed a new 
texture. This texture was not determined. Iodide 
zirconium was found to have a discontinuous type of 
grain growth when annealed at 750°C 
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Intermediate Phase 


in the Uranium-Zirconium System 


The U-Zr system has been studied with particular regard to the existence, sta- 
bility, and mechanism of formation of the intermediate 5 phase. This phase has been 
identified as a stable phase existing in the region of 50 pct Zr, which forms by the 
ordering of the y body-centered-cubic alloy on cooling. A phase diagram consistent 
with the information obtained in this study is presented. 


by A. N. Holden and W. E. Seymour 


URING the last several years, the U-Zr system 

has been studied at many laboratories as one of 
the research programs sponsored by the Atomic 
Energy Commission. The equilibria in part of this 
system have been difficult to determine, although 
the phase diagram from 0 to 60 atomic pct Zr has 
been established with reasonable certainty. Exist- 
ing diagrams of the system vary appreciably beyond 
60 atomic pet Zr, particularly with regard to the 
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existence of an intermediate phase. Most existing 
diagrams show a transformation or reaction hori- 
zontal near 600°C 

In 1955, a collection of uranium phase diagrams’ 
was prepared at the Battelle Memorial Institute and 
the U-Zr diagram in that collection contained a 
questionable region in the vicinity of 60 to 80 
atomic pet Zr. Summer-Smith’ has published a 
phase diagram of the system that shows no inter- 
mediate phase. Summer-Smith did his work with 
powders and found only the uranium and zirco- 
nium eutectoid mixture from X-ray patterns of ma- 
terial annealed below 600°C. Mueller’ at Argonne 
National Laboratory did similar work with filings, 
and he found that initially there was a pattern of 
an intermediate phase, but on long-time annealing 


WHIGHT PER CONT 


~ 
= 


Scere 

oe me ~ 
~ 


T 


e000 


CONT 


Fig. 1—U.Zr system shown without an intermediate phase. Data taken from Summer-Smith.” 
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below 600°C the pattern showed only uranium and 
zirconium. Mueller concluded that the intermedi- 
ate phase was metastable; therefore, the equilib- 
rium diagram should contain no intermediate phase. 
The diagram of Summer-Smith, Fig. 1, is typical 
of those phase diagrams where an intermediate 
phase is not shown 

The work described in this paper was done pri- 
marily to determine whether or not an intermediate 
phase exists, and if it does, to determine some of its 
characteristics 


Experimental Methods 

Alloys were prepared by a vacuum arc-melting 
method from uranium and zirconium as pure as 
were available from the commercial suppliers of 
AEC materials. No analysis of impurities was made 
Alloys of compositions 64, 73, and 80 atomic pct Zr 
(or nominally about 40, 50, and 60 wt pct) were 
prepared. In addition, one alloy that had been pre- 
pared by one of the project groups at the Knolls 
Atomic Power Laboratory containing 90 atomic 
pet Zr (78 wt pct) was studied. Chemical analysis 
established the compositions within +0.5 wt pct 

Small samples of each composition suitable for 
X-ray and metallographic examination were pre- 
pared by cutting pieces from the arc-melted and 
cast ingot. In addition, wire samples of each com- 
position were prepared by hot working. These 
wires were about 50 mil in diam and 3 in. in length, 
and were used for X-ray powder work and elec- 
trical resistance studies. Finally, a few pieces of 
60 and 78 wt pct Zr alloy were examined using a 
thermal analysis technique. A differential thermo- 
couple was used with one junction in the sample 
and one in a close-fitting nickel block, and the 
whole assembly was heated in a vacuum furnace 
Cooling rates of 1°C per min were used, and the 
voltage output of the thermocouple vs temperature 
was recorded on a recording potentiometer 

Resistance measurements were of a very qualita- 
tive variety. A low heat capacity furnace was used 
to heat the wire specimens, and they were cooled at 
various rates through the transformation or reac- 
tion horizontal in the 600°C region. Resistance vs 
temperature was recorded on a recording potentio- 
meter for a qualitative picture of the behavior on 
transforming. Temperatures were measured with a 
thermocouple attached to the heated specimen 

For the metallographic and X-ray examination, 
equilibration of the samples was accomplished by 
heating in vacuum as long as 48 hr and then 
quenching. The quenching method was adopted as 
satisfactory only after it was established that the 
X-ray structure obtained in wires after quenching 
was the same as that obtained at temperature using 
a high temperature X-ray camera of the Weissen- 
berg type. The surface of each piece or wire was 
cleaned in HNO,-HF after annealing before sub- 
jecting it to X-radiation 

The metallography presented a particular prob- 
lem since these alloys were found to be quite diffi- 
cult to polish. The technique used was to grind and 
abrade the sample through No. 400 paper, then im- 
merse it for a few seconds in warm 50 pct HNO, 
containing 5 pet HF acid, and finally to polish on 
the coarse and fine metallographic polishing wheel 
using alumina abrasive. The HNO, dip was success- 
ful only if the solution boiled vigorously and 
evolved copious nitrous oxide fumes, since only 


under these conditions was the worked metal re- 
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Fig. 2—Cells or domains in 50 wt pct Zr-U alloy grains 
X100. Reduced approximately 10 pct for reproduction. 


moved and a specular chemical polish given to the 
sample. Final polishing on the fine wheels was 
largely a precaution in case there might have been a 
film formed in the acid-dip polish. In those in- 
stances where an etchant seemed desirable, a few 
drops of 1 pet HF was used on the final wheel. It 
was found that many of the alloys were examined 
most satisfactorily with polarized light directly on 
the polished surface, and etching was not used 


Experimental Results 
Alloys of 40, 60, and 78 wt pet Zr have varying 
amounts of second phase present in the metallo- 


850" 990" C 


Fig. 3—Effect of several annealing temperatures on the 
macrostructure of a 50 wt pct ingot. Section was etched to 
reveal the macrograins 
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graphic structure at temperatures below 595°C 
Alloys of 50 wt pct were single phase at all tem- 
peratures up to 900°C. However, the 50 wt pct 
alloys were isotropic under polarized light when 
quenched from above 625°C and optically active 
when quenched from 595°C or lower, This wa 
most strikingly apparent in coarse grained samples 
from the arc-melted and cast ingot 

The nature of the optical activity in a 50 wt pet 
Zr sample annealed at 500°C can be seen in Fig. 2 
ubstructure of closely related subgrains 
within the larger grain The large 
grains, however, remain unchanged on annealing at 
all temperatures, even when the sample 
from an optically active to an isotropic condition 
A section of an ingot of 50 wt pet Zr alloy, annealed 
at several temperatures, quenched, and etched to re- 


There is a 


or domain 


change 


veal the macrograins, is shown in Fig. 3 


Fig. 4—Strip chart 
record of resistance 
change on transform 
ing 50 wt pct Zr-U 
alloy. Cooling rate 
was 1.5°C per min 


The change in resistance on cooling from the 
high temperature region above 625°C down through 
the transformation to room temperature is such as 
to show an abrupt increase at the phase transfor- 
mation. Below the transformation temperature, the 
resistance increases gradually with decreasing tem- 
perature, These changes are in the reverse direction 
from those normally encountered in metals. Fig. 4 
shows a trace from a typical resistance-temperature 


record for a rate of cooling of 14%°C per min 


Fig. 5—X-ray photogram of a crystal containing cells. 


The results of thermal analysis on the 60 and 
78 wt pet Zr alloy show a reaction horizontal near 
600°C. These results only confirm the other data, 


that a transformation is actually taking place. They 
do little to establish the exact temperature or mech- 
anism, although more precise data are being ob- 


tained 

Powder X-ray work done on the 50 wt pet alloy 
quenched both from above and below the trans- 
formation gave the lines in Table I. All of the high 
temperature lines are also in the low temperature 
pattern. Above the transformation the pattern in- 
dexes body-centered-cubic, a 3.56A, while below 
the transformation the pattern can be indexed 
body-centered-cubic, a 10.68A., 

An X-ray back-reflection Laue pattern was taken 
of one of the large grains of 50 wt pet Zr contain- 
ing a substructure of domains similar to that shown 
in Fig. 2. The resulting pattern, shown in Fig. 5, can 
be indexed cubic. The same grain, examined after 
quenching from 700°C to remove the optical sub- 
structure, was still a cubic single crystal of identi- 
cal orientation to that of the crystal with domains 

A crystal cut from the coarse grained casting of 
50 wt pet Zr-U alloy containing a substructure of 
domains was rotated in the Weissenberg camera 


Fig. 6—X-ray structure after 
annealing the 5 phase, illus- 
trating the decomposition of 
only the surface layer. A) Sur- 
face of sample after annealing 
B) After removing the surface 
by etching. C) Surface after 
annealing again. 
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about a major cubic axis. The resulting pattern in- 
dicated tripling of the normal cubic cell and agrees 
with the interpretation of the powder data, that the 
low temperature phase may be cubic, a 10.68A 


Discussion 

The results of the X-ray studies may be inter- 
preted in the following way: The high temperature 
phase in the 50 wt pct alloy is ordinary y solid 
solution of body-centered-cubic structure. It trans- 
forms at or near 600°C to an ordered arrangement 
based on the body-centered-cubic structure of 
about three times the a, value of y. This ordered 
phase is indeed the intermediate or 4 phase” tenta- 


* This phase has also been called ¢ by some experimenters 


tively described on many phase diagrams 


Table |. Diffraction Lines of 50 Wt Pct Zr Alloy 


Intensities® 


Below the 


Above the 
Transformation 


Transformation 


2.49 VS Vs 
2.16 
194 M 
1.77 S Ss 
1.64 Ww 
1.54 M 
1.45 S* 
1.31 Ss 
1.25 M M 
1.20 Vw 
1.16 M 
1.12 M M* 
1.06 M 
1.02 M M 
1.00 we 
0.973 M 
0949 
0.929 
0.907 M+ 
0.881 uw we 
0.838 S S 
0.809 
0.795 M M 
0.783 


* Letters give the scale of intensity: VS, very strong; S, strong; 
M, moderate; W, weak; and VW, very weak. Plus and minus super- 
scripts indicate degrees above and below the designations 


The optical activity of the ordered phase is an 
interesting phenomenon. Certainly the fact that 
domains are visible means that the larger grains 
are comprised of various related domains of order 
that form on transforming from y to 6. This may 
also indicate something about the structure. If the 
optical activity arises from an anisotropic surface 
film, the ordered structure may well be cubic and 
even centrosymmetric. Such anisotropic films have 
been known for many years, and they make pos- 
sible, for example, the study of aluminum with 
polarized light. Since zirconium and uranium are 
both reactive with the atmosphere, this explanation 
is a possible one. Another interpretation, however, is 
that the structure is not cubic, but that the ordered 
arrangement of atoms makes it of lower symmetry, 
and thus optically anisotropic. The second explana- 
tion is presently preferred because the preliminary 
interpretation of Weissenberg patterns indicates 
layer-stacking of zirconium and uranium atoms 
normal to a <111> direction in each domain. Fur- 
thermore, the domains are revealed most clearly in 
metal with the most specular surface; any surface 
film at all seems to obliterate the optical anisotropy 

The principal difference between the X-ray studies 
reported by Summer-Smith and Mueller and the 
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Fig. 7—Deformation marks in the domain structure in 50 wt 
pet Zr-U alloys. X500. Reduced approximately 20 pct for 
reproduction 


studies reported in this paper seemed to be that the 
former work was done with filings that were not 
etched or cleaned after annealing while this work 
was with massive samples that were etched after 
annealing. It was postulated, therefore, that a ter- 
nary was formed with oxygen on the metal surface 
that removed the 4 phase and produced uranium 
and zirconium terminal solid-solution structures 
Therefore, with uncleaned filings of 50 wt pet Z1 
alloy, the pattern was uranium and zirconium afte 
annealing below 600°C, while with massive samples 
cleaned after annealing, the inside metal was still 
4 phase. 

As a check on this possibility, a massive sample 
of 40 wt pet Zr was annealed in an evacuated Vycor 
glass capsule at 500°C for 15 hr and examined un- 
etched. It showed a U + Zr X-ray pattern. After 
removing 0.0005 in. by etching, the pattern reverted 
to 4 phase. Reannealing for 15 hr at 500°C again 
brought out a pattern of uranium and zirconium 
The results of this series of tests are shown in Fig. 6 

Filings that were annealed at 500°C and were 
etched by pouring acid over them in a filter paper 
had only a 4 phase pattern when the etching had 
removed sufficient surface, There is no basic differ- 
ence, therefore, between filings and massive samples 
other than surface area; clean filings behave exactly 
as clean massive samples and the apparent instability 
reaction is purely superficial 

Massive pieces of the 46 phase have been examined 
by X-ray methods after extensive cold work. These, 
too, remained 6. Slip lines were observed in the 
grains of deformed 4 phase and, in general, they did 
not go continuously through a grain, but were inter- 
rupted by the individual domains, as shown in Fig 
7. It is to be expected that the effect of ordered 
domains on mechanical properties will be pro- 
nounced, since the domain walls themselves resist 
deformation in a manner similar to stacking faults, 
and each domain has a preferred slip direction that 
creates a minimum of disorder of the structure 
Measurements made on the 50 wt pet Zr alloy in 
the ordered state showed it to be quite hard, having 
a Vickers’ hardness of 280 to 350 Vhn compared to 
150 to 180 Vhn for retained unordered y as-quenched 
from 950°C. The difficulty in propagating slip 
through domain walls can account for this hardnes: 
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Fig. 8—U-Zr equilibrium diagram which shows an inter- 
mediate 5 phase lying between 40 and 60 wt pct Zr. 


Domains may also account for the anomalous 
direction of the resistivity change on ordering in 
this system, if a high electrical resistivity is as- 
sumed to be the property of domain boundaries 
There are then two competing reactions, a tendency 
toward a decrease in resistance resulting from order- 
ing and a tendency toward an increase resulting 
from the formation of domain boundaries. The effect 
of domain boundaries is apparently overriding the 
effect of ordering 


It can be argued that the y-4 transformation is 
not a true order-disorder transformation, since the 
ordered phase is not forming within a true single- 
phase region; therefore, the product of the trans- 
formation is really a compound with variable solu- 
bility. Such a viewpoint is satisfactory when con- 
sidering only the phase diagram. Upon consideration 
as well of the transformation mechanism, in which 
& domains form within a single y grain on cooling 
without altering the orientation of that grain, the 
order-disorder idea is tenable. This, of course, leads 
to the conclusion that order-disorder changes are 
real phase changes, a notion not always accepted 
at the present time. 

Conclusions 

The many observations that are reported in this 
paper support strongly an intermediate 6 phase in 
the U-Zr equilibrium diagram. This phase forms 
from the body-centered-cubic y phase by an order- 
ing transformation. A diagram that can account for 
such an intermediate phase is shown in Fig. 8. The 
composition boundaries are uncertain, but it lies 
between 40 and 60 wt pct Zr. The temperature of 
the order-disorder transformation lies between 595 
and 610°C. 
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Removal of Boron from Silicon by Hydrogen 


Water Vapor Treatment 


Boron may be removed from liquid silicon by treatment with hydrogen contain- 
ing water vapor. Use of this method coupled with zone refining makes it possible to 
prepare higher purity silicon than is otherwise possible. 


by H. C. Theuerer 


VEN the highest purity silicon available for 

4 semiconductor use contains significant amounts 
of donors and acceptors, usually aluminum, phos- 
phorus, and boron. Aluminum and phosphorus can 
be removed from silicon by adaptations of the zone 
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refining techniques’ widely used with germanium. 
Removal of boron, however, has been a difficult 
problem. The approximate distribution coefficient 
for boron in silicon is 9.8, so that while zone refin- 
ing is possible, it is not very effective in any reason- 
able number of passes. It has been found, however, 
that boron can be effectively removed from silicon 
by treatment of a liquid zone with hydrogen and 
water vapor. Starting with 40 ohm-cm, n-type sili- 
con, use of zone refining coupled with hydrogen 
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Fig. |—Apporatus 
tor surface tension 
suspension melting. 


water vapor treatment has resulted in p-type sili- 
con with a resistivity of 3000 ohm-cm. Initially, this 
material contained boron and phosphorus at concen- 
trations of ~10" atoms per cu cm. After refining, the 
boron and phosphorus concentrations were 4.3x10 
and 3.0x10" atoms per cu cm, respectively, as deter- 
mined by low temperature Hall effect measurements 

In addition to the work on boron removal, which 
will be discussed in detail, the effect of water vapor 
on phosphorus and aluminum in silicon was studied 
It was found that hydrogen water vapor treatment 
reduced the aluminum concentration by 16 pct, but 
that this effect is small compared to that obtained 
by zone refining because of the favorable distribu- 
tion coefficient (0.003) of aluminum in. silicon 
Phosphorus in silicon is not removed by hydrogen 
water vapor treatment 

Surface Tension Suspension Melting—-The re- 
moval of boron by hydrogen water vapor treatment 
was studied in detail using a method in which a 
liquid silicon zone supported by surface tension be- 
tween solid sections is caused to traverse the rod. 
In this way unwanted side reactions were eliminated 
The apparatus used for surface tension suspension 
melting is shown schematically in Fig. 1. It consists 
essentially of a quartz tube % in. OD x 22 in. long with 
1/16 in. wall, to each end of which brass end caps are 
attached with picein wax. The lower end cap con- 
tains an outlet for hydrogen and a chuck for mount- 
ing a silica support rod terminating in a cup for 
holding a silicon seed crystal. The end cap is also 
attached to a drive mechanism which allows the as- 
sembly to be lowered at controlled rates between 
0.05 and 0.2 in. per min. The upper end cap of the 
apparatus is provided with a hydrogen inlet and a 
support chuck attached to a screw mechanism for 
vertical adjustment of the upper rod assembly. The 
chuck is fitted with a silica holder and cup in which 
the silicon rods to be treated are cemented, using a 
mixture of powdered quartz bonded with sodium 
silicate. This method of zone support was developed 
independently at the Bell Telephone Laboratories 
and is similar to those described by Keck’ and 
Emeis.” 

In conducting the experiments, the tube is con- 
tinuously flushed with hydrogen with or without 
water vapor added at a flow rate of 1 1 per min 
The hydrogen used is purified by passing over pal- 
ladinized Alundum to remove oxygen and through 
activated charcoal at liquid N, temperature to re- 
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move water vapor and condensable gases. Where 


water vapor is added, this is done by saturating the 
gas and passing it through a condenser held at a 


controlled temperature 

A liquid silicon zone is now established at the 
seed rod junction, using direct induction with a 5 
megacycle generator. If the resistivity of the silicon 
is above 0.1 ohm-cm, it will not heat by induction at 
temperatures below about 700°C. In such case, It 1s 
necessary to heat the silicon to this temperature by 
other means. Preliminary heating may be done con- 
veniently by applying a Bunsen flame to the quartz 
envelope at the location where melting of the silicon 
is desired. After melting, to compensate for matter 
transport’ occurring because of differences in the 
solid and liquid volumes of silicon, the upper rod is 
lowered 0.005 in. This expands the zone diameter and 
compensates for the volume shrinkage occurring on 
liquefication. If this is not done, necking of the rod 
occurs as the initial zone freezes; and since the 
process is repetitive, with multiple such 
necking can become severe. The zone may now be 
caused to traverse the rod by moving the apparatus 
through the induction coil at a controlled rate. When 
the zone is about 1 in. below the top holder, the 
zone travel is stopped and the zone solidified by 
slowly reducing the power. During solidification, the 
upper rod is lifted 0.005 in. to compensate for ex- 
pansion on freezing. Where multiple passes are de- 
sired, the heat may now be transferred to the start- 
ing position by gradually raising the apparatus 
through the energized induction coil. The initial 
zone may then be reliquefied and the process re- 


passes 


peated 

Silicon Preparation—The 
experiments was deposited on tantalum tape by the 
hydrogen reduction of silicon tetrachloride. When 
silicon containing either boron or phosphorus was 
required, this was prepared by adding boron tri- 
chloride or phosphorus trichloride to the silicon 
tetrachloride. In cases where aluminum doping was 


ilicon used in these 


Fig. 2—Resistivity of silicon after successive hydrogen water 
vapor treatments 
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Fig. 3-—Resistivity of silicon with various concentrations of 
water vapor in hydrogen 


required, a small amount of the element was added 
to the initial silicon zone. Since aluminum has a low 
distribution coefficient with silicon, moving the zone 
through the rod does not rapidly deplete the alumi- 
num from the liquid, and a fairly uniform composi- 
tion is obtained in the freezing solid 
The silicon grown by the hydrogen reduction 
method has a tantalum core which must be re- 
moved. To do this, the rods are slit lengthwise 
through the central axis to expose the tantalum 
Residual tantalum is removed by solution in hydro- 
fluoric acid, and the silicon is finally etched in a 
mixture of nitric and hydrofluoric acids. In these 
experiments, four such rod sections were bundled 
together for use in the zone process 
Boron Removal by Hydrogen Water Vapor Treat- 
ment—To study the removal of boron by hydrogen 
water vapor treatment, changes in resistivity of 
boron doped silicon rods were determined after 
various treatments. The boron concentration deter- 
mines the resistivity in accordance with the follow- 
ing relationship 
l 
- 
pep 


where C is the boron concentration in atoms per cu 
cm, p is the resistivity in ohm-cm, e is the electron 
charge in coulombs, and ,» is the mobility in sq cm 
volts sec’. Since the values for the mobility’ are 
known, the above expression can be evaluated. In 
these studies, the time dependence of the treatment 
and the effect of water vapor concentration on the 
reaction were determined. In studying the time de- 
pendence of the reactions, boron doped silicon was 
given the following sequence of treatments: 

1) An initial zone pass in dry hydrogen at a 
travel rate of 0.1 in. per min to characterize the rod 

2) <A zone pass in hydrogen saturated with water 
at 0°C. Toward the end of the run the water vapor 
was eliminated 

3) A zone pass at a travel rate of 0.1 in. per 
min in dry hydrogen 

4) A zone pass as in 2 above, except that the 
water treatment was continued throughout the run 

5) A final zone pass, the first 2% in. of travel 
being at a rate of 0.05 in. per min and the balance 
continued at the former rate of 0.1 in. per min 

Resistivity measurements made along the rod 
after each of the above treatments are shown in Fig 
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2. The following conclusions may be drawn from 
these data. 

1) Wet hydrogen treatment reduced the boron 
concentration in the silicon. Elimination of water 
vapor toward the end of the first wet hydrogen pass 
(curve 2) terminated boron removal from the liquid 
zone. From this point, the resistivity gradually falls 
and approaches the initial value. This tailing effect 
occurs because the liquid zone prior to elimination 
of water vapor is purer than the ensuing feed mate- 
rial. Upon elimination of the water vapor, introduc- 
tion of impure feed gradually raises the boron con- 
centration in the liquid zone, which is reflected by 
an increased boron concentration in the freezing 
solid. The observed effect should, therefore, be a 
gradual lowering of the resistivity. When steady 
state conditions are reestablished in the zone, the 
forming solid and the feed material will have the 
same composition and hence the same resistivity. 

2) Boron removal by water vapor is irreversible 
since subsequent treatment in dry hydrogen shows 
no significant changes in resistivity 

3) A second pass in wet hydrogen resulted in 
further removal of boron, as indicated by the in- 
crease in resistivity of the silicon 

4) The final run in wet hydrogen reveals the 
time dependence of the purification reaction. Doub- 
ling the time of treatment by decreasing the rate 
of zone travel resulted in a correspondingly larger 
removal of boron. Prior to solidification, the last 
zone in this run was held molten for 4 min in the 
wet hydrogen. A steep rise in resistivity at this point 
reflects the enhanced purification in the last zone 
due to added time of treatment in wet hydrogen 

In each of the above experiments, the rate of 
zone travel was 0.1 in. per min, except for the 
initial part of run 5, where the zone travel was 0.05 
in. per min. Since the zone length throughout was 
0.25 in., the treatment times for the above travel 
rates were 2.5 and 5 min, respectively. The incre- 
mental rise in resistivity with time of treatment, 
shown in Fig. 2, suggests that the rate of boron re- 
moval is proportional to the boron concentration 

To determine the influence of water vapor con- 
centration on the rate of boron removal from silicon, 
a second rod containing boron was characterized 
after one zone pass in dry hydrogen. Resistivity 
measurements along the length of this rod indi- 
cated a boron concentration of ~1x10" atoms per cu 
cm. A second pass was started through the rod at 
the travel rate of 0.05 in. per min in dry hydrogen. 
After approximately one fourth of the rod was 
traversed, a partial pressure of 0.94 mm of water 
was introduced to the hydrogen. When one half and 
three quarters of the rod were traversed, the water 
vapor pressure was increased to 4.6 and 9.8 mm, 
respectively. The resistivity measurements plotted 
as a function of rod location are given in Fig. 3. It 
is immediately apparent that the amount of boron 
removed increased with increasing water vapor con- 
centration in the hydrogen. The initial peaks in the 
curve at the beginning of the third and fourth treat- 
ments reflect enhanced purification in these initial 
zones. This occurred because these zones were held 
static for about 5 min prior to zone travel to equil- 
ibrate the system with the new water vapor con- 
centration 

From the resistivity data of Figs. 2 and 3, the 
amount of boron remaining in the rod after each 
treatment was calculated. Analysis of the data ob- 
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tained by varying both the time of treatment and 
the water vapor concentration in the boron removal 
experiments revealed that 


B 

log kt yp 
Bo 
where B is boron concentration after treatment, Bo 
is initial boron concentration, p is partial pressure of 
water vapor in mm introduced to the system, t is 
time of treatment in min, and k is rate constant 

The above expression suggests that boron re- 
moval involves a heterogeneous reaction occurring 
at the surface of the molten silicon. The process in- 
volves the oxidation of both silicon and boron and 
evaporation of the oxidation products which con- 
dense on the tube walls. That oxidation of boron is 
involved has been established by chemical analysis, 
which revealed the presence of a borate in the wall 
deposits. Since the reaction occurs at the silicon sur- 
face, the rate of change in boron concentration 
should be dependent on the area to volume ratio of 
the liquid silicon, assuming the boron concentration 
is uniform in the liquid zone. In the above experi- 
ments the area and volume of the liquid zones were 
maintained constant at 1.01 sq cm and 0.129 cu cm, 
respectively. Taking the area volume dependence in 
account, Eq. 1 becomes 


B A 
log 0.013 -t\/p 

Bo V 
where A is area of liquid silicon in sq cm, and V is 

volume of liquid silicon in cu cm 
The above equation is useful in estimating the 
boron removal to be expected for variations in the 
above parameters. The surface to volume depend- 
ence is of particular importance, and should be kept 
as large as possible in designing processes involv- 
ing this reaction. Boron removal using wet hydrogen 
is possible in crucible processes either by passing 


the gas mixture over the silicon surface or by bub- 
bling the gas through the melts. Inert gases, such as 
helium, or partial pressures of water vapor alone 
have also been used. It has been found, however, 
that hydrogen water vapor is most effective 


Summary 

It has been shown that boron can be effectively 
removed from silicon by treatment in hydrogen 
containing small amounts of water vapor. The re- 
moval efficiency is increased by both the time of 
treatment and the concentration of water vapor 
used. Normally, hydrogen saturated at 0°C was 
used. Saturations above 10°C were avoided because 
of the tendency toward crusting of the silicon with 
silica 
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Effect of Plastic and Elastic Stresses on the Losses 


And the Domain Configurations of Grain-Oriented 


N recent years the domain theory of ferromag- 
netism has been put on a sound experimental and 
theoretical basis. But its application to one of the 
most widely used high quality magnetic materials, 
the cold-rolled grain-oriented 3 pct Si-Fe used in 

P. W. NEURATH is associated with Transformer Laboratories 
Dept., General Electric Co., Pittsfield, Mass 

TP 4304E. Manuscript, Nov. 23, 1955. Conference on Magnetism, 
Pittsburgh, June 1956 


TRANSACTIONS AIME 


3 Pct Si-Fe 


Permanent, plastic elongation of about 0.1 pct is shown almost to double the 60- 
cycle watt losses of grain oriented 3 pct Si-Fe. Subsequent application of tension in the 
elastic range is shown to eliminate this loss increase. The domain structures correspond 
ing to these effects have been studied and their interpretation bears out the loss results 
qualitatively. 


by P. W. Neurath 


transformer cores, has been rather difficult because 
of the complexity of the domain structure of the 
polycrystalline sheet material. This paper presents 
ome experimental data for this material, showing 
the relation between plastic and elastic stresses, 60- 
cycle watt losse and the domain structure as ob- 
served visually. Only a very tentative qualitative 
explanation of the effects will be attempted. Some 
initial results were reported earlier 
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Fig. |—Ac permeability at 15,500 gauss vs tensile stress. 
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Fig. 2—Effect of elastic deformation on 60-cycle watt losses 
ot 8... 15,500 gauss on an undeformed sample 


Samples—-The samples were 16.0x1.18x0.014-in. 
strips of commercial grain-oriented 3 pct Si-Fe, 
stress-relief annealed after cutting. Samples from 
several heats were used in this work with various 
commercial separator insulator coatings on thei: 
surfaces left in place on one group of samples. On 
duplicate samples the coating was removed by acid 
etching to facilitate further preparation for domain 
observation. The samples were all magnetized and 
stressed in the direction of their long axis only, i.e., 
along the rolling direction 

Loss Measurements—-The 60-cycle ac losses were 
measured with special equipment available to the 
author, shown schematically in Fig. 4. It consists 
essentially of a magnetizing coil, a search coil, and 
two Mumetal yokes clamped across the central 10 
in. of the long samples; the total power loss in the 
coils, yoke, and sample was measured. The flux 
density was controlled manually by holding the 
voltage output of the 1000-turn search coil at the 
desired level. The preamplifier prevented the watt- 
meter from drawing power from the search coil. By 
this means and through careful design and assembly 
of the yoke, the tare of the equipment was kept 
down to about 1 or 2 pet, which was corrected for 
approximately when calculating the losses from the 
meter readings. The peak magnetizing current in 
this device, measured on an oscilloscope, was used 
to obtain a rough measurement of the field strength, 
H. From it, and the directly measured flux density, 
B, the permeability, » — B/H, could be calculated 


1320—JOURNAL OF METALS, OCTOBER 1956 


Application of Tension—A Detroit Testing Ma- 
chine Co. tensile machine was modified to hold the 
16-in. long strips while at the same time allowing 
either 1) the loss measuring device, or 2) the metal- 
lurgical microscope, together with exciting coils, to 
be placed in position 

The tension, applied by manual cranking, was 
measured by the deflection of a spring, indicated on 
a calibrated dial gage. Due to friction and backlash in 
such a device, readings below 25 lb are questionable 

The samples were deformed plastically in the 
same testing machine. The extent of the plastic 
deformation could be calculated approximately from 
a count of the number of turns of the crank on the 
machine; strain gages were used on most of the 
samples to get their complete stress-strain curves, 
but these are of course strictly valid only for the 
part of the samples under the gages. Permanent 
plastic extensions of the order of 0.1 to 0.2 pct were 
aimed at. However, due to the nonuniformity of 
room temperature plastic deformation of this alloy, 
the 0.1 pet figure should be considered only as a 
qualitative indication of the severity of cold work. 
The lattice strain averaged over a small enough vol- 
ume would differ considerably from 0.1 pct 

The full sequence of tests on a sample was as 
follows: 

1) The watt losses of a sample were measured at 
a series of increasing stresses up to approximately 
12,000 psi. Preliminary tests had shown that this 
was a stress which would cause no measurable per- 
manent change of the losses or of the more sensitive 
magnetostriction of a sample. At higher stresses the 
coating or at least its bond to the base metal (on the 
unetched samples) is probably damaged first, caus- 
ing a permanent increase in the magnetostriction. 

2) After this initial run in the reversible region, 
the samples were then deformed plastically as de- 
scribed above. 

3) After this deformation the losses were again 
measured under a series of increasing stresses, the 
maximum stress in this second run remaining under 
the previously applied stress, so that these runs were 
again reversible. This sequence of tests was adopted 
on the basis of the preliminary results reported 
earlier.’ 

Domain Observation—To apply the colloidal mag- 
netite for visual observation, a polished surface is 
needed. However, it was found that mechanical pol- 
ishing was not necessary to get satisfactory results 
An acid etch (75 pet H.O, 15 pet HCI, 5 pet HF, and 


a 

> 

- 

2 


10,000 20000 30000 
TENSILE STRESS IN POUNDS PER INCH? 


Fig. 3—Effect of elastic deformation on 60-cycle watt losses 
ot B.... 15,500 gauss on a plastically deformed sample 
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Fig. 4—Schematic diagram of experimental arrangements 
and circuits. P is the power supply, W a dynamometer watt- 
meter, B a flux voltmeter, Pre-A the preamplifier, RC a 
high quality RC integrating circuit, and O an oscilloscope 


5 pet Pyridine at 70° to 80°C for a few minutes), 
followed by swabbing in an iodine etch (65 g Fe, 325 
cu cm H,O, 52 g diboric ammonium citrate, and 780 g 
iodine), was followed directly by electropolishing on 
a Disa electropolishing machine with a perchloric 
acid-type solution. This method consistently gave 
a satisfactory surface, eliminating all questions of 
cold work due to abrasives. It makes feasible the 
use of sample shapes that would be difficult to polish 
mechanically. 

The colloid was prepared using the directions of 
Elmore’ with the modifications as given by Bozorth." 
However, only about one in three batches of colloid 
prepared in this way turns out satisfactorily. Some 
batches are unstable and some give insufficient con- 
trast for the microphotography of the domain bound- 
aries. Bright field illumination was used because it 
consistently brought out the domain boundaries more 
clearly than dark field illumination. A 33mm camera 
was used in conjunction with the microscope to 
permit a large sequence of pictures to be taken 
rapidly under varying field and flux conditions 
Speed is necessary because the colloid dries out and 
every time it is replenished for taking pictures of 
one particular area the polished surface deteriorates 

Static Flux Measurement-—-To measure the flux 
density when domain observations were made, a 
200-turn search coil was connected to an electronic 
integrating fluxmeter designed by A. H. Foley of 
the Transformer Laboratories Dept. Its output meter 
gives a deflection proportional to the sum of all the 
flux changes in the search coil, starting from any 
desired arbitrary reference point. 
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Fig. 5—Type | do 
main pattern sche 
matically and as it 
appears on a single 
crystal A and a poly 
crystal B sample 
Micrographs reduced 
approximately 25 pct 
for reproduction 
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The drift of the meter, due to all causes, is low 
enough so that the flux densities reported should be 
correct to within +500 gauss. 

Subsidiary Measurements—-Some magnetostric- 
tion measurements were made to check the onset 
of irreversible changes in the material, as pointed 
out previously. The measurement technique has 
been described in an earlier paper.“ The undeformed 
samples, under a tension of zero to a few hundred 
pounds per square inch, have magnetostriction 
curves similar to sample No. 14 of ref. 4, i.e., a small 
negative magnetostriction at 15,500 gauss. 

A measure of the permeability changes was also 
obtained, as described under the section on loss 
measurements, and a typical permeability vs stress 
curve is reproduced in Fig. 1. 


Results 

Watt Losses vs Stress—1) A typical plot of watt 
loss against applied stress in the elastic and reversi- 
ble region, which might be called the initial curve 
of the sample, is shown in Fig. 2. The small rise in 
loss at low stress, as compared to the free sample, 
may be due to a combination of coating effects and 
bending by imperfect alignment of the grips, rathe1 
than being due to any effect of pure tension. How- 
ever, it should be added that the small observed loss 
changes are accompanied by a large decrease in 
permeability as shown in Fig. 2. A decrease in per- 
meability is qualitatively explained by the negative 
magnetostriction of the samples 

2) After plastic deformation the samples had, on 


the average, increased in loss by 87 pet. A typical 
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stress-loss curve is shown in Fig. 3. The almost 
complete recovery of the losses to the undeformed 


state by elastic stress is clearly indicated. Numerical 
data showing these results in more detail for 16 
samples from 8 different lots are given in Table L. 


Table |. Watt-Loss Increases (in Percentage of the Loss of the 
Undeformed Sample at Zero Stress) as a Function of the Elastic 
Stress and of Prior Plastic Deformation 


Deformed Sample 


At Tensile 
Stress Seme- 

ndeformed what Below 

Sample at AtAp Previous 

Approximately proximately Vielad 

Pat 12,000 Psi Point, Ap- 

Sample Tensile Tensile proximately 

Ne Stress Stress 50,000 Pai 


At Zere 
Tensile 
Stress 


Sil 
S12 
S31 
S42 
S41 
S42 
All 
A22 
Adl 
AS5l 
AS2 


Average 


Domain Patterns——In order to provide a satisfac- 
tory explanation for the above data, the domain 
patterns have been investigated under varying flux 
and stress. To discuss the results let us review first the 
domain structure of ideally cube-on-edge oriented 
Si-Fe, i.e., (110)[001] sheet material 
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ROLLING DIRECTION 


Fig. 6—Type II! do- 
main pattern sche- 
matically and on a 
single crystal sample. 
a = 98°, = 35°, 
and 45°. Mi 
crograph reduced 
approximately 25 pct 
for reproduction 


ROLLING DIRECTION 


Fig. 7—Type IV do- 
main pattern sche 
matically and on a 
strained polycrystal 
line sample. a 

55°. 2 55°, and 
45°. Micro- 
graph reduced ap- 
proximately 25 pct 
for reproduction. 


Possible Flux-Closure Patterns on Si-Fe—There 
have been several studies” of the domain structure 
of 3 pet Si-Fe with particular emphasis on the (110) 
or nearly (110) surfaces of the grain-oriented ma- 
terial. From these studies and considerations of 
domain geometry, the following simple patterns 
might be expected: 

Pattern I: The simplest configuration is one of 
antiparallel domains. Domain walls are presumably 
(110) planes although they could possibly be (100) 
and (010) planes, or have positions intermediate 
between these orientations. Fig. 5 shows pattern I 
schematically and illustrates it with patterns on a 
single crystal and a polycrystalline sample 

Pattern II; This is really a group of patterns con- 
sisting of modification of pattern I for grains whose 
[001] direction makes a small angle with the sur- 
face of the sample, and they have been described by 
Nilan and Paxton." 

Pattern III: This is another pattern which can be 
constructed theoretically and fulfills the primary 
requirement of complete flux closure. It consists of 
antiparallel domains magnetized, for example, in 
the [100] and [100] direction with (001) walls and 
with surface closure domains magnetized in the roll- 
ing direction, i.e., [001] and [001]. These closure 
domains are bounded by (111)-type planes and are 
shown schematically in Fig. 6 together with an 
example provided by an area on the surface of a 
well oriented and well annealed single crystal of 
3% pet Si-Fe, which is presumed to illustrate this 
pattern 

Pattern IV: On similar basic [100] and [010] slabs as 
in pattern III, but with 90° rather than 180° vertical 
Bloch walls, it is possible to construct satisfactory 
closure domains magnetized again in the [001] and 
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Fig. 8—Domain patterns of undeformed sample at zero ten 
sile stress. a) B 0. b) B 14,500 gauss. Center arrow 
indicates rolling, flux, and stress direction. Reduced approxi 
mately 30 pct for reproduction 


Fig. 10—Domain patterns of deformed sample at 19,700 psi 
tensile stress. a) B 0. b) B 15,400 gauss. Center ar 


row indicates rolling, flux, and stress direction. Reduced ap 
proximately 30 pct for reproduction 
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Fig. 9—Domain patterns of undeformed sample at 19,700 psi 
tensile stress. a) B 0 b) B 15,400 gauss. Center ar- 
row indicates rolling, flux, and stress direction. Reduced ap- 
proximately 30 pct for reproduction 


Fig. 11—Domain patterns of deformed sample at zero tensile 


stress. a) B 0b) B 15,400 gauss. Center arrow in 
dicates rolling, flux, and stress direction. Reduced approxi 
mately 30 pct for reproduction 
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[001] direction but bounded by (011)-type planes 
Fig. 7 shows a schematic diagram and what might 
be an example of an actual pattern of this type ob- 
served on strained polycrystalline material.* 

* It should be noted that this pattern does not reduce the flux to 
zero in all directions as patterns I to Ill do, but for a nearly 

110; oriented grain the observed boundary traces sug 
gest such an explanation 

More complicated patterns than the foregoing four 
types can frequently be observed on (110)[001] 
oriented single crystals, indicating that the above 
list is not complete. A typical example is the area 
in Fig. 6 which is not type II 

Domain Patterns Under Stress—-With the above 
knowledge of possible domain patterns on cube-on- 
edge oriented Si-Fe, the results obtained under 
stress can now be examined. The patterns on one 
area of one particular sample have been selected as 
being typical and illustrative of the observed effects. 

Figs. Ba and b show one area at B 0 and B 
15,400 gauss, respectively, at zero stress. Type I and 
II patterns can be seen; these are quite typical for 
this material. It was found that no noticeable change 
in these patterns occurred at stresses up to 2000 psi, 
although the magnetostrictive properties of this 
type of material would lead to the suspicion that 
the most prominent changes in domain patterns 
should take place well within such a stress range.’ 

Figs. 9a and b show the same areas at the same 
flux densities, at a stress of 19,700 psi. The pattern 
has changed to an almost uniform type I pattern 
cutting across all the visible grains. This situation 
should be one very suitable for quantitative com- 
parisons with theory. A single parameter, the wall 
spacing, might be sufficient to describe this pattern 
throughout a large polycrystalline sample 

Figs. 10a and b again show the same areas, now 
after plastic deformation of the order of 0.1 pet, and 
again under a stress of 19,700 psi. The pattern ap- 
pears essentially unchanged from Fig. 9, except for 
the appearance of some slip lines, which have no 
visible connection with the domain patterns 

Figs. lla and b finally show the same area unde1 
no stress, comparable to Fig. 8, but as it appears 
after plastic deformation. The type IV pattern is 
prominent in the lower right half. Highly strained 
regions probably produce the fine surface pattern in 
the lower center. The upper center crystal seems to 
be under slight tension. The slip lines again have 


no direct connection with the domain pattern, even 
though there is now no external stress to offset local 
stress concentrations. On casual inspection the 
changes in the domain pattern from the undeformed 
state may appear to be very slight. It should be 
pointed out, however, that large flux changes (Figs. 
8a and b) also make a deceptively small change 
in the appearance of the domain patterns. Further- 
more, it might be added that flux changes of a few 
thousand gauss from the demagnetized state are 
practically undetectable by visual means on the 
polycrystalline material. 


Conclusions 

It has long been established that plastic deforma- 
tion would cause an increase in losses of magnetic 
materials although the exact mechanism is still in 
question. This study shows that under certain con- 
trolled conditions subsequent elastic stresses can 
eliminate this loss increase almost completely, even 
if it was originally as high as 100 pct 

The domain patterns under similar conditions 
have been observed. These show, in support of the 
loss results, that 1) at the high tensile stresses which 
offset loss increases, the domain pattern is not af- 
fected by plastic deformation; 2) at zero tensile 
stress the patterns of the plastically deformed sam- 
ples are different from those of the undeformed 
samples. 

Finally, the pattern at high tensile stress appears 
to be of a particularly simple type suitable for com- 
parison with theoretical predictions 
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Technical Note 


SERIES of seven hypoeutectoid alloys, up to 
18.2 atomic pet Mn, was made by the levitation 
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Phase Transformations in Titanium-Rich Alloys of Titanium and Manganese 
by E. R. Macgregor, B. F. Peters, and J. Gordon Parr 


melting technique.’ The loss of weight on melting 
was considered to be entirely due to volatilization 
of manganese, and compositions were computed on 
this basis. Filed samples (—200 Tyler mesh) were 
helium quenched from 1000°C after soaking for 5 
min by a technique already described.’ 

Quenched Alloys—-Assessments of the amounts 
of « phase produced and the hardness of the 
quenched alloys are summarized in Fig. 1. The 
experimental techniques and calculations involved 
have been described previously." The amount of a’ 
decreases as Manganese content increases, until at 
10.6 pet Mn only a trace of a’ is observed. Previous 
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% MANGANESE 


Fig. 1—Graph of Vpn hardness vs composition for as- 
quenched sintered alloy powders, and pct « vs composition 
for the quenched specimens. 


‘ 


investigators’’ working on lump samples reported 
the highest composition producing a’ to be 5.6 pet 
Mn. A similar discrepancy in the result of quench- 
ing experiments has been observed in the Ti-Fe 
system, and is apparently due to the size of the 
specimen. 

A micrograph of the typical martensitic structure 
in low manganese alloys is shown in Fig. 2. Higher 
manganese alloys showed a less pronounced mar- 
tensitic pattern 

Quenched and Tempered Alloys—Maykuth et al.” 
have reported the sluggishness of decomposition 
reactions below eutectoid temperature, 550°C. It 
seemed worthwhile, therefore, to conduct experi- 
ments in an effort to speed the tempering reactions 
in quenched alloys. These experiments involved 
a) cold working by percussion between tempering 
treatments and b) oscillation 15°C above and be- 
low the eutectoid temperature during heat treat- 
ment. However, in both series of experiments it 
was found that after the initial breakdown of the 


Fig. 2—Micrograph showing « structure in a 0.37 pct Mn 
alloy, etched in 2 pct HF plus water with HNO, rinse. X800 


retained 8 phase during the earliest stages of tem- 
pering, no further decomposition could be induced. 

The amvunt of y phase produced on tempering 
is, as would be expected, greater at higher manga- 
nese contents, but it does not exceed an estimated 
10 pet even in the 18.2 pet Mn alloy 
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Technical Note 


N the course of a general investigation of boride 
systems, sponsored by the Office of Naval Re- 
search, various vanadium boride powders of rela- 
tively good purity were prepared which could be 
used for a determination of the phases present 

The X-ray pattern of one of these lots showed, 
in addition to the known VB' and VB," phases, an 
additional phase, almost certainly of composition 
V.B,, isomorphous with Cr,B,, Cb,B,, Ta,B,, and 
Mn,B,. Its pattern fitted in well with the indices 
worked out by Kiessling for Mn,B,." The unit cell 
for this new compound is orthorhombic, with the 
dimensions a 3.030A, b 13.18A, c— 2.986A, 
V 119.2A.". Table I lists the X-ray diffraction 
data for V,B,. 
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New Vanadium Boride of the Composition V,B, 


by D. Moskowitz 


Table |. X-Ray Diffraction Data* 


da 

Observed Observed Intensity Calculated 
110 2 981 20 95 Medium 2 953 
031 2.406 40 Strong 2469 
060 2.199 4100 Weak 2.196 
2.1342 42.45 Weak 2.127 
es 20%0 44.60 Strong 2021 
1s 0 2 002 45.25 Strong 1 
141 1.792 9 Weak 1 787 
071 1504 57.4 Weak 1624 

*CukKa radiation. The unit cell is orthorhomble a 3 030A 
t IZ nd 2 
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strain rate and the shear stress, y =700;'e 


Plastic Anisotropy of Zinc Monocrystals 


Glide on the basal (0001) and prismatic (1010) planes of zinc monocrystals has been investigated 
at 250° to 400°C. Prismatic glide obeys Schmid’s law and an equation of state relating the glide 


aT 


Impurities raise the stress exponent and the 


activation energy; the stress for prismatic glide at a given rate is much higher than for basal glide; 
and multiple prismatic glide causes no appreciable strain hardening. The creep of polycrystalline 
zinc is controlled by prismatic glide at high temperatures. The discussion considers the anisotropy 


of zinc crystals and its effect on dislocation motion. 


ECAUSE of their layerlike structure, zinc crystals 
exhibit strong anisotropies for almost all physi- 
cal and chemical properties. This should, and indeed 
does, greatly influence the plasticity of zinc for vari- 
ous crystal orientations. At low temperatures, the 
investigator of this plastic anisotropy is plagued by 
the great variety of deformation modes that operate 
However, at high temperatures (250° to 419°C) only 
two deformation modes predominate: basal (0001) 
and prismatic (1010) glide. Furthermore, since 
strain hardening is virtually absent at high tem- 
peratures, the plasticity for these two modes of de- 
formation can be very simply described by means 
of two equations of state. It is the purpose of this 
paper to describe the experimental behavior of basal 
and prismatic glide in zine crystals, and to interpret 
this behavior in terms of other physical properties 
(in particular, the thermal expansion coefficients 
and the elastic constants) using the theory of dis- 
locations 

Fig. 1 defines the two planes of the zine structure 
that will be discussed. Glide occurs very readily on 
the basal planes at all temperatures, and there is a 
very large literature on this subject. Much of the 
literature has been reviewed by Schmid and Boas;’ 
it will not be reviewed here. Kolesnikov’ was the 
first to show that if basal glide is circumvented by 
stressing a zinc crystal parallel to the basal planes 
(giving zero shear-stress on the basal planes) then, 
at temperatures above about 320°C, glide on the 
first-order prism planes occurs. His results have re- 
cently been confirmed by Cahn, Bear, and Bell.’ 
These previous workers have established the exist- 
ence and crystallographic elements of prismatic 
glide; the present paper is concerned with the stress, 
strain rate, and temperature relations of prismatic 
glide as contrasted with basal glide 


Experimental Methods 


The crystals were square ones, 6x6 mm, that had 
been grown in precision Pyrex tubes by a method 
that is described in detail elsewhere.‘ Most of the 
crystals were 99.999 + pet Zn (New Jersey Zinc Co 
CP grade). Some were alloyed with 0.1+0.005 
atomic pet Cd, and chemical analysis showed that 
almost all of the added cadmium persisted through 
the crystal-growing process 
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by John J. Gilman 


For measurements of nonbasal glide, crystals were 
oriented with their basal planes parallel to both the 
rod axis and one of the flat faces of the square cross 
section. However, the orientation of the close-packed 
directions [1210] with respect to the rod-axis was 
variable. For basal glide measurements, the angle 
between the basal plane and the specimen axis was 
35°. The orientations were measured by the Gren- 
inger back-reflection X-ray method 

The problem of finding a suitable method of grip- 
ping the crystals was the most serious experimental 
obstacle that arose. Because of the large plastic 
anisotropy of zinc, the usual gripping methods were 
unsatisfactory. Some methods that were tried were: 
high melting-point solder, making heads on the ends 
by locally melting a crystal, and electroplating 
nickel on the ends to form enlarged portions. For 
all these methods, the regions of the grips were 
weaker than the crystals themselves. Finally, two 
methods were decided upon: bend tests and direct 
machining of tensile specimens 

In the bend tests, specimens were loaded as simple 
beams so that gripping was not a problem. The 
beams were 1 in. long and the axis of bending was 
parallel to the hexagonal axis of the crystals 

For the crystals that were machined into tensile 
specimens, brass bars with slots in them were used 
to support the crystals, and thereby minimize the 
distortions due to machining. The crystals were 
glued into the brass bars with plastic cement which 
was later dissolved away with acetone. See Fig. 2, 
left. No clamps were used near the crystals and the 
machining was done using a milling machine with a 
fly-cutter. The tool bit was very sharply pointed to 
minimize burnishing. The feed was less than 1 mil 
per cut. The depth of cut was 2 mil for roughing 
cuts, and % mil for the finishing cuts. This machin- 
ing method produced surface layers of tiny recrys- 
tallized grains only 2 to 3 mil deep, and the bodies 
of the crystals were not measurably disturbed 

After the crystals had been machined and re- 
moved from the brass holders, they were chemically 
polished until about 5 mil had been removed from 
all their surfaces. The polishing reagent consisted 
of equal parts of concentrated HNO,, 30 pct H,0O., 
and ethy! alcohol; it is described in detail elsewhere 
A typical crystal is shown in Fig. 2, right. The 
I-shaped faces are normal to the hexagonal axis of 
the crystal; otherwise the projections at the ends 
would simply shear off when the crystal was loaded 
The cross section in the 2%%&-in. gage length is 
0.215x0.115 in. It was found that the polished 
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crystals could be heated to as much as 350°C with- 
out seriously impairing the surface polish, so that 
they could be readily examined metallographically. 

The crystals were heated to temperatures from 
230°C to above the melting point of zinc by means 
of a bath consisting of equal parts of KNO, and 
NaNO,. The salt bath was heated with an immersion 
heater and stirred by passing nitrogen through a 
fritted glass bubbler, as shown in Fig. 3. The tem- 
perature was controlled to +%°C and measured to 
about +2°C 

The testing machine was an Instron machine, 
which is a hard machine of the automatic recording 
type. Approximately constant glide-strain rates 
were obtained conveniently because the crosshead 
of the machine ran at adjustable constant speeds 
In the Instron machine, a servomechanism compares 
the crosshead speed with the speed of a synchronous 
motor so that a constant speed is reliably maintained. 


Confirmation of Glide Elements—-The rectangular 
cross sections of the crystals and their simple ori- 
entations made it possible to determine the opera- 
tive glide elements unambiguously. The results con- 
firm the work of previous investigators 

Over the temperature range from 250° to 400°C, 
for crystals oriented with the hexagonal axis nor- 
mal to the narrow side of the rectangular cross sec- 
tion, it was found that no deformation occurred in 
the direction parallel to the hexagonal axis. All of 
the tensile deformation occurred in a direction par- 
allel to the basal planes, and the shape of the cross 
section remained rectangular. The foregoing state- 
ments are true to better than 4% pet accuracy, There- 
fore, the glide plane must belong to the (0001) zone, 
and the glide direction must lie in the basal planes 

Two observations served to fix the glide planes 
lattice reorientations during flow, and glide lines 
A crystal was extended by single glide about 33 pct 
in tension. On the hypothesis that prismatic flow 
was occurring, the reorientation of its crystal lattice 
was analyzed. The initial orientation of the pris- 
plane with maximum shear-stress was 
\ 46° (where x angle between tension axis 
and glide plane). According to sine law," after the 
extension, the orientation angle should have been 
x 33 The measured range of angles was from 
32° to 34° (the range was caused by asterism which 
will be discussed later). Thus the hypothesis of 
prismatic glide was confirmed within the experi- 


matic 


mental errors 
Normal glide lines are not observed on zinc crys- 
tals that are deformed at high temperatures. Most 
likely they are obliterated by diffusion at the sur- 
face. However, there is always a protective oxide 
film on the surface and this film is ruptured during 
glide. The ruptures in the oxide are localized and 
appear as black lines under a microscope. Fig. 4 
shows some typical examples of this type of glide 
line. A crystal which glided on two planes is shown 
in Fig. 4, right. The two sets of lines make an angle 
of 60° with each other, and they both lie parallel 
to prism planes of the underlying structure 
Furthermore, it was found that glide lines like those 
of Fig. 4 changed their orientations with respect to 
the tension axis as glide proceeded. The orientation 
changes corresponded exactly with the predictions 

of the sine law 
observed by Cahn, Bear, and Bell* were ap 
markings, although these authors did not 
t the urkings that they attributed tenta 


crystallographic signifi 
cracks in the oxide 


* The slip 


parent 


have ar real 


simply auxiliary 
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Bend Tests—Prior to the tensile tests that will be 
described shertly, a series of bend tests were per- 
formed. These served to establish the character of 
the flow that could be expected in the tensile tests 
The bend axis was parallel to [0001] and a close- 
packing [1120] direction of the crystal was parallel 
to the beam axis so that two prismatic glide planes 
were operative. The loading fulerums were ‘%s-in 
diam steel pins so that local deformations at the ful- 
crums were minimized. The crystal beams were 
0.225 in. sq, and the beam length was 1 in. The 
center points of the beams were deflected at con- 
stant rate, and the maximum tensile fiber stress 
calculated for an arbitrary deflection of 0.0005 in 

The results of the bend tests are plotted in Figs. 5 
and 6. Fig. 5 shows the bending stress plotted as an 
exponential function of the reciprocal temperature 
It can be seen that the temperature dependence of 
the stress obeys an Arrhenius relation quite closely 
This will be discussed in more detail in connection 
with the tensile test results 

After a few bend tests had been performed, it 
was found that there seemed to be a complete ab- 
sence of strain hardening and the constant stress at 
which flow occurred was dependent only upon the 
deflection (strain) rate. Furthermore, when the flow 
stress was plotted against the cube root of the de- 
flection rate, the data fell on a straight line which 
passed through zero stress at zero strain rate (Fig 
6). Thus the glide process may be described as 
quasi-viscous flow according to the terminology of 
Houwink This is consistent with the strong tem- 


* Another, perhaps more descriptive, term is Strukturviskositat, 
coined by W. Ostwald 


perature dependence of the stress. Qualitatively 
(no quantitative comparison has been attempted), 
the flow in bending behaves the same as for tensile 
tests 

Tensile Tests—As might have been expected on 
the basis of the bend test results, it was found that 
the prismatic glide in tension Is quasi-viscous and 
strongly temperature-dependent Virtually no 
strain hardening was observed for strains as large 
as 50 pet. Thus, the stress-strain curve appeared 
simply as an initial transient, that looks like yield- 
ing, followed by a straight horizontal line. Small 
inhomogeneities in the deformation caused fluctua- 
tions in the flow stress, but the average value re- 
mained constant. Since the deformation of the 
crystals was quite homogeneous, especially when 
compared with the usual behavior of basal glide, 
the constant flow stresses were unusually reproduc- 
ible, as will be shown by subsequent data 


Schmid's Law: At the beginning of the investi- 
gation it was suspected that Schmid’s law of the 
critical resolved shear-stress” might not apply to 
prismatic glide because the flow was clearly quasi- 
viscous rather than plastic in nature. Therefore, a 
comparison of the tensile and resolved shear-stresses 
was made for constant temperature and strain rate 

For all the crystals y 0°, so the only variable 
orientation angle was a which is the angle between 
a close-packing [1120] direction and the tension 
axis (see Fig. 7). The angle £ is defined as the angle 
between a prismatic (1010) plane and the tension 
axis. The resolved shear stress on a prism plane is 
then r — o sin # cos B, where oa is the applied tensile 
stress. In Fig. 7, the relative magnitudes of the 
shear-stresses on the three prism planes are plotted 
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BASAL 
(0001) 


Fig. |—Two planes 
of the zinc structure. 


PRISMATIC 


as functions of the orientation angle a. It can be 


seen that a can vary between 0° and 30° before 
equivalent situations arise. At a S,20.00,>@ 
90" two of the prism planes have equal shear- 
stresses on them while the third has zero shear- 
stress on it. However, when a = 0, the two equiva- 
lent planes make angles f£ = 60° with the tension 
axis, whereas when a 30°, the two planes have 
8 =~ 30°. Thus £ can be varied from 30° to 60” in 
order to vary the ratio of normal to shear-stress, 
and thereby test the Schmid law. 

Test results for crystals with 8 = 30°, 46°, 53°, 
and 60° are shown in Fig. 8. Here the constant flow 
stresses that were observed for various strain rates 
at 330°C are plotted. Since the flow occurred along 
prism planes, it was necessary to use the resolved 
glide-strain rate instead of the tensile-strain rate. 
The former was calculated from the expression 


dy (l/l) dl ) 


dt ‘Lat 


which reduces at small extensions to 


l ( dl ) 
cos B, L, dt 


where | and lL, are the instantaneous and initial gage 
lengths, respectively, and 8, is the angle between 
the prism plane with maximum shear-stress and the 
tension axis 

The resolved shear-stresses were calculated from 
the expression 


P sin £B, 
V 


sin’ 


where P is the load and A, is the initial cross sec- 
tional area 

Fig. 8 shows clearly that when the tensile stress 
is plotted against the cube root of the resolved 
glide-strain rate, the data scatter into a band. On 
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Fig. 3—Schematic drawing of testing arrangement. 


the other hand, when the resolved shear-stress is 
plotted, the data for the full range of possible ori- 
entations fall on one straight line. Thus Schmid’s 
law is closely obeyed for the case of prismatic glide 
in zine. 

Fig. 8 also shows that the relation between the 
stress and the strain rate remains the same inde- 
pendently of whether single or multiple glide occurs 
This is true over a wide range of strain rates from 
1.81 to 78.4x10° per sec, In other words, even 
though multiple glide occurs, there is no strain 
hardening or other effect on the flow 

Rate Dependence of Prismatic Flow at Various 
Temperatures: Because strain hardening was absent 
at the temperatures that were required to cause 
prismatic glide, it was found that the stress required 
for flow at a certain glide-strain rate was almost 
exactly reproduced if this rate was reestablished 
after some flow at intermediate rates had occurred 
That is, one could cycle back and forth among various 
strain rates and always come back to the same 
stress for a given rate. Therefore, only three vari- 
ables are needed to describe completely the glide 
process. These are the stress, the strain rate, and 
the temperature. Fig. 9 is a plot of them with loga- 
rithm of stress plotted against the logarithm of 
strain rate for various temperatures. 

Most of the data of Fig. 9 fall quite accurately 
on the solid lines of slope 1/3. The dashed curves 
show the deviations of the data at low temperatures 
and high strain rates. It is believed that these de- 
viations may result from the operation of a second 
deformation mode (perhaps pyramidal (1122)[1123] 
glide) at the lower temperatures. At still lower 
temperatures, it was not possible to observe steady 


Fig. 2—Machining technique 
for preparation of tensile speci 
mens. LEFT: Crystal thot was 
glued into brass block and 
milled. RIGHT: Machined crys 
tal, polished and ready for test 


ing. 
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Fig. 4—Prismatic 
glide markings pro- 
duced by shearing 

of thin surface oxide 
film. Photographs 
are parallel to the 
glide direction and 
perpendicular to the 
glide planes. LEFT: 
Single prismatic 
glide. X250. RIGHT: 
Double prismatic 
glide (note 60° 
angle between mark- 
ings). X500. Re- 
duced approximately 
45 pct for repro- 
duction. 


prismatic glide because twinning intervened before 
the required stresses could be reached 

For a crystal with 0.1 atomic pet Cd as an im- 
purity, the stress, strain rate, and temperature data 
are given in Fig. 10. Two effects of the cadmium 
impurity are evident: 1) the stress to cause flow at 
a given strain rate is higher by about the same 
amount at all temperatures, and 2) the slope of the 
lines is changed from 1/3 to 1/3.6 

Initial Transients: In order to check the validity 
of the assertion that the initial portions of the 
stress-strain curves were transients and not due to 
yielding, an analysis of the stress-strain curves was 
made. The equivalent diagram of the testing ar- 
rangement is shown in Fig. 11. The extension of 
the specimen is given by l-x, the difference between 
the displacement of the crosshead and the load-cell 


displacement. Then the extension rate is 


dl dx dx 
Cc 
dt dt dt 


where C is the constant speed of the crosshead 
Fig. 8 establishes the relation that the extension 
rate (strain rate) is equal to KP’ if the extension 
is small so that the cross section of the specimen 
does not change appreciably. Here K is a constant 
and P is the load. However, the load P is also equal 
to kx, where k is the effective spring constant of the 
whole machine, which nearly equals the constant 
for the load cell alone. Using these relations gives 
the following differential equation 


+ Bx’—-C=0 


where B 
grated so that 


This equation can be directly inte- 


dx 
Bt 
(C/B 
a+ar+a2 2x +a 
In tan 
6a (a a’\/3 av\/3 

where a’ C/B.* These values were used to cal- 
* The integration was taken from No. 168.01 in Dwight'’s Table 
of Integrals Macmillar 1947 Experimentally kK 2 56x10 
ih? per min 4 2x10 ‘ib per ir and C 0.002 ‘in. per 


in 
culate the points that have been superposed on an 
actual load-elongation chart from the Instron ma- 
It can be seen that the curve given 


chine (Fig. 12) 
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by the calculated points agrees closely with the 
observed curve. However, because of the curved 
characteristic line that the machine draws at low 
loads, the origin of coordinates cannot be fixed for 
complete comparison. Hence, to a good approxima- 
tion, the transient at the beginning of the stress- 
strain curve simply results from the interaction of 
the testing machine and the flow characteristics of 
the specimen.? 

' The foregoing analysis of the yield point for this simple case 
has obvious implications for other measurements of critical resolved 
shear-stresses. Usually, the machine characteristics cannot be ig 
nored as has often been done in the past 

Equation of State: It has already been shown 
(Fig. 5) that the stress to cause prismatic bending 
depends on the temperature according to an 
Arrhenius relation. Independently of the data of Fig 
9, the stress to cause prismatic flow at constant 
glide-strain rate was measured as a function of 
temperature. The results, shown in Fig. 13, fall 
quite closely on a straight line when the logarithm 
of the flow stress is plotted against the reciprocal 
of temperature. The logarithms of the glide-strain 
rates can also be plotted (data of Figs. 9 and 10) 
against the reciprocal of the temperatures and 
straight lines obtained as in Fig. 14. The slopes of 
these rate plots may be identified with activation 
energies, and for the pure zine crystals the value is 
Q 38 keal per mol. Thus the data of Figs. 9 and 
14 can be described by the equation 
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Fig. 5—Prismatic glide in crystals bent as simple beams 
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Fig. 6—Effect of strain rate on stress for prismatic glide in 
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Fig. 8—Effect of crystal orientation on tensile stresses and 
shear stresses for prismatic flow in zinc 
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Then at constant strain rate, the stress is given by 
¢ = 

In these equations, r is the resolved shear stress, y is 
the glide-strain rate, T is the absolute temperature, 
R is the gas constant, Q is the activation energy, n 
is a constant of 3 for pure zinc, and A and D are 
constants. This allows an independent evaluation of 
Q from Fig. 13; the value here is Q 38 keal per 
mol, in close agreement with Fig. 14. Note that an 
effect of the cadmium impurity was to change the 
activation energy for prismatic glide from 38 to 46 
kcal per mol 

The foregoing equation for the strain rate con- 
stitutes a mechanical equation of state for prismatic 


glide so that if any two of the three variables, y, r, 
or T are fixed, the third one is uniquely determined 

Supplementary Observations Back-reflection 
X-ray Laue photographs were taken of many of the 
crystals that were deformed by prismatic glide. It 
was found that large amounts of asterism were 
present which represented crystallite rotations of 
a few degrees about axes both parallel and per- 
pendicular to the glide direction 

The observations of X-ray asterism suggested 
that the crystals might be badly broken up during 
prismatic glide, but deformed crystals that were 
cleaved in liquid nitrogen showed relatively flat 
basal cleavage planes. On a fine scale the cleavage 
faces were mirror flat, but flats about 0.1 mm in 
extent were tilted very slightly with respect to one 
another to form a mosaic. No evidences of strain 
hardening, such as cleavage steps or microscopic 
rumplings,” were found even after large strains 

Tensile Tests-Basal Glide—The behavior of zinc 
crystals that deform by basal glide is strikingly 
different from those in which prismatic glide 
occurs. Fig. 15 shows the stress strain rate be- 
havior." Pure crystals will be considered first. For 


* The crystals of these tests were not machined they were 
gripped in mechanical chucks. Otherwise, the testing techniques 
were unchanged Initially x 35° and the glide direction was 
parallel to two sides of the square cross section 


pure crystals, the shear-stress needed to cause basal 
glide is about 10 g per sq mm regardless of the 
value of the temperature or strain rate in the ranges 
shown. As a result of this extreme rate independ- 
ence, the deformation is quite inhomogeneous, and 
the stresses are not very reproducible. Therefore, 
the limited data of Fig. 15 do not justify the attach- 
ment of any particular significance to the slopes or 
relative positions of the lines on the graph. It can 
only be concluded that the activation energy for this 
flow is very small, and may even be negligible. An 
upper limit for the activation energy may be esti- 
mated as follows: at constant strain rate the average 
flow stresses at 300° and 680°K are about 17 and 11 
g per sq mm, respectively. Then the slope of a plot 
of r vs 1/T is about 460 cal per mol. To obtain the 
activation energy, this slope must be multiplied by 
the reciprocal slope of stress-strain rate plot (Fig 
15), or about 12. This gives a very rough activation 
energy of <5 keal per mol 

When 0.1 atomic pct Cd is added to zinc, the basal 
glide behavior changes radically. At least two things 
happen: 1) the high temperature flow becomes rate 
and temperature dependent; and 2) at intermediate 
temperatures or high rates the glide becomes jerky 
The detailed description of the jerky flow is beyond 
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Fig. 9—Relation between shear stress and shear strain rate 
for prismatic flow in zinc at various temperatures. 


the scope of this paper. The high temperature flow 
is inhomogeneous, but more reproducible than for 
pure crystals. However, the data are approximate 
as compared with those for prismatic glide. In Fig 
15 straight lines with slopes of 0.37 are used to 
approximate the data. If these lines are used to find 
values of the strain rates at constant stress (80 g 
per sq mm) for various temperatures, an activation 
energy of about 21 kcal per mol may be derived for 
this flow 

In the jerky flow region, the stress seems not to 
depend upon the applied strain rate at all. The 
stress for jerky flow is also independent of tempera- 
ture at the higher temperatures, but it rises sharply 
as the temperature goes below room temperature 
Fig. 16 shows this behavior. Fig. 16 also shows that, 
at high temperatures where the flow is smooth, the 
stress at constant strain rate decreases with tem- 
perature until it approaches the flow stress for pure 
zine (at the melting point) 

Polycrystals—It was suspected that the deforma- 
tion of polycrystalline zinc might be controlled by 
prismatic glide at high temperatures. Therefore, a 
specimen with a grain size of 0.5 grains per sq mm 
was prepared in the same manner as the crystals 
shown in Fig. 2. The test results are shown in Fig. 9 
where they can be compared with those for prismatic 
glide.” Since every grain of a polycrystalline aggre- 
at 45° to 


* The shear-strain rate and maximum shear-stresses 
tension axis) are plotted in the figure 


gate must experience approximately the same strain 
rate as the aggregate as a whole, it is believed that 
the strain rate values for the polycrystal are com- 
parable with the values for prismatic glide. Thus, 
it can be seen that the stress-strain rate relation for 
the polycrystal is almost the same as for prismatic 
glide at the same temperature, but the applied stress 
level is about 35 pct lower. However, only a fraction 
of the grains might be expected to be oriented for 
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Fig. 10—Relation between stress, strain rate, and tempera 
ture for zinc plus 0.1 atomic pet Cd 


prismatic glide, so the local stresses tending to cause 
this glide might be appreciably higher than the 
applied stresses. At these temperatures only minor 
stress concentrations at glide bands, grain corners, 
etc., would be expected to exist 

Thus, it is believed that high temperature creep 
in polycrystalline zine is controlled by the rate of 
prismatic glide that occurs in crystals that are 
oriented with their planes parallel to the 
tension axis 


basal 


Discussion 

It has been discovered that prismatic glide in zine 
crystals obeys an equation of state at high tempera- 
tures (Eq. 1). The constants A, n, and Q in the 
equation depend on the glide plane and on the 
purity of the crystal. A and @ are much higher for 
prismatic glide than for basal glide, whereas n is 
much smaller. For example, at 256°C, the stress to 
cause prismatic glide at a rate of 5.5x10° sec’ is 
1275 g per sq mm compared with 10 g per sq mm 
for basal glide. This large anisotropy of behavior 
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persists even at the melting point, where the stress 
to cause prismatic glide is five to ten times greater 
than the stress for basal glide, depending on the 


glide rate 


Although the macroscopically observed flow is 
quasi-viscous (n > 1),* it is believed that the 


* Lowest observed viscosity was 2.5x10 poise for prismatic glide 


and 13x10 poise for basal glide, compared with 0.035 poise for 
liquid zine at the melting point 


fundamental flow process is truly viscous. The full 
justification of this hypothesis is beyond the scope of 
this paper, but it seems reasonable for two reasons: 
1) the flow is strongly temperature dependent; and 
2) the stresses are relatively small, and no stress 
concentrations could be expected at these tempera- 
tures, so the work done during atom motion (~rb") 
is small compared with the thermal energy (where 
b is the atomic translation distance). For prismatic 
glide in pure zine rb" ranged from 4 to 35x10" ergs 
per atom, whereas the thermal energy ranged from 
1800 to 1500x100” ergs per atom. This means that 
the stress is well within the range where the abso- 
lute reaction rate theory” would predict Newtonian 
viscosity. If the fundamental flow process is New- 
tonian, then the fact that n >» 1 means that the 
number of places at which the flow process operates 
must increase rapidly with the applied stress. The 
data of the present investigation are insufficient to 
fix this multiplication process clearly, so it will not 
be discussed further. 
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Fig. 13—Relation between sheor stress and temperature at 
constant strain rate for prismatic flow in zinc. 
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Fig. 14—Relation between shear-strain rate and temperature 
at constant stress for prismatic flow in zinc 


Since the activation energy for prismatic glide 
(38 kcal) is almost twice as large as either of the 
self-diffusion energies (21.8 kcal per mol parallel to 
c-axis; 24.3 kcal per mol perpendicular to c-axis), 
it is believed that diffusion does not limit the flow 
rate. It is conceivable that prismatic glide can only 
occur when basal dislocations are promoted from 
the basal planes onto the prism planes. This might 
be accomplished readily by the screw components 
of basal dislocations, or by jogs in basal edge dis- 
locations. If this were the rate-controlling process, 
then the observed activation energy might be asso- 
ciated with differences in the elastic energies of 
basal and prismatic dislocations. These energies will 
now be considered. 

In Fig. 17 the forms of the basal and prismatic 
glide planes may be seen. Although the model has 
true close-packing whereas the basal planes of zinc 
are separated about 15 pct more than in the model, 
the approximate forms of the planes are clear. The 
basal planes are relatively flat with shallow holes 
in them. The (1010) prism planes are corrugated 
parallel to the glide direction so that tongue-and- 
groove glide occurs on them. The basal and pris- 
matic glide planes are separated by 2.47 and 2.30A, 
respectively. On both planes, the unit [1210] dis- 
locations may dissociate into partial dislocations 
For basal planes the dissociation is given by 


a a 
a [1120] — [1010] + —- [0110] 


where a is the lattice constant. For the prism planes 
the magnitudes and directions of the partial dis- 
locations are irrational, although the magnitudes 
are approximately a/3. Also, the stacking fault 
energy for the prismatic planes is probably high so 
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the dissociation is less likely to occur than for basal 
dislocations 

The elastic shear moduii, C’,,, resolved into the glide 
planes and directions, are 6.4 and 3.8x10" dynes per 
sq cm, respectively, for the prismatic and the basal 
planes at room temperature.” However, the disloca- 
tion energies on the two planes are not as different 
as these elastic constants might imply. If the appro- 
priate constants of Eshelby’s anisotropic theory” are 
calculated they are: 7.78 and 5.53x10" dynes per sq 
cm. The difference between them, ~2x10" dynes 
per sq cm, corresponds to an energy difference of 
approximately 0.6x10 “ ergs per atom length which 
is comparable with the observed activation energy 
of 2.7x10" ergs per atom. Thus, dislocation promo- 
tion is a possible interpretation for the behavior of 
prismatic glide in zinc, 

An equally possible interpretation of prismatic 
glide is that the prismatic dislocations interact so 
strongly with the crystal lattice that they move only 
when thermally activated. If the dislocations inter- 
act strongly with the crystal lattice, then they nor- 
mally lie perpendicular (considering edge disloca- 
tions only) to the glide direction. They are able to 
move forward only when jogs along their lengths 
are activated. 

For basal glide in pure zinc, the dislocations inter- 
act weakly with the crystal lattice so they may be 
able to glide directly without being activated. The 
reasons why prismatic and basal dislocations might 
interact strongly and weakly, respectively, with the 
crystal lattice will now be discussed. The strengths 
of the atomic bonds will be calculated approximately 
from the elastic constants and the thermal expan- 
sion coefficients; then these will be applied in the 
dislocation theory. 

It is assumed that the potential energy between 
two zine atoms varies with the distance between the 
atoms according to the Morse equation 

U(x — z.) C+} 
where C-—D is the energy for zero displacement, 
x, is the equilibrium distance between the atoms, x 
is the displaced atom distance, D is the dissociation 
energy, and S is a constant reciprocal distance. The 
potential energy may also be expressed according 
to a Taylor expansion 

au 


ox 


and it is shown by Kittel” that the 
pansion coefficient is given by 
dx 


thermal ex- 


where x Boltzmann's 
constant. and the derivatives are to be evaluated at 
r x,. Upon differentiation of the Morse equation, 


the following are obtained 


average displacement, k 
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3k 
4x,DS 
is a force per unit displacement so that 


jis a force per atom and, if A is the area 


J 
of an atom normal to the force, then r ) Is 


equal to the elastic constant ¢ in that direction 


x x,; thus 
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The two equations for D and S may be solved to give 
D 9k*/8a’* x, AC’ 
S 2a 


In this way, the Morse equations can be found for 
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Fig. 16—Temperature dependence of flow stress for basal 
glide in Zn-Cd crystals 
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Fig. 17-—-Cork ball model showing forms of basal (0001) 
planes on top, and prismatic (1010) planes on right. 


directions parallel and perpendicular to the c-axis 
of the crystal. At room temperature 


a 14x10* per “C 
a 62x10 per Cc 


16.3x10" dynes per sq em C,, 


bag 6.17x10" dynes per sq cm = Cy 


2.30x10° em 


3 
I a 
y 4 


Ze 2.47x10° cm 
2 
A 6.57x10 “sq cm per atom 


3 
A a 6.12x10 “sq cm per atom 


2 
k 1.4x10“ ergs per “C 
Using these values the following values of S and D 
are obtained 


S 71.5xl0°em' D 4.58x10 “ ergs per atom 


S D 0.615x10 ergs per atom 


Note that the D values compare well with the heat of 
sublimation of zine at room temperature: 1.55x10" 
ergs per atom 

Now consider the forces across the glide planes 
Each atom in the basal plane is bonded to three 
atoms across the plane. Thus the total force F. may 
be resolved into three bond forces, F,. Each of these 
B-bonds makes an angle of tan’ 2a/c \/3 with F 
so the value of the force is F, 0.392 F . Each 
atom in the prism plane is held by two B-bonds and 
by two P-bonds which lie in the basal planes and 
make an angle of 30° with the total force F . If the 
fraction of F that is taken by the B-bonds is sub- 


tracted off, the remainder may be resolved to find 
F... In this way it is found that 


F (F F,) 


1334—JOURNAL OF METALS, OCTOBER 1956 


According to the Morse equation, the force be- 
tween atoms is given by 


au 
F(x) - 2DS 
In2 
This force is a maximum when x XZ +4 5 z* 
DS 


and the maximum force is F* Therefore, 


the maximum values of F, and F, (in the directions 

that they have in an undistorted crystal) will be 
l 

F, (F *— F,*) = 87.0x10* dynes 

D 


Ss 


F,* 0.392 13.4x10° dynes 


or in the ratio of 6.5. The forms of these bond forces 
are shown in Fig. 18 in order to emphasize their 
markedly different characters 

Now the stresses required to move dislocations 
through the crystal lattice wil! be estimated 

Eshelby’s modification” of the Peierls-Nabarro 
theory” yields the following expression for the stress 
to move an edge dislocation in an anisotropic crystal 

E* K 


e 


b’ 2n 


In this expression E* is the maximum misfit energy, 
b is Burgers’ vector, K [S’, (2 Sa + Sua + 2 
K 


/Su Ss) and w dislocation width 


where the S’,, are elastic shear compliances appro- 
priate for problems of plane strain and h is the sep- 
aration of glide planes. The S’,, were calculated 
from S”,,, which are the elastic compliances for co- 
ordinates transformed into the glide plane and di- 
rection from the conventional crystal coordinates 
The normal elastic compliances, S,,, given by Wert 
and Tyndall” were conveniently transformed by 
means of the equations of Cady.” The resulting dis- 
location widths at room temperature are 1.78 and 
141A for the basal and prismatic planes, respec- 
tively; and the K’s are 5.53 and 7.78x10" dynes per 
sq cm, respectively; so that the stresses are 200 and 
1700 g per sq mm, respectively. 

This theory has been somewhat refined by 
Foreman, Jaswon, and Wood,” who predict that the 
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Fig. 18—Approximate forces exerted by atomic bonds in zinc 
crystals. 
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width of a dislocation is inversely proportional to 
the maximum shear force across the glide plane 

When a zinc crystal! is distorted, the directions of 
the bonds are changed somewhat, and probably 
their strengths. There is no simple way for calcu- 
lating these changes, however, so the assumption Is 
made that the distortion does not greatly change the 
ratio F,*/F,* 6.5. Also, it is assumed that the 
shear forces across the glide planes are proportional 
to the bond forces. In particular, it is assumed that 
the maximum shear forces (F,," and F,,") that are 
encountered upon shearing of the glide planes are 
in the same ratio as the maximum bond forces 


F,* 
Then, according to the theory of Foreman, Jaswon, 


and Wood,” the ratios of the dislocation widths on 
these two planes should be 


w, F,* 


6.5 


4.62 


Hence if the critical shear-stress is given by 


and 
T 15 g per sq mm 

2.3A and w 0.5A. Therefore, r+," 10° 
g per sq mm 

This theory predicts a higher ratio of the prismatic 
to basal glide stress than the simpler Peierls-Nabarro 
approximation, and it may be seen that both theories 
predict tight binding of prismatic dislocations to the 
crystal lattice. The activation energies for glide 
ought to be related to the maximum misfit energies 
E*, of the Peierls-Nabarro theory. The E*’s are 
about 3x10 and 2x10 ergs per atom for basal and 
prismatic dislocations, respectively. Thus, the ob- 
served activation energy would need to be associated 
with about 10° atoms as a group, according to this 
model 

From the Morse equations, the bond energies are 
E 0.392 D 0.24x10 ergs per atom, and 

] 

E (D 


2 


then w, 


E,) 2.5x10” ergs per atom 


Suppose that glide is limited by the necessity for 
breaking bonds across the glide plane. When a unit 
prismatic dislocation moves one lattice distance, the 
only bond that must be broken is one P bond. When 
a partial basal dislocation moves, one B bond is the 
only one that must break. Therefore, the activation 
energy for prismatic glide, Q,, might be expected 
to approximate E,; and Q, might equal E,. The 
experimental values of Q, and Q, are 2.7x10 ergs 
per atom and 0.35x10” ergs per atom, respec- 
tively, so that the values agree well 

It may be seen that there are several possible 
interpretations of prismatic vs basal glide. They all 
depend on the anisotropy of the physical properties 
of the crystal and none of them is unreasonable 
from an energetic standpoint. Unfortunately, the 
available experimental facts seem insufficient to 
discriminate among them 

The quasi-viscous character of the flow remain 
unrationalized. It is not known whether it arise 
from a geometrical effect or from an effect of stress on 
the rate of dislocation motion. Studies of such things 
as the transient glide rates that occur on sudden load 
changes, the details of the effects of impurities, and 
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the effects of compressive stresses may help to 
elucidate the quasi-viscous flow 

It has been shown that the creep of polycrystalline 
zinc, in the range of strain rates that were inves- 
tigated, is controlled by prismatic-glide rates and not 
by grain-boundary relaxation or other diffusional 
processes. Therefore, this is one case in which creep 
theories that are based on diffusion-controlled re- 
covery processes” do not apply 

Another deduction that can be made from the 
experimental results is that impurities can affect 
glide to a marked extent even though the tempera- 
ture is high enough to allow rapid diffusion of the 
impurity. It was found that cadmium affected basal 
glide to a greater degree than prismatic glide which 
suggests that the form of the glide plane may play 
an important role in impurity hardening; perhaps 
in a way similar to Suzuki's suggestion It is be- 
lieved, however, that the interactions of the actual 
dislocation structure and an impurity atom must be 
considered in interpreting the present results, Con- 
siderations of elastic interactions seem to be in- 
adequate.” This last is shown by the fact that the 
minimum strain rate at which cadmium atoms should 
exert a strong drag on basal dislocations Is approxi- 
mately 0.4 Dp according to Cottrell;* where D is the 
diffusion coefficient of cadmium and p is the dis- 
location density. D is estimated* to be of the order 


* Estimated from the self-diffusion of zinc because no actual 


measurements have been made 


of 10° sq cm per sec at 330°C and p should be 10 
10° em” at this temperature, so the minimum rate 
should be ~ 5x10 10° sec’. However, Fig. 15 
shows that cadmium has an appreciable effect on 
basal glide at glide rates as low as 10° 10° sec” 
at 330°C 
Summary 

The plastic behaviors of two glide elements of 
zine crystals investigated, namely, (0001) 
[2110] (basal) glide, and (0110) [2110] (prismatic) 
glide. The following experimental facts were estab- 
lished for the temperature range from 250° to 400°C, 
for tensile tests as well as bend tests 

1) Basal glide is the primary glide element with 
prismatic glide the dominant secondary element 

2) For both glide planes the deformation 1s 
localized into glide bands although the overall de- 
formation is more homogeneous for prismatic glide 


were 


than for basal glide 
3) Prismatic glide obeys the Schmid law of the 
resolved shear-stress to a high degree of accuracy 
4) Strain hardening is negligible for both glide 
elements at these temperatures. Even multiple pris- 
matic glide causes no hardening 
5) The gliding is quasi-viscous in character and 
may be accurately described for prismatic glide by 
the equations of state 
700 (99.999 + pet Zn) 
1400 r**e*”""'” (Zn 0.1 pet Cd) 


6) For basal glide the equations of state are le 
well defined but have the approximate form 


(99.999 + pet Zn) 


ren tan 0.1 pet Cd) 


tress- 


7) The initial yield-point regions of the 
train curves were shown to be transients due to the 
interaction of the testing machine with the crystal 


specimen 
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6) It was shown that creep in polycrystalline 
zinc is governed (for the rate and temperature 
ranges considered) by the rate of prismatic glide 

The data emphasize the importance of interactions 
between dislocations and the crystal lattice of zinc 
It was shown that the Peierls-Nabarro theory of a 
dislocation predicts tight binding of prismatic dis- 
locations to the zine lattice. Three processes that 
determine the glide were suggested; they cannot be 
clearly distinguished at this time 
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Self-Diffusion of Iron In Austenite 


Self-diffusion of iron in austenite has been studied for 0 to 1.4 wt pct C from 1000° 
to 1300°C. A large increase in diffusivity and decrease in activation energy with increas- 
ing carbon content were observed. The interaction of iron ion vacancies and dissolved in- 
terstitial carbon atoms is discussed qualitatively. 


by H. W. Mead and C. E. Birchenall 


ELF-DIFFUSION of iron in austenite is a proc- 

ess which may play a significant role in some of 
the practically important reactions which occur in 
solid irons and steels. It also provides a system in 
which the interaction of vacancies on substitutional 
sites and atoms in interstitial positions may be in- 
vestigated. For both purposes, accurate values of 
the diffusivities are required. Two sets of previous 
measurements exist, each containing features which 
require checking 

In the course of an investigation to determine the 
rate of diffusion of iron in certain steels, Garwick 
and Rosenqvist' measured the self-diffusion coeffi- 
cient of iron in a 0.10 pet* C steel and obtained a 

* The percentages used throughout this paper are weight per- 
centages 
value of 2.9x10" sq ecm per sec at 970°C, and in a 
cast iron found a value of 7.9x10" sq cm per sec 
These values appear much too high 

Gruzin, Kornev, and Kurdjumov’ made a more 
extensive study, using steels of varied carbon con- 
tent: about 0.3 and 0.45 pet C, with a temperature 
range of 1000° to 1300°C; and 0.77 and 1.06 pet C, 
with a range of 950° to 1150°C. The results in- 


H. W. MEAD, Junior Member AIME, is Technical Officer, Metals 
Div., Imperial Chemical Industries Ltd, Birmingham, England C. E 
BIRCHENALL, Member AIME, is Associate Professor of Chemistry, 
Princeton University, Princeton, N. J 

TP 4217E. Manuscript, Feb. 23, 1956. New York Meeting, 
February 1956 


1336—JOURNAL OF METALS, OCTOBER 1956 


dicated that while at lower temperatures D in- 
creased with increasing carbon content, at the higher 
temperatures it first increased and then decreased 
At the same time the activation energy decreased 
linearly from a value of 69,000 cal per g-atom for 
pure iron to 33,000 cal per g-atom at 1.06 pct C. This 
rapid decrease in activation energy implies that 
iron at higher temperatures within the austenite 
range would diffuse more slowly in high carbon 
steels than in steels of lower carbon content 


Experimental Procedure 

The radioactive iron used in this work was ob- 
tained from Oak Ridge National Laboratory. The 
unit consisted of about 1 microcurie each of Fe” and 
Fe”. It was allowed to decay for two years. At the 
end of this time most of the Fe”, with a half-life of 
46.3 days, had decayed, while most of the original 
Fe” (half-life 2.91 years) still remained. The iron 
as chloride was extracted into an ether layer, using 
the method of Ashley and Murray.’ After evapora- 
tion of the ether the iron chloride was dissolved in 
250 ml of aqueous solution containing 2.4 gpl Fe. 

The compositions of the steels used are listed in 
Table I. Disks of % in. diam and about % in. thick 
were machined from these steels for use in diffusion 
couples. The disks were surface ground on both sides 
to ensure parallel opposite faces. One face of each 
disk was polished through 000 emery paper 

Half of the prepared disks were plated with radio- 
active iron. For this, 1 ml of the radioactive iron 
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solution was taken and ammonium hydroxide added 
almost to neutrality; the iron was then reduced with 
sulfurous acid, boiled and cooled, and the ferrous 
solution was added to a saturated solution of am- 
monium oxalate to form the plating solution. For 
the plating the specimen was placed in a special cell 
with the polished face uppermost. The plating liquid 
was contained in a tube which was pressed at the 
bottom against a rubber gasket resting on the edges 
of the specimen. Plating was performed according 
to the method of Ross and Chapin. 


Table |. Compositions in Percentages of Steels Used 


Mn 


0.024 0.03 0.005 0.008 0 00 
0.51 0012 0.024 0.30 
0.61 0.012 0.027 0.27 
0.03 0.004 0.007 0.02 
0.44 
0.60 0.11 0.040 0.22 


* Prepared from electrolytic iron and graphite 
Commercial grade 
t Prepared from Armco ingot iron and graphite 


taken for each sample was 10.0+0.3 mg, which gave 
a plate of sufficient thickness to require a significant 
self-absorption correction. 

Since the initial plated activity was in a layer that 
was thin compared with the mean diffusion dis- 
tance, the diffusion coefficient D may be obtained 
from the relation 


2 
log 0.1086 [1] 
Dt 


which may be derived from Fick's law under the 
experimentally employed boundary conditions. In 
this equation c, is the specific activity at the initial 
interface, c is the specific activity at distance x from 
the initial interface, and t is the time of diffusion 
Units must be chosen so that 2°/Dt is dimensionless 
Distances were corrected for thermal expansion of 
the couple 

It was found that during the diffusion anneal the 
carbon content sometimes changed. If the change 
was large, the couple was discarded. For the re- 
maining couples the analyses before and after dif- 
fusion are given in Table II. 


The polished faces of two specimens of the same 
composition, one plated with radioactive iron and 
one not, were welded under an argon atmosphere as 
described by Wells and Mehl,” except that adapters 
were required to hold the specimens. The slight su- 
perficial oxidation which occurred in this stage was 
removed with a wire brush. To prevent decarburiza- 
tion, the specimen was placed in a 1% in. long cru- 
cible made from the same steel. A mica liner pre- 
vented sticking during the diffusion anneal 

Diffusion was carried out in a tube furnace with 
at least a 2 in. zone, which showed a temperature 
variation of less than 3°C when empty. An atmos- 
phere of purified argon slightly above atmospheric 
pressure was provided. The specimen was pushed 
from the cold end of the furnace to the hot zone by 
means of a thermocouple protection tube passing 
through a Wilson seal. The temperature of the fur- 
nace was controlled automatically. A measuring 
thermocouple, Pt-——-Pt-10 pet Rh, reached to within 
¥) in. of the specimen in a well within the crucible 
The diffusion time was corrected to allow for the 
heating period 

At the end of the diffusion anneal the crucible was 
quenched in methanol. In a lathe the specimen was 
reduced to % in. diam and faced down to near the 
weld, the last hundredth of an inch being taken for 
carbon analysis. Thirty-two cuts about one mil thick 
were taken through the diffusion zone. The chips 
from each cut were counted for radioactivity by one 
of two procedures. 

In each case an X-ray sensitive Geiger tube was 
used. In the first procedure, the chips were mounted 
in a 1 in. diam hole in a cardboard holder, confined 
by cellophane. Unless the chips were very fine, as 
they were with high carbon steels, the internal con- 
sistency proved to be poor. In a second procedure, 
used to obtain more reproducible geometry, the 
chips were dissolved in acid and then electroplated 
onto iron counting disks by the oxalate method de- 
scribed above 

Treatment of Data 

Corrections were applied to the raw counting 
data for coincidence and absorption losses as well 
as for background radiation. The weight of chips 
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Table Il. Self-Diffusion Coefficients for Iron in Austenite 


Carbon Concentration, Wt Pet 
Diffusion 
CoeMcient, 
Before After Cm 
Diffusion Diffusion Temperature, °C per See 


0.02 1102 1 04x10 

0.11 1197 65x10 

0.02 1256 112x10 
1907 2 25x10 
1101 1 80x10 
1202 108x110 
1400 1.22x10 
1197 1 44x10 
1206 440x10 
130% 5.40x10 
1089 
1200 1.64%10 
1208 627x110 
1000 1.7ixlo! 
1100 740x10 
1201 2 24x10 
i290 1 
1000 2 74x10" 
1102 1 64x10 
1227 7.17x10 
1257 1 


* Counted as chips. All others electroplated for counting 


In Fig. 1 the values of D obtained are plotted on a 
logarithmic scale against the reciprocal of the ab- 
solute temperature. All those points which had a 
carbon change of more than 0.03 pet have an arrow 
pointing in the direction opposite to the carbon 
change, in the direction in which the value of D 
should be shifted to compensate for the composition 
change. The line representing the data for steel with 
0.02 pet C is based upon the present work, Birchen- 
all and Mehl,” Buffington, Bakalar, and Cohen,’ and 
Gruzin.” 

The D, and Q values for the lines given are shown 
in Table III where 

D = [2] 
with R as the gas constant and T the absolute tem- 
perature 

In attempting to account for the differences be- 
tween the present results and those of Gruzin, 
Kornev, and Kurdjumov,’ it is convenient to con- 
sider their data as plotted in Fig. 2 together with 
the D vs 1/T lines found in the present work. It 
will be seen that the D values of Gruzin et al. for the 
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Steel : 
No c si Cu Ni Cr 
1* 
0.05 0.12 0.13 
3 0.08 0.14 O14 
4° 
53 
61 0.05 0.08 0.14 
| 
0.02 
0.02 
0 
0.25 
0.25 
0.25 
054 
0.54 
0.54 
0.78 | 
0.748 
0.78 
1.11 
1.11 
1.11 
1.11 
140 
140 
140 
1.40° 


Degrees Centigrade 


1300 1200 O00 


Diffusion Coefficient, cm ®/sec. 
i 
3 


x10% 


Fig. 1—Self-diffusion coefficients for iron in austenite plot 
ted on a logarithmic scale vs the reciprocal of the absolute 
temperature. The arrows are on points whose carbon content 
varied more than 0.03 pct during the run, and they indicate 
the direction in which the point should be moved in order 
to compensate for the gain or loss of carbon 


Degrees Centigrade 


1300 1200 1100 
T T T 


Diffusion Coefficient cm *®/sec 


70 
- 
x 
Fig. 2—A comparison of the self-diffusion coefficients of 


Gruzin, Kornev, and Kurdjumov (points) with the present 
results (lines taken from Fig. 1) 
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0.30 and 0.33 pet C steels are in substantial agree- 
ment with the authors’ 0.25 pct C line; their 0.45 
pet data at lower temperatures lie slightly above the 
present 0.54 pct C line; their 0.77 pct C results lie 
above our 0.75 pet C line at lower temperatures and 
below it at higher temperatures; and their 1.06 pct 
C data lie below the corresponding 1.11 pct C line 
except at the lowest temperature. By the nature of 
the agreement and the discrepancies between the 
two works it seems likely that Gruzin et al. obtained 
low D values at high carbon concentration and tem- 
perature due to decarburization of their samples. 
However, no explanation is apparent for the abnor- 
mally high values obtained for 0.77 pct C at low 
temperatures where the diffusivities exceed those 
reported for 1.06 pet. A large grain boundary con- 
tribution in a steel of much finer grain size might be 
responsible, although there is not enough informa- 
tion given to support this suggestion 


Discussion 

Accuracy of Data—The average deviation of the 
diffusion coefficients from the lines drawn in Fig. 1 
is about 11 pet. For the nearly pure iron samples, 
agreement with the earlier results of Birchenall and 
Meh! and Buffington, Bakalar, and Cohen’ is excel- 
lent, even though the experimental procedures in 
the three studies differed markedly. The penetra- 
tion curves obtained from all samples were not of 
equal quality, but it is unlikely that the errors from 
welding, machining, radioassay, and control of time 
and temperature exceeded 25 pct in the worst cases; 
in the best cases, the uncertainty was probably less 
than 5 pet. The greatest source of error—loss o1 
gain of carbon-——-was controlled by discarding sam- 
ples which showed too much variability. A reason- 
able estimate of the uncertainty of a point read from 
one of the lines in Fig. 1 would be 10 pct. 

Dependence of D on Concentration—It is clearly 
shown that 1.4 pet C dissolved in austenite raises the 
self-diffusion coefficient of iron by a factor of about 
10, a much larger increase than that indicated by a 
previous report.” Overhauser’ has suggested that the 
lattice distortions arising from the introduction of 
impurity atoms into a lattice should lead to a statis- 
tical variation in the heights of the diffusion poten- 
tial barriers, giving rise to an increase in diffusion 
rate by a factor e’’, where f is the atom fraction of 
impurity, and the distortion constant b depends on 
the size of the impurity atom relative to the size of 
the site it is to occupy. It is to be noted that the 
concentrations reached in these studies are rather 
high, so that it is not surprising that the data do not 
comply well with this exponential form as shown in 
Fig. 3. A value of b lying between 30 and 40 is indi- 
cated as a reasonable approximation, if the form is 
to be used in an empirical way, with larger values 
required for dilute solutions. It is difficult to eval- 
uate the factors in Overhauser’s equation with good 
precision in order to check the magnitude of b for 
this case 

Dependence of D on Temperature— Assuming that 
iron self-diffusion occurs in austenite by a vacancy 
mechanism, it is convenient to use Zener’s equation, 
which is analogous to Eq. 2, in order to discuss the 
effects of concentration on Q and D,. Zener writes 


D=ca’ ve [3] 


where a is the lattice parameter, v is the vibration 
frequency, H,, is the heat of activation, S,, is the 
entropy of activation for the unit diffusion process, 
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Fig. 3—Dependence of the self-diffusion coefficient of iron 
on the concentration of dissolved carbon 


and c¢ is the fraction of the iron sites which are 
vacancies given by 
e”''* aT [4] 


where S, and H, are the entropies and heats of for- 
mation, respectively, for vacancies in the austenite of 
given carbon content. Thus D, contains the entropy 
of formation and motion in the exponent, and Q con- 
tains the heat of formation and motion 

Both D, and Q decrease appreciably with increased 
carbon content, as Table III indicates. The gross 
effect of carbon in dilating the austenite lattice 
would increase a* by no more than 5 pct and prob- 
ably tend to decrease v. The overall effect on these 
factors would be relatively small, so that the 
changes must be sought in S S, + S, and H 
H, + H,, 

The carbon concentration goes to such high levels, 
beyond 6 atomic pct, that the principal change in 
binding energy of the carbon atoms with increasing 
carbon content undoubtedly comes from interactions 
with other carbon atoms. For the vacancies, how- 
ever, which are present only in small concentrations, 
the interactions with the carbon atoms, both through 
electrostatic effects and strain interactions, may be 
very important. The vacancy represents a deficiency 
of electrons and a center of compression, while the 
carbon atom may contribute as many as four elec- 
trons to the crystal” and should be a center of dila- 
tation. Both effects should stabilize vacancies and 
thus increase their equilibrium concentration in the 
iron as the carbon concentration increases. It does 
not seem possible to separate explicitly the contri- 
butions of AH, and AH, to AQ at this time, but the 
relative importance may be estimated. The whole 
observed decrease in Q, about 13 kcal, occurs while 
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the carbon concentration increases to 0.54 pet and 
the diffusion coefficient increases by a factor of 4. 
Since both the configurational and vibrational en- 
tropy of the system should increase with increasing 
vacancy concentration, Eq. 4 shows that a fourfold 
increase in the vacancy concentration would occur 
at 1200°C for a decrease in H, of 4 kcal or less. This 
would provide the change in D without accounting 
for AQ. Therefore, the major part of AQ belongs to 
AH.., increasing the mobility per vacancy due to the 
lattice distortions associated with dissolved carbon 
atoms. It seems very unlikely that the vacancy con- 
centration increases by as much as a factor of two, 
and the increase may be much smaller than this 


Table II!. Activation Energies and Frequency Factors 


O44 67,000 
0.25 0.052 59,000 


0.54 0.018 54,000 
0.75 0.021 54,000 
1.11 0.029 55,800 
140 0.050 53,800 


* Based on composite of iron self-diffusion data from several 
sources a8 noted in text 


Although the actual vacancy concentrations are 
not known, it is probable that the carbon atom and 
vacancy mobilities are comparable in magnitude 
The displacement of lattice atoms in the neighbor- 
hood of a moving carbon atom would be larger than 
in the bulk of the crystal. Vacancy diffusion might 
occur preferentially under these circumstances 
Even though a particular vacancy and carbon atom 
would not be expected to move as a pair, there may 
be some correlation in the location in which the two 
kinds of diffusion jumps occur in a very short time 
interval. The apparently markedly reduced S,, 
might be accounted for if the regions in which the 
majority of the vacancy jumps that occur in the 
presence of dissolved carbon are already very highly 
disorganized. Similar arguments would be true to a 
lesser degree for stationary carbon atoms 
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Technical Note 


On the Ordering Effects in the Corrosion of Cu. Au by Aqueous 
Ferric Chloride 


by H. Papazian and Robert A. Lad 


INCE it can be shown both theoretically’* and 

experimentally** that disordered Cu,Au has a 
greater internal energy than the ordered alloy, it 
might be expected that its chemical reactivity would 
be greater, Experiments were initiated’ to test this 
hypothesis. This note will describe some recent re- 
sults obtained in the study of the rates of corrosion 
of ordered and disordered polycrystalline Cu,Au by 
aqueous FeCl, The work of Robertson’ has indi- 
cated that the attack by such solutions is intergran- 
ular and highly orientation dependent. It was of 
interest to see whether the order-disorder effect was 
great enough to overcome the variations from speci- 
men to specimen which would arise from this type 
of attack 

The polycrystalline alloy specimens (0.020 in 
wire, 1% in. long) were preannealed in % atm H, at 
700°C for 2 hr. The subsequent heat treatments to 
produce order and disorder were performed in % 


Table |. Reactivity Rates for Cu.Au in Aqueous Ferric Chloride 


at 30°C 


FeCl, concentration 

mol per liter 0.125 0.250 1.000 
Hate for ordered specimens 

me per min 0.052 0.083 0.340 
Kate for disordered specimens, 


ma per min 0.062 0.008 0.475 


12 12 


atm He. Disordered specimens were obtained by 
heating at 450°C for 2 hr and quenching in water. 
Ordered specimens were produced by heating for 
2 hr at 450°, furnace cooling to 380°, and soaking 
at 380 C for 80 to 90 hr. Room temperature was 
reached by cooling to 150° at a rate never exceeding 
7° per hr, and water quenching from 150°C. The 
specimens so produced exhibited electrical resistiv- 
ities characteristic of the two states; of the order of 
11.27x10° ohm-cem for the disordered, and 4.28x10° 
ohm-em for the ordered specimens 

The corrosion rates were studied at 30°C in ferric 
chloride solutions of several concentrations (%&, “%4, 
4%, and | molar). The specimens were attached to 
a stirrer during the tests. Tests were interrupted at 
intervals, and the specimen weight change was de- 
termined after washing and drying. Analysis of the 
solutions showed that the attack was limited to the 
copper 

The higher corrosion rate for the disordered al- 
loy, as illustrated in Fig. 1, is typical of the results 
obtained. The effect of variation in ferric chloride 
concentrations is indicated in Table I for typical 
specimens. The variations in the ratio of reactivity 
for disordered and ordered specimens at the differ- 
ent concentrations are within experimental error, 
and the best value is estimated to be near 1.4. The 
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Fig. 1—Reactivity of ordered and disordered polycrystalline 
Cu,Au in 0.5 molar ferric chloride. 


experimental variation was due in part to the mode 
of attack, as mentioned, and in part to the fact that 
films were formed on the specimens under some 
conditions. Electron diffraction patterns of the films 
were very complex and indicated the presence of 
metallic iron, as did chemical analysis. In an at- 
tempt to eliminate the difficulties arising from the 
mechanism of attack, single crystal specimens were 
used. A greater reaction rate was again measured 
for the disordered specimens, but the reproduci- 
bility was no better than that for the polycrystal- 
line metal. This would indicate that film formation 
was primarily responsible 

It was concluded that the reaction with aqueous 
ferric chloride served to demonstrate that the re- 
activity of disordered Cu,Au is greater than that of 
the ordered alloy. However, the difficulties with 
film formation did not permit determinations of a 
precision great enough to warrant extension of the 
study to partially ordered alloy systems 
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Effect of Noncollimated Radiation on Surface 


Activity Methods for the Determination of Diffusion 


Coefficients in Solids 


The contributions of radiations arriving at a diffusion specimen surface, including 
angles other than 90°, have been evaluated for a number of counting geometries. Modi- 


fications are proposed for the Steigman, Shockley, and Nix equation for the surface 
activity method, the Gruzin equation for the residual activity method, and the Gatos and 
Kurtz equation for autoradiography on an oblique section through the diffusion zone. 
The theoretical equations for absorption of a divergent beam from a plane source as 
detected at a point counter have been shown to agree with experimental results for ex- 
tended counters under not very restricted conditions. MnKu radiation from Fe°® was used 


HREE surface activity procedures are in com- 
mon use for the determination of diffusion co- 
efficients in solids. In the oldest of these’ the activity 
observed at the original surface is compared before 
and after diffusion, where all the activity is in a 
thin, plated layer on the surface before diffusion. 
Partial absorption of the radiations from active 
atoms which have diffused below the surface re- 
duces the effective activity after diffusion. The 
formula empleyed to calculate the diffusion co- 
efficient is 
= e* [l—erf(VZ)] [1] 
where F, is the ratio of final to initial activity at the 
surface, measured with identical counting geometry; 
Z = » Dt, where D is the diffusion coefficient; t is 
the diffusion time; and yz is the absorption coefficient 
for the radiation in the solid as defined by Lambert's 
law. This absorption law implies that all the rays 
are parallel to each other and normal to the speci- 
men surface. This assumption of a collimated beam 
used by Steigman, Shockley, and Nix has been 
adopted by all other investigators and, although it 
gives results which are approximately correct under 
restricted physical conditions, it does not represent 
many actual circumstances. It is the purpose of this 
paper to show the importance of the divergent rays 
and to indicate a procedure for taking them into 
account 
In the residual activity method the activity is de- 
termined on a series of surfaces ground on the speci- 
men at progressively greater depths in the diffusion 
layer parallel to the initial surface. Gruzin’ has de- 
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to obtain a monochromatic source of X-rays. 


by R. H. Condit and C. E. Birchenall 


rived a formula for this procedure, which may be 
put in the form 
F, {Z(1+K)*} 
e ane {2] 
F, {Z} 
where I, is the ratio of the activity measured at a 
newly ground surface at distance k below the initial 
surface to the activity at the initial surface meas- 
ured after diffusion, and K = k/2, Dt 
A third procedure involves the autoradio- 
graphic determination of activity on a plane ground 
at a small angle to the initial interface through the 
penetration zone. Autoradiography can be particu- 
larly sensitive to the oblique rays. Unlike most 
counters which detect essentially all 8 particles or 
X-rays which enter the active volume as a single 
event, the photographic emulsion may be _ thin 
enough so that oblique rays with longer path length 
in the emulsion produce more darkening than rays 
which move normal to the film plane 
Consider a plane containing a source of radiation 
uniformly spread over a circle and a point counter 
located on the perpendicular through the center of 
the circle. As the counter moves along this line, the 
total angle @, at the counter subtended by the speci- 
men will vary. For a fixed counter distance, let 6 
be angle between the counter axis and the line 
connecting the counter to a point P on the active 
plane. If an absorber of thickness X is interposed 
parallel to the source between counter and source, 
the ray from point P to the counter will pass through 
an absorber thickness X secant @. Exponential ab- 
sorption is assumed to hold for all rays. If r, is the 
ratio of intensity at the counter with absorber to the 
intensity without absorber and a pX, 


1—cos#, 


r, {a, dé [3] 
The behavior of this integral, evaluated numerically, 
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Absorber thickness in urits of pa 


Fig. |—Theoretical curves with experimental points for the 
relative activity as a function of absorber thickness by three 
absorption relationships. Curve | corresponds to Lambert's 
law absorption of a collimated beam. Curves 2 and 3 are 
given by Eq. 3 for 4 equal to 60° and 90°, respectively. 
Curves 4 and 5 are given by Eq. 4 for b equal to 0.01 and 
0.0001, respectively 


20 
Thickness of (mg ~Am*) 


Experimental points measured under conditions described 
by curve |, Lambert's law 


Experimental points measured under conditions described 
by curve 3, internal sample counter 


Experimental points measured under conditions described 
by curve 4, autoradiography with the emulsion having 
an effective absorber thickness of b 0.01 


is shown schematically for #, equal to 60° and 90 
in Fig. 1. The 90° angle would correspond to a 
counter at the radiating surface. 

If the detector, such as a photographic emulsion, 
has a sensitive thickness, y, and an absorption co- 
efficient, », for the radiation, and if b yy, the 
radiation absorption law becomes 


for absorber and film in close contact with the 
source, This equation is illustrated for @ 90° and 
b 0.01 and 0.0001 in Fig. 1 

Eqs. 3 and 4 make it possible to correct Eqs. 1 
and 2 for oblique rays. Since the results are cumber- 
some, a power series substituted for the error func- 
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tion leads to considerable simplification. When Z 
»>» 1, Eq. 1 becomes 

l 1-3-5---(2n 
F(Z; (1 >> (—*)°* 


VaZ a 
[5] 


where this asymptotic series diverges if carried to 
too many terms. Best accuracy is achieved if the 
series is terminated at its smallest terms, but Z is 
often large enough that the whole series may be 
neglected, or only one or two terms retained. 

For wide angle counting geometries, substituting 
Eq. 3 in Eq. 1 yields 


F, secant’ é} dé [6] 
1 cos 6,* 


or when Z >> 1 
l 
F. 
(1 cos 
1 — cos’ @, 1-3°5-- (2n—1) 
+ 
2 a 
(1 — cos” * =) 
2n+2 
[7] 


F, is given in Fig. 2 for several values of 6, 


7 
For 6, > and very large Z, Eq. 2 becomes 


( l 
K 


This corresponds to the case of an internal sample 
counter and assumes equal counting efficiency of 
all particles reaching the detector. For autoradio- 
graphy with a very thin film (b-~ 0) this becomes 
In(l + K) 

K 


a (1 K) ) [8] 
— In + ; 


e [9] 

Eqs. 2, 8, and 9 for the residual activity method 
may be viewed as a product of three factors: a con- 
stant, a factor giving the concentration of tracer at 
the newly exposed surface, and a correction factor. 
The correction factor is least important under the 
conditions of Eq. 9, for thin emulsions, and most 
important in Eq. 2. The consequences of small Z 
are also greatest for Eq. 2. 

Neglecting the correction factor, a plot of In I vs 


k* will have a slope — Substituting only the 


4Dt 
first two terms of series 5* in Eq. 2 and differentiat- 
* If Z is as large as 5, Eqs. 5 and 1 agree within about 1 pet 


ing 


din I, 
+ 
dk pk (1 + K) 


2 
2Z (1 + K)’—1 


The factor in brackets in Eq. 10 becomes important 
only when k is small." Under this condition with Z 
large (hence K small), Eqs. 2, 8, and 9 yield the 
general result 


din! 1 A 
[11] 
dk’ 4Dt uk 


For I,, 1,, and I, the respective values for A are 1, 
2/3, and & 
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Experimental 

The derivations have assumed a point counter on 
the axis of a cylindrical specimen. Although the 
equations might have been integrated graphically 
over an assumed counter area, this would have to 
be done for each area and distance from specimen 
to counter. It was suspected that off-axis points 
would be described fairly well by the equations 
above and that the overall effects would not be 
seriously affected even under the extreme condi- 
tions of internal sample counting. If the range of 
the radiation in an internal sample counter or auto- 
radiographic emulsion is small, only those points in 
a thin ring at the edge of the specimen will not be 
receiving radiation in the symmetrical manner as- 
sumed above. To make this check as rigorous as 
possible without introducing errors due to diffusion 
time, vapor losses, and sectioning uncertainties, 
absorption Eqs. 3 and 4 were tested directly 

Fe” decays by orbital electron capture, emitting 
principally monochromatic MnKa X-rays of wave 
length 2.10A. This was demonstrated by a colli- 
mated beam made by placing an intense source in 
a lead jug containing a fine glass capillary tubing 
which provided the only exit for the X-rays. An 
end window X-ray Geiger counter was placed close 
enough to the source so that not more than half the 
intensity was lost in the air path and window. Alu- 
minum foils of known thickness were inserted in 
the beam, and the absorption, curve 1 shown in 
Fig. 1, obeyed Lambert's law down to 4x10°* of the 
initial intensity. The lower part of the curve was 
obtained from a strengthened source. The first such 
point is starred on the graph, and it is placed on 
the curve obtained with thinner absorbers. The 
additional points then fall on the extension of this 
line. The absorption coefficient, 117 + 5 cm’ per g 
Al, agrees with the tabulated® value for this radia- 
tion 

Curve 3 in Fig. 1 was obtained from a hemi- 
spherical internal sample counter. The solid line 
was calculated from Eq. 3 for 6 7/2. The experi- 
menta! point for the thinnest absorber was placed 
on this curve at the proper thickness, and all points 
for thicker absorbers were referred to it in es- 
tablishing relative intensities. This thin absorber 
was required to screen out a number of very low 
energy radiations which make the base source an 
unsatisfactory standard. The points beyond the one 
marked with an asterisk are for a higher intensity 
source, fitted to the curve only at the marked point 
by the same procedure as that for the collimated 
beam 

Curve 4 was calculated from Eq. 4 for b = 0.01, 
the value for the film employed obtained experi- 
mentally by inserting the emulsion with backing so 
that the backing between the counter and the col- 
limated source alone contributed the difference in 
absorption to the emulsion 

The points on curve 4 were obtained for a photo- 
graphic emulsion separated from the plane source by 
various thicknesses of aluminum foil. Another ref- 
erence emulsion was covered by a series of foils 
and exposed to a distant source to give a condition 
approximating that of a collimated beam of uni- 
form intensity. Both emulsions were exposed, de- 
veloped, and compared photometrically at the same 
time to eliminate processing variables. The colli- 
mated beam results made it possible to prepare a 
calibration curve for converting densitometer read- 
ings on the films to relative intensities. The rela- 
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Fig. 2—A graph of the parameters F.{Z} and F,{Z,%)} as 
functions of Z based on Eqs. | and 6 


tive intensity obtained for the thinnest absorber on 
active source was plotted on curve 4 with all other 
points plotted relative to it. 


Discussion 

From the excellent agreement shown in the ex- 
perimental data between extended counters and the 
theoretical curves for an axial point counter it is 
evident that most of the counter area satisfies the 
postulated conditions reasonably well. It is also 
evident from the change in the ratio of intensities 
between curve 1 and curves 2 and 3 as the thickness 
of absorber increases that this correction can be 
important in diffusion measurements 

Since the absorption coefficient for a collimated 
beam is smaller than the effective value under a 
wide angle geometry, the value of Z estimated from 
Eq. 1 for a surface activity diffusion measurement 
will be too large, leading to too large a value for D 
If the tabulated absorption coefficients are em- 
ployed, instead of a value determined under iden- 
tical geometrical conditions to the diffusion meas- 
urement, an even larger value of D will be obtained. 
Under extreme conditions, when @ 90°, D may be 
too high by an order of magnitude; but with more 
usual geometries errors are more likely to be of the 
order of 50 to 100 pet. The absorption curves be- 
come more nearly parallel for thicker absorbers 
since the oblique rays travel farther than the nor- 
mal rays and are preferentially absorbed. There- 
fore, the conditions required by Eq. 1 will be better 
approximated if the specimen activity is counted 
under the same absorber before and after diffusion 
This modification of procedure eliminates to some 
extent the problem arising with # radiations whose 
absorption approaches Lambert's law behavior 
only after considerable thickness of absorber has 
been traversed. The deviations from exponential 
absorption due to # rays, which reappear after 
much greater absorber thicknesses, should make rela- 
tively little contribution since the intensity contri- 
bution is then very low. Problems arising from 
surface hold up’ and appreciable thicknesses of de- 
posited activity cannot be taken into account by 
these methods; other steps must be taken to show 
their relative importance. The earlier equations’* 
did not consider these factors either. 
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Technical Note 


ONOCTAHEDRAL slip was observed in poly- 
crystalline aggregates of aluminum by Boas 
and Ogilvie.’ These authors indicate that the non- 
octahedral slip takes place on {100} or {110} planes. 
Ogilvie’ studied the continuity of slip lines across 
grain boundaries in polycrystalline aluminum. Non- 
octahedral slip was observed by him, but it was not 
reported to occur in the continuous slip lines across 
the grain boundaries, which were identified as octa- 
hedral slip in all cases 

The present note reports the observation of non- 
octahedral slip in the grain boundary region of an 
aluminum bicrystal and tricrystal, both deformed in 
tension at room temperature. An analysis is made, 
which leads to a probable identification of the non- 
octahedral slip planes as {110} and {331}. 

The specimens used were of rectangular cross 
section, approximately 5x10x200 mm. They were 
prepared by growth from the melt, using aluminum 
reported by the manufacturer to be 99.994 pct pure. 
The grain boundaries were in a plane perpendicular 
to the wider face and parallel to the long dimension 
of the specimens. The axis of tension was also par- 
allel to the long dimension of the specimen 

The orientations of the specimens studied were 
determined by the Laue back-reflection method and 
are given in Fig. 1. The nonoctahedral slip was first 
observed after about 6 pet extension in the bicrystal, 
and after about 2 pct extension in the tricrystal 

The micrograph, Fig. 2, of the grain boundary re- 
gion of the bicrystal shows two active slip planes 
throughout each of the two crystals, with a third 
plane active at the grain boundary in each crystal 

Two major sets of slip traces observed in grain 
No. 1 are consistent with the operation of the slip 
systems (111) [011] and (111) [011]. The nonocta- 
hedral slip takes place on a plane belonging to a 

ll1> zone, as determined by drawing trace nor- 
mals, Assuming that slip will take place only in 
the <110> direction, the planes in the <111> zone, 
which do not contain that direction, need not be 
considered. Among the remaining prominent planes 
of that zone, the (011) plane has a common slip 
direction—the [011]—-with the (111) plane, which 
acts as one of the octahedral slip planes 


with Dept. of Metallurgical Engineering, University of Toronto, 


Toronto 
TN 342E. Manuscript, Dec. 21, 1955 


1344—JOURNAL OF METALS, OCTOBER 1956 


Nonoctahedral Slip in Aluminum 


by T. Ojala, C. E!baum, and W. C. Winegard 


T. OJALA, C. ELBAUM, and W. C. WINEGARD are associated 


Fig. 1—Standard 
(001) stereographic 
projection showing 
the orientations of 
the crystal grains. 

A is the direction of 
axis; S is the pole 
of wider surface 
plane; subscript B is 
the bicrystal; and 
subscript T is the 
tricrystal. Grain 

No. | of tricrystal 
was not of interest. 


In grain No. 2, a similar situation to that in grain 
No. 1 is observed. As indicated previously, the (011) 
plane in the <111> zone, to which the nonoctahedral 
slip plane belongs, has a common [011] slip direc- 
tion with the acting (111) slip plane. Also, the 
orientation of the (011) plane in grain No. 2 almost 
coincices with the orientation of the acting (111) 
slip plane in grain No. 1. Similarly, the orientation 
of the (011) plane in grain No. 1 almost coincides 
with the orientation of the acting (111) slip plane 
in grain No. 2. It is, therefore, possible that the non- 
octahedral slip was induced, in both cases, by octa- 
hedral slip in the neighboring grain. It is important 


Fig. 2—Grain boundary region of bicrystal. Arrows indicate 
nonoctahedral slip. X600. Reduced approximately 10 pct for 
reproduction 
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to note that, as can be seen from Fig. 2, the nonocta- 
hedral slip bands seem to be continuations of the 
octahedral slip bands across the grain boundary. 

Fig. 3 shows the grain boundary region between 
grains No. 2 and No. 3 of a tricrystal. An analysis, 
similar to those indicated previously for the bi- 
crystal, shows that the minor slip plane acting at 
the boundary in grain No. 3 is nonoctahedral and 
belongs to the <332> zone. The (331) plane, 
among others in this zone, has a common slip 
direction [110] with the acting (111) slip plane. 
Also, the orientation of the (331) [110] system in 
grain No. 3 practically coincides with the (111) 
[110] system in grain No. 2. Since the (111) [110] 
slip system operates in this region of grain No. 2, 
it is suggested that the nonoctahedral slip in grain 
No. 3 might be induced by the octahedral slip 
in grain No. 2. 

In conclusion, it is suggested that the observed 
nonoctahedral slip in the two aluminum specimens 
studied takes place on a {110} type plane in the 
two grains of the bicrystal and on a {331} type 
plane in grain No. 3 of the tricrystal. It is sug- 


Fig. 3—Grain boundary region of the tricrystal between grains 
No. 2 and No. 3. Arrows indicate nonoctahedral slip in crys 
tal No. 3. X600. Reduced approximately 10 pct for repro- 
duction 


gested that in both cases slip is induced on these 
nonoctahedral planes by octahedral slip in the 
neighboring grain. 
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Gamma Loop Studies in the lron-Silicon And 


lron-Silicon-Titanium Systems 


Dilation studies were made on 15 binary and 38 ternary alloys to determine the 


Ac3 transformation temperature. 


Points taken from temperature vs expansion curves 


were used to establish the limit of the y iron region in the iron-silicon and the iron- 


silicon-titanium systems. 


by Gordon G. Bentle and W. P. Fishel 


REINER, Marsh, and Stoughton’ have reviewed 
the literature in a monograph on the iron- 
silicon system. The lack of agreement among the 
various studies may be due to the difference in the 
purity of materials in some cases. The results of 
the X-ray method indicate only a general rather 
than a specific limit of the y loop. The iron-titanium 
system was investigated by Roe and Fishel,’ whose 
results are used in determining the iron-silicon- 
titanium y loop. The literature indicates that no 
study has been made thus far of the iron-silicon- 
titanium system in the y loop region. 


Experimental Procedure 

The alloys were made from Armco iron, 99.86 pct 
Si, and 98.5 pct Ti. The titanium contains 1.07 pct 
Fe. The Armco iron contains 0.01 pet C, 0.005 pct 
Si, 0.02 pet Mn, 0.006 pet P, 0.01 pet S, and 0.04 pct 
Cu. 

A dilatation sample of Armco iron was prepared 
in the same manner as were the other samples. Sev- 
eral dilatation runs indicated that Ac3 begins at 
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905°C and ends at 910°C, which compares favorably 
with the study of Wells, Ackley, and Mehl* employ- 
ing specially purified iron, 

All alloys were melted in an induction furnace in 
Alundum crucibles and were top poured into baked 
core sand molds. The ingots weighed about 600 g 
as cast. Dilatation samples of 4 in. by % in. diam 
were taken from the bottom end of the ingot, from 
which turnings for analysis were taken. Turnings 
from each end of two of the samples indicated that 
the alloys possessed uniform silicon content 

A hole was drilled halfway through each end of 
a 4 in. dilatation sample. A chromel-alumel thermo- 
couple was inserted in each hole and the surround- 
ing metal peened in to hold the thermocouple in 
place 

Fig. 1 represents the dilatation apparatus. The 
heating unit is an Alundum tube wound with re- 
sistance wire; the dilatation tube is a McDanel 
combustion tube; the push rod is zircon; the dial 
gage is graduated in 0.0001 in. and was vibrated to 
prevent sticking. A blank run over the tempera- 
ture range of interest gave no significant dilatation 

The thermocouples were attached to a multiple 
recording micromax which indicated the tempera- 
ture at each end of the sample at 35 sec intervals 
A Lindberg control unit governed the rate of heat- 
ing of the furnace, and lowering or raising the 
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Fig. 1—Dilation apparatus. 


dilatation tube kept the sample at uniform tem- 
perature 

The observer recorded dial gage readings and cor- 
responding temperatures, taking data from approxi- 
mately 50°C below the beginning of Ac3 to 10°C 
above the ending of Ac3. The usual heating rate 
was 3°C per min. Whereas slower heating rates did 
not yield different results for the beginning of trans- 
formation temperatures, the end of transformation 
temperatures were significantly lowered by a slower 
heating rate, as shown in Fig. 2. This slower heat- 
ing rate, about 1°C per 20 min, was used on the 
samples in the 0.00 to 0.50 pet Si range. A slower 


Table |. Complete Data Found on tron-Silicon Alloys 


Acs, °C 
Contraction 
Silleon, Differ- During 
Pet Begins Ends ence Act, Pet 


No Ac3 Transformation 


* Ac4 ends at 1215 
Acé ends at 1165 


rate represents a closer approach to equilibrium 
and thus should cause the inside and outside loops 
to come closer together. All results reported were 
confirmed by two or more dilatation runs 

The effect of repeated heating on samples was 
checked by analyzing samples before and after sev- 
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eral runs. Even in alloys of highest silicon content, 
there was no measurable burning out of silicon. 
Chemical analyses for silicon were made by a 
method used by Willard and Diehl.* Titanium analy- 
ses were carried out by the method of Simpson and 
Chandlee.” After dissolving the samples, insoluble 


Table Complete Data Found on Iron-Silicon-Titanium Alloys 


Acs, °C 
Contraction 
Si, Differ- During 
Pet Begins Ends ence Ac3, Pet 


0.88 No Ac3 Transformation 
0.96 : 1055 1100 45 
0.74 1050 1107 57 
0.57 No Ac3 Transformation 
0.30 1006 

0.30 

0.37 

0.34 

0.54 

0.60 

0.86 

0.90 

1.27 

1.03 

1.07 

0.82 

0.82 

0.97 

0.73 

0.84 No Ac3 Transformation 
1.00 No Ac3 Transformation 
0.93 No Ac3 Transformation 
0.31 

0.22 

0.04 

0.11 

0.11 

0.09 No Ac3 Transformation 
1.06 No Ac3 Transformation 
0.25 1010 1061 51 
0.47 No Ac3 Transformation 
0.58 1028 1080 52 
0.05 1018 1055 44 
0.52 1095 1125 30 
0.26 1054 1098 44 
1.54 No Ac3 Transformation 
1.65 No Ac3 Transformation 
0.20 No Ac3 Transformation 


* 1120 is Ac4 end 
1 1125 is Ac4 end 


oxides were filtered off so that only the amount of 
titanium and silicon actually alloyed with iron was 
determined. 

lron-Silicon System 


Fifteen iron-silicon alloys were used to determine 
the extent of the y loop. Table I summarizes the 
transformation points found in the dilatation curves 
of each alloy. Fig. 2 is a typical dilatation curve 
from which these data were taken. In this case, 
only data for the slower rate of heating are re- 
ported. A regular expansion until Ac3 begins is 
followed by a short interval in which there is no 
expansion. In this interval the thermal expansion 
is exactly neutralized by the contraction due to a 
lattice change. A regular contraction follows. There 
is another short period of no change in length dur- 
ing a continuous increase in temperature to Ac3 
ends. Then regular thermal expansion occurs 

Two or more dilatation runs were made for each 
sample until the transformation points agreed to 
within 3°C. The area of y iron in the iron-silicon 
system was found by plotting the temperature of 
transformation vs composition for the alloys listed 
in Table I. Fig. 3 is a plot of these points. The outer 
curve, which is determined by the temperature at 
which Ac3 begins, represents the composition of 
solutions of silicon in @ iron; and the inner curve, 
which is the temperature at which Ac3 ends, repre- 
sents the composition of solutions of silicon in y iron 
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Fig. 2—Temperature vs linear expansion for alloy 10, 0.12 
pet Si. The solid curve is for 2° to 3°C per min heating 
rate; the dashed curve for 1°C per 20 min heating rate. 


Fig. 4—Temperature vs linear expansion for alloy 15, 1.71 
pet Si, run 3. 


The dotted lines of Fig. 3 were not determined by 
data but were drawn to meet the A‘ point 

Several checks were made on alloys in the 0.0 to 
0.5 pet Si range to determine the existence of a 
dip in the y loop. No evidence for this was found 

No transformation was found in an alloy contain- 
ing 1.86 pct Si, but a transformation was noted in 
an alloy containing 1.71 pct Si. Therefore, the 
amount of silicon which will produce a closed y loop 
in iron lies between 1.71 and 1.86 pct 

Alloys 15 and 64 of Table I lie between the inner 
and outer loops. Fig. 4 is a dilatation curve typical 
of alloys 15 and 64. It differs from the regular 
dilatation curves in that there are three breaks or 
transformation points. Regular expansion to Ac3 
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Fig. 3—Ac3 transformations in iron-silicon alloys. Outer 
curve indicates Ac3 begins on heating; inner curve, Ac3 
ends on heating. Solid points indicate ferritic alloys; cir 
cles indicate austenitic alloys 


Fig. 5—Temperature vs linear expansion for alloy 36, 0.97 
pet Si and 0.52 pet Ti, run 2 


begins, contraction to Ac3 ends, are followed by 


accelerated expansion to Ac4 ends 


lron-Silicon-Titanium System 

A heating rate of 2° to 3°C per min was main- 
tained throughout the entire transformation range 
The temperatures listed for the ends of transforma- 
tion probably do not approach equilibrium condi- 
tions as closely as those in the binary system; no 
attempt was made in this system, however, to estab 
lish an inner loop. The primary aim was to define 
the boundary between austenitic and ferritic alloys 
when both silicon and titanium are present in vary- 
ing amounts in iron. Those alloys which undergo 
the a to y transformation are called austenitic, 
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Fig. 6—Iron-rich corner of the iron-silicon-titanium system, 


isothermal sections. Solid points indicate ferritic alloys, 
circles indicate austenitic alloys 


whereas those which do not undergo transformation 
are termed ferritic 

The results of the dilatation study are presented 
in Table II. The typical dilatation curve is the same 
as that for a binary alloy in Fig. 2. The dilatation 
curve of an alloy close to the boundary but in the 
austenitic region is represented by Fig. 5. An alloy 
which showed no break in its dilatation curve was 
placed outside the boundary 

Fig. 6 shows the effect on the temperature of 
transition as both silicon and titanium are added 


to iron in varying amounts. A specific temperature 


was chosen and an isotherm was estimated from 


the known transformation temperatures along two 
sides of the triangle. The 1055°C isotherm begins 
at 0.71 pet Ti according to Roe and Fishel,’ passes 
just above alloy 24 (0.45 pct Ti and 0.74 pct Si), 
and to 1.72 pet Si according to Fig. 4. Any alloy 
with a composition which falls on this isotherm 
would begin the Ac3 transformation at 1055°C. The 
other isotherms may also be used to approximate 
the transformation temperatures of any alloy that 
falls within the y region 


Summary 

Dilatation studies were made on 15 iron-silicon 
alloys and 38 iron-silicon-titanium alloys to deter- 
mine the Ac3 transformation temperatures. The a 
to y transformation in iron-silicon alloys begins at 
910°C and rises smoothly with increasing silicon 
content up to 1115°C at 1.80 pct Si, where it Is 
eliminated. 

Silicon and titanium together at low concentra- 
tions are more than additive as a stabilizers of iron 
and are less than additive at higher concentrations 
on stabilizing a iron. The addition of silicon to the 
iron-titanium system lowers the amount of titanium 
required to produce a closed y loop, as is the case 
when titanium is added to the iron-silicon system 
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Ti-36 Pct Al as a Base for High Temperature Alloys 


An experimental survey was made of the oxidation resistance, stress rupture 
strength, creep, and impact strength of Ti-36 pct Al at elevated temperature. Room 
temperature mechanical properties were measured. A few ternary alloys based on Ti- 


36 pet Al were also studied in less detail. 


were found. 


Both desirable and undesirable properties 


by Joseph B. McAndrew and H. D. Kessler 


HEN there is occasion to make structural use 
of metais at temperatures above 900°C 
(1652°F), the choice of alloys is severely limited, 
and those materials which meet special require- 
ments as to density, strength, toughness, and resis- 
tance to creep, oxidation, or fatigue at such temper- 
atures are at a premium. Any new type of high 
temperature alloy which is found to be outstanding 
with respect to several of these properties is there- 
fore likely to find special applications for which it 
J. B. McANDREW, Member AIME, is Research Metallurgist, Ar 
mour Research Foundation, Chicago. H. D. KESSLER, Member 
AIME, is Supervisor, Metallurgical Div, Technical Dept., Titanium 
Metals Corp. of America, Henderson, Nev 
TP 4315E. Manuscript, Oct. 5, 1955. Cleveland Meeting, Octo 
ber 1956 
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is uniquely advantageous as compared to other al- 
loys. Such is the case with the y titanium-aluminum 
alloys. This y phase is an intermediate phase based 
on the composition TiAl, and extends from about 
35.5 to 44.5 wt pct Al at temperatures up to 1000°C, 
above which the field broadens to include 60 pct Al 
at 1340°C.' The alloys of principal interest have a 
narrow melting range, with y forming by the peri- 
tectic reaction, melt + £8 y at about 1460°C 
Unlike most intermediate phases, the binary al- 
loys containing titaniurn and aluminum in approxi- 
mately equiatomic proportion possess low room 
temperature hardness,’ in addition to which they 
have low density, good resistance to oxidation, and 
relatively high modulus of elasticity.” Unpublished 
work done at Armour Research Foundation showed 
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also that the hot hardness of the alloy containing 36 
pct by weight* of aluminum was unusually good up 


* 36.03 pet by weight of alu nu corresponds to 50 atomic pet 


to 550°C, thus suggesting good strength at high 
temperatures. Because attempts to hammer forge 
this alloy at ambient and elevated temperatures 
caused brittle fracture without a useful amount of 
deformation, however, this type of alloy did not 
appear attractive for use at intermediate tempera- 
tures where other materials performed acceptably 

On the other hand, nothing was quantitatively 
known of the mechanical properties of the y phase 
alloys at high temperatures, nor of the temperature 
limits to which such alloys might be useful. The 
purpose of the work here reported was to explore 
these unknowns and to lay the groundwork for 
future developmental work if the properties of the 
base material were sufficiently promising 

The alloy chosen for most intensive study wa 
Ti-36 pet Al, because it showed minimum room 
temperature hardness, maximum plasticity in slow 
compression, and little susceptibility to thermal 
cracking after arc melting. Furthermore, it seems 
that the unique properties of the phase should be 
most pronounced at this composition where ordering 
of the structure is most fully achieved. Some work 
has also been done with various ternary composi- 
tions; to date this has been primarily within the re- 
spective single phase fields 


Specimen Preparation 


Suitable fabrication techniques had to be evolved 
in order to prepare specimens for mechanical test- 
ing. Initially, the possibility was investigated of 
modifying are melted ingots by alloy additions or 
heat treatment to secure a material which could be 
hammer forged. After considerable experimentation 
which included the preparation and examination of 
some 87 high purity ternary alloys, and involved 
hammer forging tests at temperatures up to 1370°C, 
this approach was abandoned as unpromising. Press 
forging was also tried, and it was found that the 
binary alloy could be cold worked at 1000” to 
1200°C to the extent of about 30 pct reduction in 
thickness. Hot working required a temperature of 
1300° to 1400°C, and even at this temperature the 
force required for deformation was quite high. Be- 
cause of the difficulty of maintaining such high tem- 
peratures during a pressing operation, this pro- 
cedure was not deemed feasible for the purposes of 
this investigation, and only a few specimens were 
prepared from such wrought material 

At about this time it was found that the machin 
ability of cast Ti-36 pct Al, which had been con- 
idered extremely poor, was actually quite ade- 
quate for the production of either shoulder-type or 
threaded tensile specimens. Apparatus was therefore 
constructed to cast ingot 4 in. long with a 
horizontal section the shape of a cro each arm of 
which supplied ‘% in. sq bar for a tensile speci 
men. These ingots were cast in a graphite mold with 
an atmosphere of argon, and hardness measurement 
showed contamination by oxygen, nitrogen, or car- 
bon from the casting proce to be negligible. As in 
the case of titanium, these elements have a pro- 
nounced hardening effect on this alloy 

One difficulty which was encountered was the oc- 
currence of small spherical cavities in some bar 
The cause of these has not been determined, but it 
seems likely that their origin might be associated 
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Fig. 2—Temperature vs stress for 100-hr rupture life of cast 
Ti. 36 pet Al, X-40, and $-816 
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Creep behavior of cast Ti-36 pet Al at 800°C 
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Fig. 3b—Same material as in Fig 3a, at 900°C and 14,000 
ps 
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with a low saturation value for hydrogen in the 
solid alloy as compared either to the melt or to un- 
alloyed titanium. All bars were X-rayed before use 
to eliminate those which were defective 


Table |. Analysis of Test Specimens 


Sponge Titaniam Aluminum Shot 


0 0586 pet Al 99.71 pet 
Si 0.018 pet Si -0.09 pet 
Fe © 068 pet Cu, Mn, Mg, Zn, Cr 
N 0620 pet maximum 
Hardness 121 Brinell 
1000 ka load 


0.01 pet each 


With the exception of one high purity specimen, 
the materials used in preparing test specimens were 
of the analysis given in Table I. A recheck at the 
conclusion of the investigation showed that the re- 
maining sponge then had a hardness of 140 Brinell 
(3000 kg load) 

Tensile specimens were of “% in. gage diam, with 
al in. gage length 

Test Results 

Tensile Test Results—-Results of room tempera- 
ture tensile tests of Ti-36 pct Al from various cast- 
ings are shown in Table II. In each case the frac- 
ture was brittle, with no appreciable elongation, and 
as might be expected there was considerable scatter 
in the results. When the variables in fabrication of 
this alloy are more fully evaluated and controlled 
there should be little difficulty in consistently pro- 
ducing material with an ultimate tensile strength 
close to 45,000 psi at room temperature. For an al- 
loy to be used at high temperatures this would be 
idequate, where design stresses would be well be- 
low this level 


Room Temperature Tensile Test Results for 
Cast Ti. 36 Pet Al 


Table 


Specimen No Ultimate Tensile Strength, Pai 


41,000 
44,000 

16,000 
41,000 
49.000 
42,800 
33,000 
43,040 
40,400 
39,040 


* Treated 20 min at 1250°¢ 
** Shoulder-type specimen 
High purity alley 


oil quenched 


A number of short time tensile tests were run ata 
of 1000°*3°C, in air, and measure- 
obtained using 


temperature 
ments of extension vs load were 
a separable, averaging microformer-type extenso- 
meter and an autographic recorder. The results are 
shown in Table II], which includes for comparison 
some values that have been reported elsewhere’ for 
several high temperature alloys 

Stress-Rupture and Creep Tests—-Cast, machined 
specimens of Ti-36 pet Al were tested for stress- 
rupture life at temperatures of 800°, 900°, 950°, and 
1000°C, in air. The findings of these tests are shown 
in Figs. 1 and 2, the latter including data obtained 
from the literature’ for two other alloys. Since for 
some important possible applications the load stress 
is a function of the density of the alloy, Fig. 2 also 
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shows the strength of Ti-36 pct Al as adjusted to 
the density of the alloys with which it is being com- 
pared. The data from which these curves were 
drawn are shown in Table IV, together with elonga- 
tion as measured on the specimens after failure. 


Table II!. Short Time Tensile Test Results 


Itimate 
Test Tensile O2 Pet 
Tempera- Strength, Vield 
ture, °C Psi 


Elonga- Reduction 
tion Pet in 


Specimen in t In Area, Pet 


36 Al 41,480 
6 Al 38,080 
Al 36,400 
36 Al-5 Cr 33,320° 
Al-3 Zr°* 38,100 
3 Al-3 Zre* 34,100 
16 Al 36,400 
Stellite 21? 32,900 
422.19 37,800 
x-401 48,600 


23,000 
20,400 
26,000 
26,500 
24,400 


36,200 


* Failure of grips 
** Pressed 33 pet 
Aged 16 hr, 1700°F 
t Aged 50 hr, 1350°F 


Only a little work has been done to investigate 
creep properties of this alloy. Fig. 3 shows extension 
vs time for a single load at each of two temper- 
atures, 800° and 900°C 


Oxidation 

A remarkable characteristic of the y phase alloys 

one which appears to be unique among titanium- 
base alloys— is their resistance to intrametallic oxi- 
dation at high temperatures. Because of this prop- 
erty it is possible to modify the base alloy so that 
thin protective oxides are formed on exposure to 
air at temperatures up to about 1200°C. Among the 
alloy additives which have been found useful in this 
respect are tantalum, silver, and columbium, with the 
latter being especially effective near the tempera- 
ture limit. Fig. 4 shows the effect of various per- 
centages of columbium on resistance to oxidation by 
still air at 1200°C. The specimens used were cuboid 
in shape and of %-in. size. These were measured 
with micrometer calipers and placed on a refractory 


Table IV. Stress-Rupture Test Results for Cast Ti-36 Pct Al 


Elonga- 
tion Pet 
in 1 In. 


Time to 


Tempera 
Failure, 


ture, Stress. 
Pe 


24,000 
21,000 
12,000 
7,000 
7,000 
4,200 
15,000 
11,000 
8,000 
22,000 
15,000 
14,000 
12,000 
35,000 
30,000 
28.000 
27,000 


* Plus 04.1 hr at 21,500 psi 


tray, which was then introduced into a muffle fur- 
nace having a %-in. hole in the door to permit ac- 
cess of air. After exposure for 96 hr, the specimens 
were removed and allowed to cool, and the oxide 
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Table V. Impact Strength of Cast Ti-36 Pct Al in In.-Lb* 


Set ll Set 
Sealed Vacuum Set tv, Set V, Set Vi. 
Tempera- Set I. 24 Wr, Hr, Water Heat Stress Reerystal- 
ture Heat No As Cast Slow Ceol Slow Cool Quenched Neo. Relieved lined 
Room temperature 7523 1.4.1.5 24 164 7523 10 24 
7524 2.0, 1.3, 1.0 44 1.5 1.7 7524 1.0 19 
7526 1.3,2.5 6.0 2.1 2.2 7523 1.0 1.7 
7524 0.7 17 
700°C 7524 84,65 8.0,60 11.8, 8.5 75,86 7523 5.4,4.0 3.3 
7523 52,60 3.4,6.3 
1000°C 7523 5.5 8.0 7523 2.0 28 
5.5 : 7524 1.6 17 
7.1 24 18 
26 15 


3/16 in. sq by 1% in 


* Specimens unnotched 


was removed by grinding to sound metal. The speci- 
mens were then remeasured to determine depth of 
oxidation. The precision of this method is, of course, 
not very high, but it is adequate for exploratory 
work when there is absence of pitting and of oxida- 
tion within the metal phase 

At 1000°C, oxidation of these alloys is less of a 
problem, although a service life of more than a few 
hundred hours might require a ternary alloy, as 
would an application in which very little scale 
could be tolerated. Scale chipped from a stress- 
rupture specimen of Ti-36 pct Al tested 985 hr at 
1000°C averaged about 0.025 in. thickness. On the 
other hand, a specimen of Ti-35 pct Al showed a 
depth of oxidation <0.001 in. after 137 hr at 1000°C 
without stress. 

A specimen of Ti-35 pet Al-5 pet Cb was tested at 
1000°C for cumulative periods of 50, 150, 180, 326, 
and 1020 hr, with air cool after each period, fol- 
lowed by return directly to the hot furnace. At the 
end of 50 hr, oxidation had penetrated 0.001 in., and 
after 1020 hr this was unchanged. The hardness of 
this specimen after testing ranged from 243 to 272 
Dph (20 kg load) and averaged 258 (11 readings), 
while the hardness of a duplicate after 50 hr meas- 
ured 254 Dph (20 kg load, average of 5 readings) 

Sufficient experimentation has been done with 
powder metallurgy techniques for the Ti-36 pct Al 
alloy to make a few general observations as to the 
difficulties and potentialities of this method of fab- 
rication. Because the alloy has a very high rate of 
work hardening, the cold press-and-sinter proce- 
dure does not seem feasible unless a considerable 
proportion of a more ductile metal or alloy is added 
For example, 100 mesh alloy powder, pressed at 
200,000 psi and sintered 2 hr at 1300°C, had a density 
of only 80 pct of theoretical. Compacts of similar 
density were produced by pressing either 100 
mesh or 40 +100 mesh powder at 6000 psi and 
1200°C in a protective atmosphere. At a tempera- 
ture of 1300°C and a pressure of 6000 psi, however, 
it was found possible to make compacts with about 
98 pct of theoretical density and hardness equiva- 
lent to that of the arc melted alloy. For the press- 
ing operation it was necessary to use graphite dies 
and carbon punches, and as an added precaution an 
atmosphere of flowing helium was provided. A few 
tests made without helium showed some contamina- 
tion occurring; however, the extent of this oxidation 
might not exclude the product from some applica- 
tions 

Not all of the factors which affect the impact 
strength of Ti-36 pct Al have been determined 
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Fig. 4—Oxidation of Ti-35 pet AI-X pct Cb alloys by ex 
posure to still air at 1200°C for 96 hr 


MADE USA 


Fig. 5—Forged bar of Ti-36 pct Al (upper specimen), show 
ing reduction obtained and distribution of wrinkling on the 


surface 
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d) Set IV, 1200°C, 1 hr, water 
quenched 


e) Set V, forged, stress relieved 


f) Set Vi, forged, recrystallized 


Fig. 6—Microstructures of impact specimens in Table IV 


Qualitative observations of the room temperature 
malleability of the as cast alloy indicate that slight 
variations in casting procedure have a large effect 
on the impact properties. The effect may be asso- 
ciated with a pickup of gaseous contaminants 
Judging from all experience to date, however, it 
seems that the rate of cooling through the tempera- 
ture range in which the y phase forms by peritectic 
reaction is more probably the dominant variable. In 
an attempt to investigate this factor and other cast- 
ing variables, a series of 24 ingots was prepared with 
special attention to baking of graphite mold and 
furnace parts, vacuum treatment of the sponge 
titanium, cleaning of the furnace after each use, im- 
provement of mold design, and proper correlation 
of duration of melting with are current and with 
size of charge. Qualitative observation of the mal- 
leability of these ingots indicated that considerable 
improvement was obtained. A specimen %x%4x2 in 
long was reduced 14% pct in length by pressing 
at room temperature and 180,000 psi. After this 
reduction the hardness of the specimen had risen to 
294 Dph and a small crack appeared near the top 
of one face. A series of eight similar bars was 
hammer forged at room temperature to reductions 
ranging from 8 to 15 pet. In some of these, cracking 
occurred, although it was generally minor. Fig 
5 shows one of these bars which was reduced 11.5 
pet, illustrating the extent and distribution of 
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wrinkling on the surface. An unforged bar is in- 
cluded for comparison. Working of these specimens 
was done in the as cast condition, without heat 
treatment of any sort. Such extent of hammer forg- 
ing has not been obtainable previously, even at high 
temperatures. 

Since it was not possible to extend this phase of 
the investigation further, several sets of impact bars 
were prepared and given various treatments prior 
to testing. The specimens were 3/16 in. sq _ by 
1% in. long, unnotched, and were broken in a 
Tinius-Olsen machine of 50 in.-lb capacity. For the 
high temperature tests, furnace temperatures were 
controlled at 710° and 1020°C, and the time to 
break was 3 to 5 sec, and in one case 6 sec. The 
treatments given the specimens and the test results 
obtained are shown in Table V, and typical micro- 
structures resulting from the different heat treat- 
ments are shown in Fig. 6 

Aside from the general range of values obtained, 
two interesting observations may be made from the 
results of these tests. First, the impact strength is 
higher at 700°C than it is at either room tempera- 
ture or 1000°C,. Second, the higher strengths are 
associated with the cast structure rather than the 
equiaxed y 

Since columbium and tantalum additions are bene- 
ficial in improving the oxidation resistance of this 
type of alloy, a few tests were made to determine 
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whether such additions would adversely affect prop- 
erties. These indicated that quite the opposite is the 
case. A Ti-35 pet Al-5 pet Cb specimen had a room 
temperature ultimate tensile strength of 62,360 psi, 
and a Ti-35 pet Al-7 pct Cb specimen failed in the 
threads at 75,800 psi. Similarly, a Ti-35 pet Al-7 pet 
Ta specimen failed at 71,060 psi, and had a slight 
elongation of 1.5 pct in 1 in. 

A single specimen was tested for stress-rupture 
strength to determine whether the increase in room 
temperature strength would be retained at higher 
temperature. This was a Ti-35 pct Al-7 pet Cb 
alloy. Tested at 950°C and 14,000 psi, it failed at 
135.2 hr and had 7.8 pct elongation in 1 in. As may 
be seen from Fig. 1, the rupture stress for 100-hr 
life at this temperature is about 50 pct higher for 
this alloy than for the binary Ti-36 pct Al, both 
being in the as cast condition 


Summary and Conclusions 

Good high temperature strength of Ti-36 pct Al 
has been demonstrated by short time tensile tests at 
1000°C and by stress-rupture tests at temperatures 
from 800° to 1000°C. This strength is especially 
notable when comparison is made with other alloys 
on a strength-density basis. When adjustment is 
made for density, the cast alloy has from 65 to 100 
pet higher stress for 100-hr life than does X-40 in 
this temperature range. Tensile ductility and im- 
pact strength are poor, however, and developmental 
effort should be made to improve these properties 

Still air oxidation tests indicate that Ti-36 pct Al 
has useful oxidation resistance for periods of sev- 
eral hundred hours of use at 1000°C. Where scale 
must be kept to a minimum under such conditions 
this may be accomplished by the addition of colum- 
bium or tantalum. For higher temperatures—up to 
about 1200°C—or where higher strength is re- 
quired, the addition of columbium is effective 

Casting of the y phase alloys requires equipment 
and techniques such as are applicable to othe: 
titanium alloys. The cast material can be machined 
with carbide tools provided reasonable care is used 
If a wrought structure is desired this may be ob- 


tained by pressing at high temperature. Some 
deformation is also obtainable by open die hammet! 
forging or cold pressing, but the extent of such 
working is rather severely limited by the high rate 
of work hardening and the absence of room tem- 
perature tensile elongation of this type of alloy 
These same factors are probably responsible for the 
low impact strength shown by Ti-36 pet Al in sub- 
size unnotched Charpy tests 

Among the properties of Ti-36 pet Al that are yet 
to be studied are fatigue characteristics, which 
would be of importance for some potential applica- 
tions, weldability, thermal shock resistance, and 
thermal expansion 

In view of the remarkable strength and oxidation 
resistance of the Ti-36 pct Al alloy, this would seem 
to be an excellent base from which to develop more 
complex alloys of low density for superior perform- 
ance at temperatures from 800°C to perhaps as 
high at 1200°C 
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Technical Note 


T has been pointed out by Cottrell’ and Fishe: 
that long-range order would produce superdis- 
locations, consisting of two partial dislocations sepa- 
rated by an out-of-phase region. The mutual repul- 
sion of the partial dislocations is balanced by the 
surface tension of the out-of-phase domain bound- 
ary joining the dislocations (Fig. 1). The calculation 
of the equilibrium spacing of the dislocations has yet 
to be made. The argument uses the Bragg and Wil- 
liams theory of long-range order.” The metal under 
consideration is the A-B, body-centered type, such 
as £ brass. The slip system is taken to be [111], 
(110). 
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Interaction of Dislocations and Long-Range Order 


by N. Brown and M._ Herman 


Since nearest-neighbor interactions are consid- 
ered, only the atoms position in the two (110) planes 
adjoining the slip plane have to be labeled. Corner 
sites are called a and a’ in the top and bottom (110) 
planes, respectively. Similarly 8 and f# are the body- 
centered sites. Thus, a and # and £ and a’ sites are 
nearest neighbors. Assume that the bottom plane 
moves and the top plane is fixed during slip; the 
atoms in a’ and ff sites exchange sites but atoms in 
. and £# sites remain fixed. Fraction of A atoms in 
a Sites, for example, is given by f, and f’, for the un- 
slipped and slipped condition, respectively. Similarly 
number of A atoms in the a sites is given by n, and 
n’, for the unslipped and slipped condition, respec- 
tively. As the dislocation moves into the ordered re- 
gion the change in number of A-A bonds is given by 


Nas = 2°. + — He + for Mp) [1] 
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Fig. 1—Schematic of an ordered structure showing anti-phase 
boundary confined between a pair of dislocations. 


where L is the number of bonds per atom which may 
be changed by slip 2. As in the Bragg and Wil- 
liams theory, the degree of order W is defined by 

N (14+W) 

2 2 


n, 


where W ranges from 0 to 1, and where N is the 
number of atoms in the slipped part of one of the 
slip planes. Thus 


1+W 
f’, f. 2 
and 
1—W 
f’. 2 
N (14+W) 
ny, 
2 2 
and 
N (1—W) 
ty 
2 2 


Eq. 1 yields N,, NW". Similarly, the change in 
B-B and A-B bonds is 

Nin @ NW’ 

Nu» 2NW’. 


Thus, the change in energy to form a domain bound- 
ary between a pair of dislocations is given by 


E, NW* (V4, + Va» 2V an) [2] 


where V,, and V,, and V,, are the binding energies 
of like and unlike atoms. The strain energy of inter- 
action per unit length for a pair of like edge dis- 
locations on the same slip plane is given by’ 


Gb r, 
E, In ) 
) r 9 


Y 


where G is the shear modulus, b is Burgers vector, 
y is Poisson's ratio, r, represents the crystal dimen- 
sions, and r is the distance between dislocations. 

The entropy change associated with configuration 
and dislocation spacing is insignificant. Thus, the 
free energy change of an increasing out-of-phase 
boundary is given by 


T NW’ (Vas Vow 2V ue). 


The binding energies are related to the ordering 
temperature as follows 


Vas + Vow 2V us — - 


where k is Boltzmann's constant and Tc is the criti- 
cal temperature of ordering. For a unit length of dis- 
location, N = r/b*. Thus, F can be expressed as a 
function of r 

r W’*kTc 


1 
—— 1n ( -—) 
27(1—y) r 2 


Setting dF/dr — 0 gives the equilibrium spacing 
Gb* l 
a(l—y) kTc 


for the case of 8 brass using b = 210° cm; k 
1.4” 10” erg per “K; y 1/3; Tc 738: G 310” 
dyne per sq cm; and letting W 1 and r = 3x10" 
cm. 

For 8 brass, the calculation indicates that at com- 
plete order the dislocations of like sign form pairs 
with a 15-atom spacing. Experimental data* show 
that long-range order increases the yield point. This 
effect may be associated with the dislocation pairing 
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Effect of Gallium on Resistance to Corrosion of Magnesium Alloys 


by Benny J. Nelson 


O obtain information on the effect of gallium 
upon the corrosion of magnesium alloys, tests 
were made on the commercial alloy AM52S (Mg- 
3 pet Al-1 pet Zn-0.2 pet Mn) and experimental 
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F E, + E,- ———— In | ———~ - 

22(1—y) Tr 2 

| F 


Pet Compesition 


Ga Al Za 


Commercial Mg 


0.03 Commerciai Mg 
0.09 Commercial Mg 
048 Commercial Mg 
Sublimed Mg 
0.03 Sublimed Mg 
0.11 Sublimed Mg 
0.48 Sublimed Mg 
AM52S1 
0.04 AM52S1 
0.10 AM528: 
3.47 1.23 
3.04 1.00 
0.09 3.04 1.15 
0.68 3.53 1.14 
9.28 


* Loss ire averages of at least two specimens 


t Nominal AM52S compositior 


3 gpl NaCl and 10 cu em Hy, per liter of solutior 


Effect of Gallium on Resistance to Corrosion of Some Magnesium Alloys 


0.010 
0.04 
0.04 
0.05 
0.001 
0.002 
0.001 
0.001 
0.019 
0.022 
0 020 
0.002 
0.027 
0 028 
0.029 
0.033 
0.035 


Pet Change in Tensile Strength by Corresion*® 


1 Week 


Alternate 4 Weeks 1 Vears 
Immersion in Intermittant Exposure te 
NaC Ste Pet Industrial 

Solution NaCl Spray Atm 


100 4 23 
68 20 4 
87 4) 28 
aK 12 27 
i4 24 24 
22 26 25 
17 11 20 
15 22 
10 23 
ig 
20 20 21 
14 18 22 
a5 16 24 
21 23 
48 20 24 


sistance to corrosion 
Four different corrosion tests were 


All the specimens were in the form 


the stress corrosion test 


rosion are presented in Table I 
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alloys made from sublimed magnesium 
from manganese. For comparison, tests 
made on the effect of different amounts of gallium 
in both electrolytic and sublimed magnesium ( ferro- 
silicon process) having different iron contents 
investigation was also extended to binary Mg-12 pet 
Li, Mg-6.6 pet Sn, and Mg-6 pct Zn alloys to learn 
what effect, if any, lithium, tin, and zinc might have 
upon the influence of gallium in improving the re- 


It is seen from this table that gallium 
increased resistance to corrosion of commercially 
pure magnesium in the alternate immersion test but 
may actually decrease somewhat the resistance to 
corrosion of sublimed magnesium or of AM52S-type 
alloys. In tests upon Mg + 10 pet Al alloy, 
does not improve the resistance to corrosion 
other corrosion tests, the effect of gallium 
evident and less consistent. A very drastic exposure 
like the alternate immersion test will 
reveal differences in magnesium alloys that are not 
revealed by exposures in less corrosive 
ments and, hence, in the present case 
obtained in the other two tests are considered to be 


free 
were also 


The 


the 
investigation: 1) alternate immersion in NaCl-H,O 
solution at 80° to 90°F—53 g NaCl and 
H,O, per liter of water—for a period of one week; 
2) intermittent salt spray at 75° to 85 
3.5 pet NaCl aqueous solution for a period of four 
weeks; 3) exposure to an industrial atmosphere fo! 
a period of four years; and 4) stress 
cracking in which specimens were exposed for 
maximum period of two months to a solution con- 
taining 35 gpl NaCl and 20 gpl K.CrO, while under 
a stress equivalent to 100 pet of the yield strength 
standard 
ASTM tensile test blanks cut from sheet or extruded 
rod. Only the AM52S specimens were subjected to 


ecm 


a 


corrosion 


a 


The compositions of the magnesium and magne- 
sium alloy specimens, with the exception 
binary Mg-Li, Mg-Zn, and Mg-Zn alloy: 
changes in tensile strength brought about by cor- 


the 
and the 


Causes 


gallium 
In the 


sometimes 


environ- 
results 


less definitive than those shown by the alternate 
immersion exposure 

The tolerance limit for iron in magnesium is de- 
fined as the amount above which a marked increase 
in the rate of corrosion will occur.’ In pure magne- 
ium this tolerance limit is 0.017 pet Fe, while in a 
Mg + 10 pet Al alloy, this tolerance limit for iron is 
nil. For other alloys, the tolerance limit for iron 
will vary with the added alloying element. Since 
gallium has a beneficial effect on the resistance to 
corrosion of commercially pure magnesium, which 
typically contains 0.03 pet Fe, it is believed that this 
beneficial effect is caused by the gallium increasing 
the tolerance limit for iron. Since the tolerance 
limit for iron in a magnesium alloy containing 10 
pet Al is very low, it seems logical that in this alloy 
the gallium cannot aid in establishing a higher re- 
sistance to corrosion 

In further qualitative tests that were made, it 
was visually observed that gallium increased the 
resistance to corrosion of a Mg-Sn binary alloy but 
caused no obvious change in the resistance to cor- 
rosion of Mg-Li or Mg-Zn alloy. In accelerated 
stress corrosion cracking tests, gallium was found 
to have no effect upon the resistance to stress cor- 
rosion cracking of AM52S 

The tests that were carried out lead to the follow- 
ing general conclusions 


1) In severely corrosive environments gallium 
increases the resistance to corrosion of commercially 
pure electrolytic magnesium and of a Mg-Sn binary 
alloy 


2) Gallhhtum additions cause little’ significant 
change in the resistance to corrosion of sublimed 
magnesium or of Mg-Li, Mg-Al, Mg-Zn, or AM52S 


alloys 


3) Gallium has no effect upon the resistance to 
accelerated corrosion cracking of AM525S 
alloy stressed to 100 pet of yield strength 
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Constitution of Nickel-Rich Quaternary 
Alloys of the Ni-Cr-Ti-Al System 


The quaternary system Ni-Cr-Ti-Al has been studied up to a temperature of 
1150 C for compositions greater than 50 atomic pct Ni. It has been shown that the 
region contains six single phase areas, namely, the face-centered-cubic nickel-rich 


primary solid solution 


the face-centered-cubic orderd phase 


based on Ni,Al, 


the hexagonal-close-packed intermetallic compound 1-Ni,Ti, and the three body- 


centered-cubic phases 4,-NiAl, and TiAl. 
raised, the volume of the quaternary tetrahedron occupied by the - 
decreases. 


quite considerably, while that of - 


As the temperature is 
phase 
The tie-lines across 1 


and y’ + » two-phase fields lie almost exactly in the plane Ni,Cr-Ni,Al- Ni, Ti, pe 


, 


three positions effectively outlining a pseudo-ternary system with the y | 7 
triangle corresponding closely to a tie- plone. There is strong evidence that a fous- 


phase field links the binary phases 


, and » with the ternary phase /,-Ni,TiAl. 


by A. Taylor 


ICKEL-RICH alloys hardened with small addi- 
tions of titanium and aluminum and centered 
around that region of face-centered-cubic primary 
where the atomic ratio of nickel 
form an important series 


solid solution, y, 
chromium is about 3 to 1, 
of high temperature materials because of their re- 
sistance to oxidation, high temperature strength, 
and excellent creep characteristics at elevated tem- 
With suitable heat treatment it is pos- 
based on the ordered 
Ni,Al, from the ran- 

face-centered-cubic 
ratio of 


peratures 
sible to precipitate a phase 
face-centered-cubic y phase, 
domly ordered nickel-rich y 
primary solid solution. By adjusting the 
aluminum to titanium the precipitation of needles of 
the hexagonal intermetallic compound »-Ni,Ti may 
be effected 

In the present investigation, the main interest was 
focused on the interrelationships among the y, y, 
and » phases. By using alloying elements of high 
purity and a suitable melting technique the presence 
of carbides and nitrides could be completely obvi- 
ated, although it is realized that their presence is 
probably essential in alloys of commercial impor- 
tance. As a preliminary to the study of the Ni-Cr- 
Ti-Al system, it was necessary to establish the con- 
stitutional diagrams of the three contiguous systems, 
Ni-Cr-Al, Ni-Ti-Al, and Ni-Cr-Ti, which together 
form the nickel-rich corner of the Ni-Cr-Ti-Al 
quaternary tetrahedron, Accounts of this work on 
the ternary systems have already been published by 
the author. A preliminary disclosure of the author's 
investigations on the ternary 
tems has been made by Hignett 
ulated work in the same field by 


and quaternary sys- 
and has since stim- 


Nordheim and 


A. TAYLOR, formerly with Mond Nickel Co., Birmingham, Eng 
land, is now Research Engineer, Research Laboratories, Westing 
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Grant.” Before the detailed account of the qua- 
ternary system, a brief description will be given of 
the three contiguous ternary diagrams on which it 
is ultimately founded. 


Ni-Cr-Ti System 

The 750° and 1000°C temperature isothermals of 
the Ni-Cr-Ti system as determined by Taylor and 
Floyd’ are shown in Figs. 1 and 2. The single phase 
fields of greatest interest are occupied by the exten- 
sive face-centered-cubic y primary solid solution of 
chromium and titanium in nickel, and the close- 
packed-hexagonal Daltonide, from which 
tie-lines radiate across the very wide y+ two- 
phase field. The chromium-rich primary solid solu- 
tion is represented by a. As may be seen from the 
diagrams, the extent of the y phase field increases 
quite appreciably as the temperature is raised from 
750° to 1000°C. Isoparametric lines for the y phase 
are shown in Fig. 1. They are interesting in that 
they are almost parallel to the y/y+y boundary 
Thus the determination of the tie-line directions is 
entirely dependent on the exact stoichiometry of 
composition of the » phase 


Ni-Ti-Al System 
isothermal section of the nickel-rich 
portion of the system Ni-Ti-Al as determined by 
Taylor and Floyd is shown in Fig. 3.' The regions 
of greatest interest are the extensive y primary 
solid solution of titanium and aluminum in nickel, 
the y' Berthollide phase field based on the ordered 
face-centered-cubic structure of Ni,Al, and the hex- 
agonal Daltonide phase, »-Ni,Ti. 

As may be seen from Figs. 3 and 4 the area occu- 
pied by the y phase is substantially the same at 
750 C as at 1000°C, but the area of the 
considerably greater at the higher temperature. The 
from »-Ni,Ti across the y+ and 
fields and are evenly distributed 


The 750°C 


phase 1s 


tie-lines radiate 


‘+ two-phase 
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‘ 
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te 


‘ 


Fig. 1—The Ni-Cr-Ti phase diagram—750°C isothermal Fig. 2—The Ni-Cr-Ti phase diagram—1000°C isothermal 


+ 
= 


Fig. 3—The Ni-Ti-Al system at 750°C, showing the Berthol Fig) 4—The Ni-Ti-Al phase diagram—1000°C isothermal 
lide phases and 


Fig. 5—The Ni-Cr-Al phase diagram—750°C isothermal Fig) 6—The Ni-Cr-Al phase diagram—1000°C isothermal 
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Fig. 7—The NiCr-Ni,Ti-NiAl section of the Ni-Cr-Ti-Al 
system—750°C isothermal 


across y+y field. The Berthollide phases f, and £,, 
which have ordered body-centered-cubic structures 
of the CsCl type, are respectively centered about the 
compositions NiAl and NiTi. Contrary to expecta- 
tions they do not link up with each other to form a 
continuous intermediate phase. Instead a ternary 
Berthollide phase, forms which is centered 
around the composition Ni,TiAl. This phase is in 
every way analogous to f, and £, in structure, but 
has titanium and aluminum atoms at alternate cube 
centers like the zinc and aluminum atoms in the 
structure of Cu,ZnAl 


Ni-Cr-Al System 

Of the three ternary systems under consideration, 
the Ni-Cr-Al system is probably the most important 
for gaining an understanding of the precipitation 
phenomena occurring in nickel-based high tempera- 
ture alloys. The 750°C isothermal of the nickel-rich 
portion of this system, as studied in detail by Taylor 
and Floyd,” is shown in Fig. 5. The two single-phase 
fields of major interest are the extensive face- 
centered-cubic y primary solid solution of chromium 
and aluminum in nickel and the wide y' field occu- 
pied by the face-centered-cubic ordered Berthollide 
phase based on Ni,Al 

At 750°C, the tie-lines across the y+y two-phase 
field skew round until alloys near the center of the 
region consist of two face-centered-cubic phases 
having identical lattice parameters. Such alloys 
yield diffraction patterns which, taken by them- 
selves, are indistinguishable from those of a single 
phase alloy, which leads to difficulties in their 
interpretation 

As the temperature is raised, the y phase field 
decreases considerably in extent until, at 1150°C, it 
occupies only a small fraction of its original area 
At the same time, the extent of the y’ primary solid 
solution increases. The state of affairs existing at 
1000°C is shown in Fig. 6. At this temperature a 2/2 
reaction occurs, resulting in the four-phase field 

Experimental Procedure 

The bulk of the alloys were prepared as 100 g 
melts in a 4 kw high-frequency furnace using se- 
lected Mond nickel pellet, and high purity chrom- 
ium. aluminum, and titanium, analyses of which are 
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Fig. 8—The Ni,Cr-Ni,Ti-NiAl section of the Ni-Cr-Ti-Al 
system—1000°C isothermal. 


given in Table I. To avoid reaction with the charge, 
the sillimanite crucibles were lined with magnesite 
and the melting carried out under a low pressure of 
hydrogen which was pumped off after fusion to al- 
low the alloys to cool down and solidify in vacuo 
Alloys rich in titanium proved difficult to prepare 
by this method. They were made in a small argon 
are furnace fitted with a water-cooled copper hearth 


Table |. Analysis of Metals Used for Making Alloys, Pct 


Ni Cr Al fe Mn ‘ 
Ni Balance 0.018 0.034 
Cr 0.01 Balance 0.10 001 0.08 0.15 
Al Balance 0.005 
Ti 0015 Balance 0.015 0.04 


This furnace proved much more satisfactory for 
making alloys rich in chromium and was ultimately 
used for all new alloys in preference to the induc- 
tion furnace. The small ingots were annealed in 
vacuo for at least three days at 1200°C in order to 
promote homogeneity, and were then  water- 
quenched to preserve the high temperature state, 
which proved a good starting point for subsequent 
heat treatment processes. The outer skin of the in- 
gots was then ground away to ensure removal of 
unrepresentative surface layers, after which repre- 
sentative samples were turned off for chemical 
analysis. Fine filings of metal were taken from 
immediately adjacent regions for further heat treat- 
ment and X-ray examination by the Debye-Scherre1 
powder technique, using a 9.0 cm diam camera and 
filtered MnKa radiation 

Previous experience with the ternary alloys of the 
Ni-Cr-Al, Ni-Cr-Ti, and Ni-Ti-Al systems had 
shown that slowly cooling powders in evacuated 
silica capsules from 900°C to room temperature in 
a period of 3 to 4 days gave results which were 
roughly equivalent to equilibrium conditions corre- 
sponding to 750° to 800°C. In the present instance 
it was decided to adopt a different technique and 
cool alloys down from 900° to 750° in four days, 
hold at 750°C for four days to promote equilibrium, 
and then quench in cold water to preserve the equi- 
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Fig. 9—View of Ni-Cr-Ti-Al system trom nickel corner 
750°C isothermal 


| 
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Fig. 11—Ni-Cr-Ti-Al system at 750°C, showing four- phase 
field (NiLTIAD (NiTi), and three-phase 
field 


librium structure at room temperature. This method 
gave excellent and self-consistent results, but when 
applied to the 1000°C isothermal erratic result 
were obtained, due both to the volatilization of alu- 
minum from the ilicon contam- 
ination caused by reaction of the vapor with the 
silica tubes. These difficulties were only partially 
overcome by fitting the silica capsules with pure 
fused alumina linings and, consequently, an entirely 
employed. In the new heat 


pecimens and to 


new technique was 
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(NiCr) 


Cr 
Fig. 1O—Ni-Cr-Ti-Al system showing extent of 7’, and 
phases, and location of f., fy, and fy—750°C isothermal 


N 


Fig. 12—View of Ni-Cr-Ti-Al system at 1000°C Note in 
crease in + phase field and narrowing of the base of >’, see 
Fig 9 


treatment procedure a ‘% in. cube of alloy was held 
in vacuo for 24 hr at 1000°C and quenched in wate 
After filing away the layers, fresh 
filings were prepared and sealed in thin alumina 
lined silica capsules as before. The powder speci 


oute! urface 


mens were then heated a 
1000°C, maintained at temperature for only a few 
modified tech 


rapidly a possible to 


and then quenched. Thi 
found to give reproducible and self 
© that it wa po ible to establish 


minutes 
nique was 
consistent result 
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Fig. 13-—Micrograph of 75.1 atomic pct Ni-19.9 atomic pct 
Cr26 atomic pct Ti-24 atomic pct Al alloy, quenched 
from 750°C, X1000 


the system almost entirely by means of X-ray ex- 
amination of the alloys, although in many cases the 
results were confirmed by standard micrographic 
methods 

By the careful selection of favored compositions 
it was possible to establish with high accuracy the 
main features of the quaternary system Ni-Cr-Ti-Al, 
using a relatively small number of alloys. A tenta- 
tive model of the nickel corner of the quaternary 
tetrahedron was first constructed using data from 
the three contiguous Ni-Ti-Al, Ni-Cr-Ti, and Ni- 
Cr-Al faces to make a rough estimate of the extent 
of the y and y phases. Because interest in high 
temperature alloys centers around compositions in 
which the atomic ratio of nickel to chromium is 
about 3 to 1, it was decided to begin by studying a 
pseudo-ternary ystem outlined by the plane 
through Ni,Cr, Ni,Al, and Ni,Ti. The designation, 
Ni,Cr, is used here for convenience to define y con- 
taining 3 atoms of nickel to 1 atom of chromium 
The selection of this system introduces a great sim- 
plification into the work because n-Ni,Ti is a Dal- 
tonide and, because’ of its extremely narrow homo- 
geneity range, all tie-lines radiate from it as from 
a geometrical point. Thus, tie-lines radiating from 
n-Ni,Ti must le within the plane yNi,Cr-y'Ni,Al- 
ANi,Ti. The same will not necessarily be true for 
tie-lines linking the y and y phase fields 

Alloys of selected composition were made in order 
to ascertain the positions of the y and y’ boundaries 
within the pseudo-ternary system Ni,Ti-Ni,Al-Ni,C1 
and the position of the three-phase triangle y+¥y + 
When these were satisfactorily established for 750 
and 1000°C, the investigation was extended to give 
an approximate idea of the positions of the tie-lines 
and to establish the relationships among the y, y, », 
and other phases of the quaternary system. A list 
of these alloys with their analyzed compositions, 
heat treatment, crystal structures, and lattice para- 
meter data are given in Table II 

Results 

The extents of the and » phase fields for 
750° and 1000°C within the pseudo-ternary section 
Ni,Cr-Ni,Ti-Ni,Al are illustrated in Figs. 7 and 8 

Views of the nickel-rich portion of the quaternary 
ystems Ni-Cr-Ti-Al corresponding to equilibrium 
conditions at 750°C are shown in Figs. 9, 10, and 11, 
while Fig. 12 illustrates the equilibrium at 1000°C 
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Fig. 14—Micrograph of 75.0 atomic pct Ni-19.8 atomic pct 


Cr-3.8 atomic pct Ti-1.4 atomic pct Al alloy, quenched from 
750°C, +n. X1000. 


Apart from the faces of the quaternary tetrahe- 
dron shown in Figs. 9 to 12, the accuracy in the 
determination of the extent of the various phase 
fields is greatest in the plane of the pseudo-ternary 
system Ni,Cr-Ni,Al-Ni,Ti. The remainder of the 
system has been sketched in on the basis of intensity 
estimations of the lines in the diffraction patterns 
from selected alloy Nos. 45, 46, and 47. In view of 
the complexities of the system, the broken lines in 
Figs. 9, 10, and 12 only indicate the extent of the 
two and three-phase regions on the faces of the 
tetrahedron. Besides the y, and » phases, which 
are of primary interest in the high temperature 
alloy problem, the body-centered-cubic Berthollide 
phases £,, and based on NiAl, NiTi, and Ni. TiAl 
respectively, have also been included. Fig. 11 shows 
the presence of a four-phase field outlined by the 
tetrahedron linking the y, y, », and #8, phases. In 
addition, Fig. 11 indicates the extent of the three- 
phase triangle linking the y, y, and » phases on the 
plane defined by Ni,Cr, Ni,Al, and »-Ni,T) 


Discussion 


As may be seen from Fig. 8, which shows the 
Ni,Cr-Ni,Ti-Ni,Al section of the Ni-Cr-Al-Ti system 
at 1000°C, the three phase fields of major interest 
are y, y, and »-Ni,Ti. Because Ni,Ti is an intermet- 
allie compound, there will be groups of tie-lines 
radiating from it which must lie accurately within 
the plane of section and, as a consequence, the two 
sides of the three-phase area, y+y 4 
through Ni,Ti must be straight lines. The third side 
of this three-phase region is the envelope of the 
limiting tie-lines linking the y and phase field 
Since these tie-lines do not necessarily lie within 
the plane of section, this envelope could possess an 
appreciable degree of curvature 

The positions of the tie-lines across the extensive 

field shown in Fig. 7 could be ascertained from 
the lattice parameters of the alloys in the single 
and two-phase regions. Fig. 8 shows the tsopara- 
metric surfaces of the y and y phase fields which 
led to the positioning of the tie-lines. The alloy 
are indicated on the diagram according to their ideal 
weighed-out compositions, which differ slightly 
from the values given by chemical analysi This 
was necessary because changes in composition, due 


”) passing 


mainly to melting losses, move the alloys out of the 
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Analysis, Atomic Pet 


Al 


1 7 12 
2 7 2.2 
7 1.6 
4 75 18 
5 7 44 
" 75 os 24 
8 75 5.2 
” 75 18.7 4.8 
10 75.6 18.6 1.3 
11 75.7 18.4 22 
13 75.9 17.3 
i4 75.8 15.4 74 
7 75.0 19.8 14 
12 75.4 18.8 1.0 
35 76.0 17.5 1.9 
48 75.7 16.3 20 
15 75.5 16.1 46 
17 75.5 16.0 16 
76.2 15.1 42 
16 754 13.5 98 
17 75.6 12.3 96 
18 749 11.3 10.0 
19 75.4 98 98 
20 75.6 4.8 7.1 
21 75.2 82 8.5 
22 75.2 74 9.6 
26 746 8.0 7.4 
42 743 6.5 16.6 
y 75.3 5 14.5 
743 0 99 
742 2¢ 12.9 
75.1 2 12.3 
75.1 l 11.2 
73.8 4 


we 


Table II. Ni-Cr-Ti-Al Alloys 


- 


SK 


BON 


Lattice Parameter, 
Alleys Quenched 


Kx 


Phases Present at 


y 
y 
n 
” 
+n 3.5569 
y 1.5588 
$5508 
15574 
$5744 


15600 
159066 


plane of section as well as across it. To allow for 
this effect, the positions of the isoparametric sul 
faces have been derived by making small correction 
to the lattice parameters given in Table II. It was 
singularly fortunate that all the alloys in the y+ y 


two-phase field gave diffraction patterns which were 


distinctly two-phase, in contradistinction to the 
pseudo single-phase patterns obtained from certain 
alloys in the y field of the Ni-Cr-Al system 
shown in Fig. 5. A careful study of the diffraction 


patterns of the two-phase quaternary alloys showed 


that the tie-lines lie very close to the plane of sec- 
tion. Referring again to Fig. 7, tie-lines nearest the 
Ni,Cr-Ni,Al edge are tilted out of the plane by only 
a few degrees, with thei extremities above the 
plane of the section. The extent of the tilt may be 
judged by reference to the initial tie-line directions 
across the line joining Ni,Cr to Ni,Al in the Ni-Cr-Al 
ystem shown in Fig. 5. As the tie-lines move away 
from the Ni,Cr-Ni,Al edge, they come to lie almost 
exactly in the plane. This is why the boundary be- 
tween the and vy ‘4 ” fields is almost a straight 
line for both the 750° and 1000°C isothermal 
The positions of the boundaries of the and 

phase fields at 1000° and 750°C are probably correct 
to +z atomic pet. The X-ray determinations of the 
positions of the y and y corners of the y+’ +» three- 
phase field for the 750°C isothermal were checked 
micrographically, and both methods were found to 
be in complete agreement. Fig. 13 corresponds to 
the alloy 75.1 atomic pet Ni-19.9 atomic pet Cr-2.4 
atomic pet Al-2.6 atomic pet Ti quenched at 750°C 
and is a typical two-phase ‘ micrograph. Fig. 14 
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Ni l 4 pet Al 3.8 
hows the beginning 
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19.6 pet Ci 
It 


to 75.0 pet 
pet Ti quenched at 750°C 
of a typical Widmannstatten 
of the formation of plate 
dral planes of the face 
euboid 


correspond 


oly 


structure 


In addition, minute of precipitated phase 
evidence. Thi 

y corner of the ) 
tablishment ) 
y+y +n reg and of the boundary of 
field is of fundamental importance in the 
tion of the nature of the precipitation product 

the of alloys of the Nimoni 
The composition of a typical alloy i 
mall black circle lying near the Ni,C1 


he 
phase region 
of the 


y phase 


three-phase alloy just 


are in 
within the 
The accurate ¢ 


three 
of the cornet! 
the 

interpreta 
which 
type 
approx 


form during aging 


closely 


imated by the 


corner of the section shown in Figs. 7 and 8. At 
1000 °C, this particular composition lies well within 
the y single-phase field, while at 750°C it lies within 
the y+y two-phase field. Precipitation of y from 

Olid solution probably commence in the region 
of 8650 C, depending on the precise composition of 
the alloy Jecause of the tie-line directions now 
established by the X-ray data, the compositions of 


ihe conjugate phases may be ascertained with a high 
degree of accuracy from the equilibrium diagram 
It will be noted that there is normally no precipita 


tion of the brittle »-Ni,Ti phase during aging treat 
ment 
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Alley : 
Ne Cr = 
| 
49 
10.8 
10.3 
10.1 
12.3 
13.7 
41 5.0 94 y+y'+n 
29 2 49 13.7 
7.3 144 tn 
i4 6 45 16.0 
; 6.1 146 
15.4 74 
25 19.46 2.5 | 
16 12 5.7 ye” 
47 62.5 12.5 12.5 tn pis} 
45 64 4 4 
* Nickel b difference 
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Variations in Radiation Damage to Metals 


A group of metals including copper, nickel, titanium, zirconium, iron, molyb- 


denum, and type 347 stainless steel were irradiated at approximately equal exposure 
conditions in the Materials Testing Reactor. Measurements were made of some 
mechanical and physical properties to determine the extent of radiation damage to 
each metal. Some aspects of the theory of radiation damage to metals by neutrons 
were considered, and calculations were made of the concentrations of several kinds 
of defects produced, neglecting annealing effects. The differences among the metals 
in the calculated concentrations of defects were small, and could not be correlated 
with the observed differences in radiation damage. On the basis of empirical con- 
siderations, two factors which appear to exert strong influences on the magnitude 
of the changes in properties due to irradiation are the crystal structure and the 


XPERIMENTAL results of the last decade have 
4 hown that both accelerator particle and re- 
actor radiations produce significant changes in the 
properties of metals. These changes, called radia- 
tion damage, are important from both academic and 
engineering viewpoint An understanding of the 
radiation damage produced by reactor radiations i 
difficult, because many kinds of particles having 
varying energies are present. Therefore, many fun- 
damental studies are being conducted using accel- 
erators in order to obtain nearly mono-energetic 
Furthermore 
many of these experiment are conducted at low 


beams of various charged particles 


temperatures in order to freeze in the radiation- 
produced lattice defects, after which the specimens 
are annealed to study the movement of the defects 
It is found that although much of the low tempera- 
ture radiation damage disappears by annealing at 
room temperature, a significant amount remains 
Because there is no assurance that irradiation fol- 
lowed by annealing at a higher temperature will 
produce the same effect as irradiation at the higher 
temperature, and because there is an immediate 
interest in reactor radiation effects during expo- 
ures at and above room temperature, a major pro 
gram is in progress at this laboratory to investigate 
C. A. BRUCH, W. E. McHUGH, and R. W. HOCKENBURY are 
associated with the Knolls Atomic Power Laboratory, General Elec 
tric Co., Schenectady 

TP 4276E. Manuscript, Nov. 17, 1955. EJC Nuclear Engineering 
Conference, Cleveland, December 1955 
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pre-irradiation value of the physical or mechanical property prior to irradiation. 


by C. A. Bruch, W. E. McHugh, and R. W. Hockenbury 


ome of these effects. This paper, representing a part 
of the program, compares the radiation damage 
to a group of metals which were exposed under 
nearly identical irradiation conditions. The metals, 
representing the three major crystal systems, include 
copper, nickel, titanium, zirconium, iron, molyb- 
denum, and type 347 stainless steel 

The effects of reactor radiations have been treated 
from a theoretical viewpoint by Seitz’ and Ozeroff 
The problem considered by them has been the atomic 
displacements produced in an infinite medium by 
mono-energetic beams of both neutrons and charged 
particles. For reactor experiments, this treatment is 
not wide enough in scope, because specimens and 
reactor components are finite, and there are con- 
tinuous energy pectra of the various particles 
Therefore, the theoretical considerations will be ex- 
tended in this paper to cover reactor conditions and 
the findings will be compared with the observed 
radiation damage 

Experimental 

Materials—-The six basic metals for this investi- 
gation were of commercial or higher purity, and the 
type 347 stainless steel was of commercial quality 
These materials were supplied in various form 
ranging from ingots to finished rods, and were fab- 
ricated to rods approximately ‘% in. in diam and 
annealed for specimen stock. A summary of data 
pertinent to these materials is shown in Table I. The 
values for chemical compositions include both actual 
analytical values and typical values supplied by the 
manufacturer. More information concerning typical 
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compositions of most of these metals has been given 
by Seybolt and Burke.” 


Specimen Preparation and Irradiation—Button- 
head tensile specimens of each material were pre- 
pared, according to specifications illustrated else- 
where. The essential features are a 1 in. tapered 
gage section, approximately 0.182 in. in diam. Split 
sections of 2S aluminum which conformed to the 
tensile specimens were also made and used to mini- 
mize the temperature rise in the specimens due to 
heat generated by pile y rays 

Temperature monitors were prepared from each 
metal for the purpose of measuring the maximum 
temperature attained in pile. These consisted of 
cylinders in which four longitudinal holes were 
drilled. Tight-fitting, right cylinders of metals and 
alloys which had various known melting points 
were placed into these holes. Upon melting, surface 
tension causes the ends to round. This can easily be 
detected by inspection. A press-fit cap was placed 
over the assembly to prevent the escape of any of 
the metals upon melting 

Twelve tensile specimens and two temperature 
monitors of each metal were inserted into two 25 
aluminum tubings, which were then welded shut 
Groups of four or five tubings containing specimens 
of two metals were assembled into single units 
These were finally irradiated in the water-cooled, 
active lattice position, L-41, of the Materials Testing 
Reactor for approximately three weeks 


Testing Procedures—Rockwell hardness tests were 
made on the flat ends of the tensile specimens be- 
fore and after irradiation. The machine used was a 
standard motorized Rockwell hardness tester, which 
had been modified slightly to permit remote opera- 
tion. At least three tests were made of each speci- 
men 

Electrical resistance measurements at 35°C were 
made by a standard potentiometric method’ to an 
accuracy of +0.1 pet, using a 1 in. length of the gage 
ection of the tensile specimen. Because the test 
equipment was not completed prior to irradiation, 
the specimens were tested after irradiation only 
Pre-irradiation values of the electrical resistance 
were estimated for each metal by averaging the un- 
irradiated values of similar specimens and correct- 
ing for differences in diameter. The estimated values 
are considered accurate to +0.5 pet 

Tensile tests were conducted using equipment 
and procedures completely described elsewhere.’ 
Briefly, the tensile machine was screw loaded and 
had three ranges, 1,000, 4,000, and 10,000 Ib. Two 
extensometers were used consecutively. The first, 
an averaging model, was used for high magnifica- 
tion of the initial plastic extension, from 0.005 to 
0.010 in. The second, a non-averaging model, was 
used for low magnification of the remainder of the 
tensile test elongation. A typical composite load- 
elongation graph, as replotted from the original 
graph, is shown for specimen S-100 in Fig. 1. The 
0.2 pet yield point is located in the region measured 
with the high magnification gage and at the low 
strain rate of 0.005 in. per min. It can be seen in 
Fig. 1 that the portion of the curve measured with 
the second gage at the higher strain rate of 0.05 in 
per min lies above an extrapolation of the other 
curve, showing the relatively pronounced effect of 
train rate on this material 

The minimum diameter of each tensile specimen 
after fracture was measured, using an optical com- 
parator adapted for remote operation 
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Results 
Neutron Exposure Data—It would be extremely 


advantageous to know the neutron energy spectrum 


for each specimen position in these experiments 
ince, as will be discussed later, both the quantity 
and the energy of the neutrons are thought to be 


important factors in radiation damage. However, 


these data are extremely difficult, if at all possible, 
to obtain. In some few cases where these spectra 
have been measured,’ the results apply to the posi- 


tions of measurement and then only for particular 
Different reactor loadings, the age 
of control rods modify 
calculations or measurements 
only, and the inte- 
grated neutron exposures usually stated by experi- 
menters in this field are based on these. Sometimes 
fast fluxes are given as neutrons with energy greater 
than 0.1 or 1 mev, and these are obtained by multi- 
plying the thermal neutron flux by a factor which 


reactor loading 
of the fuel, and the position 
the spectrum. Most 
concern thermal neutron fluxe 


may or may not be applicable 

Estimated thermal neutron fluxes were available’ 
for the present experiments. However, these did not 
agree with the experimental results, as will be illus- 
trated with the aid of Fig. 2. In this figure the ob- 
properties of the copper 
function of specimen 
indicate that the 
occurred at a position 
approximately 8 in the center line 
The available thermal neutron flux measurements, 
upon which fluxes can be estimated for these experi- 
ments, show that the distribution is approximately 
about the horizontal centerline and 
that the peak flux occurs at a considerable distance 
from the maximum irradiation § effect 
Hence, there is either an error in the assumed posi- 
tion of the specimens or in the peak position of the 
flux. An analysis of the data on estimated 
thermal or fast neutron fluxes would be very mis- 
leading in this case 

In view of the uncertainties involved in specify- 
ing neutron fluxes, it has been decided for this 
analysis to shift the position of the ‘peak of the 
available thermal neutron spectrum to the experi- 
mentally observed peak in radiation effects. From 
this it is then possible to estimate the range of 
integrated neutron fluxes, nvt, to which each metal 
was exposed. For exposure data, see Table II. 
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Fig. 1—Typical load-elonga 


tron curve. 
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As shown in Table I], the thermal nvt for each 
metal varied by a factor of three. The exposure 
temperatures were estimated from examination of 
the temperature monitors and a knowledge of the 
coolant water temperature 

Measured Property Changes—A\!! of the test re- 
sults for both irradiated and unirradiated specimens 
have been summarized in Table III. Also included 
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changes in properties 
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for each specimen is the estimated position of the 
center of each specimen with respect to the hori- 
zontal reactor centerline. The general effects of 
neutron radiation have been to increase the elec- 
trical resistance and strength of the metals, and to 
reduce the ductility. All of the metals except tita- 
nium and cold-worked 347 stainless steel developed 


Table II. Irradiation Exposure Data 


Estimated Thermal 


Exposure n Exposure 
Time Tempera 
Metal See x 10° Min Max ture, “« 


a drop-in-load type of yield point due to the radia- 
tion. Molybdenum and some of the iron specimen 
had a drop-in-load type of yield point prior to 
irradiation 

Theoretical Considerations—In nuclear reactor 
the particles considered to be most damaging to 
metals are neutrons and fission fragments. The fi 
sion fragments are not a factor in the present exper 
ments and will not be considered here. The two 
major neutron effects are atom displacements as a 
result of elastic collisions, and transmutations as a 
result of neutron capture. Discussion follow 

Atom Displacement Jecause the neutron has no 
charge, it readily penetrates the electron cloud of 
the atom. In a resulting elastic collision, energy } 
transferred from the neutron to the struck or pri- 
mary atom If the primary atom poss¢ ( a large 
amount of energy relative to a displacement thre 
hold energy, it will move through the lattice and 


dissipate this energy first in ionization collision 

then in elastic displacement collisions with other 
atoms and, finally, in nondisplacement collision 
which produce lattice vibration The secondary 


truck atoms have an energy lower than that re- 
quired for ionization, and these dissipate energy in 
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additional elastic displacement collisions and lattice 
vibrations. The result of this process is a damaged 
lattice containing atoms displaced to interstitial 
positions and lattice vacancies. These are produced 
as interstitial-vacancy or I-V pairs, but are not 
necessarily closely coupled 

The interstitials and vacancies are mobile at tem- 
peratures above that of liquid helium and migrate 
to lower energy configurations.” Conceivably they 
annihilate each other and/or agglomerate, but the 
process is not understood. In addition, many of 
these 1-V pairs undoubtedly recombine shortly after 
they are formed by the mechanism of displacement 
spikes described by Brinkman.” Therefore, it is not 
possible to calculate the number of I-V pairs re 
maining in a metal after a given irradiation. How- 
ever, by selection of suitable models, it is possible 
to calculate the rate of formation as well as the total 
number of I-V pairs produced in a metal which is 
exposed to a known spectrum of neutrons 

Calculations have been made” previously,’ * but 
do not cover the present experimental conditions 
Hence, the calculations have been extended to cover 
reactor condition These are presented in the Ap- 
pendix. It suffices to state here that two models 
were selected for atom displacements. In one, the 
frictionless model, it is assumed that all successive 
collisions between atoms produce displacements. In 
the second, the friction model, it is assumed that 
half of the energy of each moving atom is dissipated 
in nondisplacement collisions before successful dis- 
placement collisions occur. It is thought that the 
results obtained by the use of these two models 
represent the two extremes of the situation, The 
results of the calculations will be discussed in a 
ubsequent section 

Transmutations: In collisions in which the neutron 
is captured, the nucleus is unstable and decays to 
ground state by emission of particles such as 


+500, 


+400} 


+300) 


77) 

4a 


+200) 


+100} 


BCC BHCP 


0 20 40 60 80 100 120 140 160 


(YS.),. 1000 PS! 


Fig. 4—Changes in yield strength as a function of pre-irra 
diation yield strength Exposure was between 22 and 26 
days in L 41 of the Materials Testing Reactor, Open circle 
represents copper; closed circle, nickel; open triangle, zir 
conium; closed triangle, titanium; open square, molybdenum; 
closed square, iron; open diamond, 34755, 58 pct reduction 
in area; and closed diamond, 34755, annealed 
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Table I11. Summary of Test Results 


High Purity Copper 


Reduc- 
Vield Strength, 1000 Psi Tensile Elonga- tion in 
Strength tion, Area, 

 pper Lower 0.2 Pet 1000 Psi Pet Pet 


c.40 l Unirradiated 8.9 $5.1 16.0 91.3 
©-74 l Unirradiated 10.0 $5.5 5.3 93.7 
c-5 | 52.1 6.0 44.7 “9 “9 25.8 83.4 
2.5 55.5 59 
c-14 0 5.9 74 
09 “4 7.6 
C17 3 5.9 55.9 12.0 52.0 19.4 89.7 
i 43 79 a5 9.34 53.5 
c-42 74 54.0 0.5 58.3 52.8 
11.2 7.7 90 
112 7.0 92 
14.5 5.4 8.0 
14.5 52 55.6 51.8 18 15.2 88.0 
High Parity Nickel 
N-ll 1 Unirradiated 10.8 
N.-15 1 Unirradiated 32 1.7 93.3 
1 Unirradiated 10.6 
N-71 3 Unirradiated 95 $2.0 53.7 80.0 
N-3 2 4 
N.12 1 474 12 
N-21 2 0 48.2 
N-25 2 01 15.6 2.4 
2 14 8 
N-43 I +5 61.5 2.5 
N-57 7.1 66.0 4.5 4.6 57.3 66.5 29 6 68.0 
N44 79 61.0 
N-69 3 10.5 oo 8 246 
N-58 1 11.3 63.2 9.1 5.0 
1 13.8 7.1 
N-79 146 32 
Titantam—Commercial Grade 754 
in Unirradiated 9.5 81.2 26.2 5.8 
ro Unirradiated 63.5 63.3 28.4 
r-2 ib 70 1.8 6.7 101.7 102.1 13.3 49.5 
T-28 in 6.3 11.5 68 
in 17 13.4 6.5 
r-23 10 42 69 
T-19 in 412 64 
425 76 106.9 107.6 13.3 44.6 
i iv 12.6 46 
T-18 in 42 w.4 68 
72 15.3 7.5 
i¢ 10.4 12.0 78 104.8 107.6 14.0 0.5 
127 4 


7-42 Unirradiated 

7-45 l Unirradiated 

7-82 16.2 45 
i 12.8 4 

7-55 206 5 
03 19.2 9 
7-46 ! 20 23.4 5.7 
7-28 22.7 6.1 
Z-37 1 75 22.4 6.4 
7-41 1 75 244 64 
2-22 246 64 
1 11.0 22.6 6.3 
747 1 22.6 5.3 
7-9 1 44 24.8 6.0 


16.6 16.3 41.5 19.6 43.7 


neutrons, and/or y rays. As a 


protons, « particle 
the original atoms 


Because 


result of such nuclear reaction 
become either isotopes or foreign atom 
of the relatively large amount of energy involved 
in the emission of the various particles by the un- 
ufficient recoil energy to 
There- 
fore, these nuclear reactions are an additional source 
of production 

Caiculations of both the foreign atom and the I-V 
pair production by neutron capture reactions are 
presented in the Appendix. It was found that the 
contribution of I-V pairs by this mechanism wa 
negligible as compared to the elastic-collision mecha- 
nism. The results pertaining to transmutations will 


table nucleu there 1 


displace the atom from its lattice position 


be discussed in the next section 

Comparison of Theory with Experiment—For com- 
here, the initial rates of forma- 
which are 


parative purpose 
tion of both 1-V pairs and foreign atom 
given in the Appendix, have been multiplied by the 
total exposure time to obtain the total number of 
defect The values shown in Table IV, ex- 
pressed as concentration of 1-V pairs, also equal the 
Because an- 


formed 


atomic percentages of displaced atoms 
nealing effects have been neglected, the calculated 
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values do not represent the number of permanent 
I-V pairs. Also shown in Table IV are the corres- 
ponding observed maximum changes in electrical 
resistivity and yield strength which were obtained 
from graphs of property change vs position similar 
to those shown in Fig. 2. These two properties were 
elected for comparison because they are probably 
the best measures made in this experiment of the 
defects present after irradiation 


As would be expected, the results in Table IV 
show that the total concentration of I-V pairs formed 
is considerably greater in the frictionle mode] 
than in the friction model. On the basis of the fric- 
tionle model, each atom was displaced more than 
twice. Hence, back diffusion is obviously a signifi- 
cant elfect if this model is correct 


The most surprising result is that for each model 
there is little difference in the concentration of I-V 
pairs among the various metals. Since, as shown in 
Table IV, the property changes were not equal in 
the metals studied here, it must be concluded that 
other factors are more important, such as the an- 
nealing of the defects or variations among metals 


in the property change produced by a given defect 
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4 
: 12.4 16.0 17.0 51.1 
12.9 6.1 15.8 48.8 
279 18.5 28.5 
12.0 38.0 25.7 2.1 
ir 
24 
A 


Table Ill. Summary of Test Results (Continued) 


Increase 
Distance in Elee 


Specimen Origi- from Reactor Increase trical Yield Strength, 1000 Psi Tensile Flenga- 
Designa nal Centerline in Hardness, Kesist- Strength, tien, 
tion Ingot In 0 Ke Bhn ivity, Pet Upper Lower 0.2 Pet 1000 Psi Pet 


High Purity Iren 


1-26 Unirradiated 90 6.3 709 
1-50 1A Unirradiated i3.4 60.0 
I-1 1.7 7.6 
1-67 1A ; 48 79 472 4.0 49.0 “a 90 6 
1-27 ; 0.3 36.0 8.7 
1-72 1 0 47.5 7.9 _ 
1-30 3 0 40 9.0 42 94 4 
1-76 1A 7 49.1 7.3 
1-79 1A 7.0 42.3 
1-39 2 77 39.7 9.1 
1-81 1A 10.3 411 7.5 
1-59 1 11.0 40.7 a4 
1-8 1A 13.7 42.1 
1-65 2 l4 17.6 6.5 19.7 1.0 40.6 
Moly bdenum—( ommercial Purity 
M-13 1 Unirradiated 102.5 100.8 457 724 
ited 93.8 04.8 417 65.0 


109.7 


22.7 1517 151.7 0 0.08 
23.4 
22 
22 
20.8 
Annealed S47 Stainless Steel 
S-2 Unirradiated 47.0 M41 774 
liated 47.7 08.0 54.0 76.7 
S-24 Unirradiated 16 oo 8 52.1 774 
8-37 64 42.3 42 101.8 K 113.2 47 46 
02 ay 1.8 104.0 101.0 113.0 33.9 73.4 
5-36 0 1.5 
“49 18 
S-41 48 15.4 19 
S-42 7.1 $6.1 1.6 102.5 1128 42 73.5 
S-4 8.1 1.9 
S-47 I 10.4 2 1.5 
S-46 4 A, 
7 Stainless Steel 4 Pet Cold Reduced in Area 
rradiated 
19 


194.0 


142.0 


calculated concentrations of foreign atoms, Fig. 3 shows graphs of the observed maximum 


The 


hown in Table IV, are so low for all metals that changes in properties from Table IV vs the melting 
this effect can be considered a negligible factor temperatures of the metals. There are no consistent 
except for copper. This possibility will be discussed relationships apparent between the melting tem 
in the next section perature and the increase in either electrical resi 
From these observations. it is concluded that tivity or yield strength. However, there are trend 
for the percentage change in these propertie It 


there is no direct correlation between the observed 
‘ — argos appears that, for all of the metals, the percentage of 


roperty changes and the calculated concentratior 
increase in yield strength is inversely related to the 


of either I-V pairs or foreign atom 


melting temperature, and the percentage of increase 


Empirical Relationships—Melting Temperature in electrical resistivity is directly related to the 
McReynolds et al.” have subjected samples of cop nelting temperature In the former relationship 
per and 25 aluminum to neutron irradiation at the points for nickel and titanium seem out of line 
liquid nitrogen temperature Subsequent anneal if the suggested relationship is real, The reasons for 
ing studi« howed that the radiation-produced in these possible deviations are not known. In the 
creaces in electrical resistivity and yield stre an graph showing melting temperature vs the percent 
nealed out completely at about —60°C for aluminum age of increase in electrical resistivity, the point for 
and at about 325°C for copper. Sherby et al.” have copper is higher than normal if the suggested rela 


hown that the activation energy for creep in metal tionship is real. Since the calculated value for the 
is directly related to both the activation energy for concentration of foreign atoms in copper was con 
self-diffusion and the melting temperature. These derably higher than for the other metals, it is po 

result uggest that the magnitude of radiation ible that these defects have caused the relatively 
damage to metals for a constant irradiation tem- large increase in electrical resistivity. To investigate 
perature may be greater in metals with higher his possibility, an irradiated copper specimen was 
melting temperatures annealed at 350°C. Measurements of yield strength 
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Reaue- 
tien In 
Area, 
Pet 
Ml f 0 
M-1 I 28 13.6 17.0 
M-64 1 0.2 28.5 
M-21 04 11.8 : 
M -45 1.2 31.3 227 
M-37 
4 
S-199 Unis liated 1610 20.4 618 
$-100 3.3 28.3 2.3 190.5 10.8 55.2 
S-106 26 28 1.1 
§-101 0 40.1 12 
8-107 3 0.7 ‘5.5 18 
S-102 a4 27.6 0.7 
5-108 40 i79 on 191.0 198 0 110 55.3 
S-1 3 7.5 41.2 17 
3-109 ; 7.5 26.0 19 
S-104 | 11.0 46 1.1 
$-110 3 11.0 28.2 2.2 
S-105 14.3 22 6 17 
S-111 14.3 28.3 1.7 177.8 i234 S74 
-. 
| 
~ : 
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Fig. 5—Changes in electrical resistivity as a function of the 
pre-irradiation value. Exposure was between 22 and 26 days 
in L.41 of the Materials Testing Reactor. Open circle repre 
sents copper; closed circle, nickel; open triangle, zirconium; 
closed triangle, titanium; open square, molybdenum; closed 
square, iron; open diamond, 34755, 58 pct reduction in 
area; and closed diamond, 3475S, annealed 
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Fig. 6—Metal property after irradiation vs original value 
Exposure was between 22 and 26 days in L-4) of the Mate 
rials Testing Reactor. Open circle represents copper; closed 
circle, nickel; open triangle, zirconium; closed triangle, tita 
nium; open square, molybdenum; closed square, iron; open 
diamond, 3475S, 58 pct reduction in area; and closed dia 
mond, 3475S, annealed 


and electrical resistivity made during the course of 
annealing showed that these properties decreased 
imultaneously. After an annealing time of 200 hr, 
approximately 85 pet of the total changes in both 
properties had been annealed out. As a result, the 
maximum percentage of increase in electrical resi 
tivity that can be assigned to foreign atoms pro 
duced in copper in this experiment is of the orde: 
of 1.75 pet. The remaining 7.45 pct increase must 
be assigned to displaced atoms 

In order to explain the radiation strengthening 
of metals and the relatively high activation energy 
(self-diffusion) to anneal out this strengthening 
effect, Kunz and Holden” have proposed a mode! 
for radiation damage. This consists of the agglom- 
eration of the dispersed interstitial atoms to cause 
hardening similar to precipitation hardening. They 
uggest that this model might be tested by com- 


paring the property changes produced by a low 
temperature irradiation with those after annealing 
the irradiated metal at higher temperatures. In the 
low temperature irradiated material there would 
be a relatively large increase in electrical resistivity 
and a small increase in strength because of the dis- 
persion of frozen-in I-V pairs. Upon annealing, a 
decrease might be observed in electrical resistivity 
and an increase in strength due to agglomeration of 
the interstitial atoms. The results of McReynolds 
et al. cited previously indicate that either: a) the 
interstitials formed in aluminum and copper agglom- 
erate even at liquid nitrogen temperature, b) the 
interstitials do not agglomerate, or c) the agglom- 
erates are no more effective in strengthening a metal 
than are the dispersed I[-V pairs 

The results shown in Fig. 3 can be used as a basis 
for an additional test of the existence of agglomerate 


Table 1V. Comparison Between Some Theoretical Neutron Effects and Some Observed Property Changes Due 


Theoretical Calceulations* 


Concentration of 1-V Pairs 
Atemic Pet? 
Porcign 
Friction Atem Con 
lens Priction centration 
Model Atomic Pet 


* Using assumed peak neutron for this reactor po 


Neglecting all annealing effects 


to Irradiation in a Lattice Position of the Materials Testing Reactor 


Experimental 


Increase in 
Flectrical Resistivity Increase in 
Vield Strength 
Microhm 
1000 Psi 


sition 
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— | 
80, 
| 4 
Be é 0 ‘ ‘ ‘ 7 J 
10 20 30 40 50 60 0 
Metal 
cu 216 0294 0.17 92 42.6 453 
ae A Ni 237 “1 005 024 1 46.6 435 
ri 24) “1 0 002 78 45.4 74 
224 68 0 002 29 64 23.7 1BR 
4 Fe 254 004 10 90 0.6 228 
Mo 212 46 0 004 14 22.8 


formations, if the melting temperature is a measure 
of the relative mobility of interstitial atoms and 
lattice vacancies at some lower temperature. In the 
metals with high melting temperatures the amount 
of agglomerate formation would be relatively low, 
and with annealing these metals should harden. To 
test this possibility an irradiated zirconium speci- 
men was pulse annealed for 2 hr at each of the fol- 
lowing temperatures: 250°, 300°, 365°, 425°, and 
450 C. No change in hardness was observed afte 
the 250°C anneal. With each anneal thereafter, the 
hardness decreased continuously 

The results are inconclusive with respect to ag- 
glomerates, and the influence of the melting tem 
perature of the metal on radiation damage is not 
clear 

Original Property Value: {t has been observed 
that the radiation damage to a given metal is greatet 
when the metal is initially in a fully annealed con- 
dition than when it is initially in a hardened condi- 
tion. This effect has been noted here for type 347 
stainless steel, Table HI. To study the possible ap- 
plication of this observation to metals in general, 
graphs of the original yield strength vs both the 
change and the percentage of change in yield strength 
have been made and are shown in Fig. 4. The fol- 
lowing observations can be made concerning these 
graphs 

1) The increase in yield trength for face- 
centered-cubic metals (copper, nickel, 347 stainless 
steel) is approximately constant 

2) The increase in yield strength for both body- 
centered-cubic and hexagonal metals (iron, molyb- 
denum, titanium, zirconium) varies directly with 
the original yield strength 

3) The percentage of increase in yield strength 
for all metals is inversely related to the original 
yield strength, and the relationship is approximately 
hyperbolic 

4) For values of original yield strength less than 
about 50,000 psi, the percentage increase in yield 
trength is greatest for the face-centered-cubi 
metal 

Fig. 5 show imilar graphs for electrical resi 
tivity changes, and the following observations can 
be made from these graph 

1) There is no general relationship which in- 
cludes all of the metals studied 

2) For face-centered-cubic metals the increase 
in electrical resistivity is linearly related to and the 
percentage of increase inversely related to the orig- 
inal resistivity 
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Fig. 7—€, and G vs E for beryllium, carbon, and iron, after 
Clark and Hurwitz 


3) For body-centered-cubic and hexagonal 
close-packed metals the relationships are approxi 
mately parallel to and larger in magnitude than 
those for the face-centered-cubic metals 

In comparing the results shown in Figs. 4 and 5, 
it can be seen that the changes in electrical resis 
tivity are greater for body-centered-cubic and 
hexagonal-close-packed metals than for the face- 
centered-cubic metals. In contrast, the changes in 
yield strength are generally greatest for the face 
centered-cubic metal Furthermore, for each of 
these two groups of metals, the changes are greatest 
for metals with the lowest original property value 

A further examination of the influence of the 
original property value on the radiation damage is 
hown in Fig. 6. The four graphs presented here 
how pre-irradiation values post-irradiation 
values for the following properties: yield strength, 
tensile strength, percentage of elongation, and elec- 
trical resistivity. The line drawn in each graph 
represents no change and is useful for comparative 


purposes. From these graphs an upper limit can be 
et on the changes in properties resulting from 
these neutron radiation exposure The potential 


usefulness of these curves is that all of the metals 
fall into a narrow band on each graph, with the 


exception of molybdenum. This metal showed 0 pet 


1-V Pairs by Elastic Seattering 
Atomic Pet per See x 


friction 
Friction lens 
Model Model 


Ni 294 
Ti He 
Zt ot 17 
Fe 2.51 114 


Table V. Computed Rates of Increase in Concentration of Lattice Defects Produced by Neutron Scattering 
in Position L-4] of the Materials Testing Reactor 


Neutron Capture Reactions 


Forcign Atomet 


Pairs by Reeotl 


Atomic Atomic 
Pet per Pet per 


0114 O.114 


Co, Cu, Fe, Mr 0 002% 0 108 
V. Ca, S« 0 0007 0 162 
Ch, Mo, Sr, ¥ 0.0016 0.007 
M o,Cr,V 0.0016 0 065 


0 0020 6 067 
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elongation in the tension test after irradiation, due are the crystal structure of the metal and the pre- 

to a shift in the ductile-to-brittle transition tem- irradiation value of the metal property being studied 

perature which has been described previously." The It is recognized that these observations cannot be 

deviation for molybdenum 1 ignificant in that considered conclusive in view of the relatively 
imilar effects of irradiation can be expected in limited data and the large number of factors to be 

metals which have ductile-to-brittle transition considered. However, these trends may prove to be 
The results of this analysis indicate that two of a useful guide for future experimental work 


the most influential factors governing the extent of 
radiation damage may be the crystal system of the 


Appendix 


metal, and the property values of the metal prior to Atom Displacements by Elastic Collisions—An 
irradiation equation relating the rate of increase in the number 
Summary of permanent I-V pairs is as follows 

Six metals and one alloy have been irradiated : , 
under approximately identical conditions to learn dN j o(E) nv(E) »(E) N dE~-f (N*,T) 
the magnitudes of the changes in various properties dt at 
The general effects of the irradiation on these metal [1] 
have been to increase the strength and the electrical where N* is the number of I-V pairs per cu cm (not 
resistivity and to decrease the ductility necessarily close pairs); t equals time; o(E) is the 

The theory of radiation damage to metals in it neutron scattering section as a function of neutron 
present state is incomplete, and there is a lack of energy, E; nv(E), the neutron flux, as a function of 
knowledge concerning many important factors, in- neutron energy, E: v(E), the number of progeny pet 
cluding: a) the kind of defects produced by irradia- primary struck atom as a function of neutron energy, 
tion, b) the annealing characteristics of the defect E: N, the number of undisplaced atoms per cu cm; 
and c) the effects of various kinds of defects on the and T, absolute temperature 
physical and mechanical properties of metals. There- The integral term of Eq. 1 represents the rate of 
fore, it is not possible to predict, theoretically, the production of both displaced atoms and I-V pairs, 
damage which will be produced in a given metal and the final term represents the rate of annealing 
when exposed at room temperature to reactor radia- of these. Now only the integral term of Eq. 1 will 
tions. It is possible, however, to evaluate the theory be evaluated to obtain values for the initial rate at 
in part. Therefore, the concentrations of several which I-V pairs are formed in the various experi- 
kinds of irradiation-produced defects, namely, I-V mental metals 
pairs and foreign atoms, have been calculated for Seitz’ ha hown that in treating the neutron- 
the six metal tudied experimentally, neglecting atom collisions with the classical hard-sphere model, 
annealing effect The results of these calculations the average energy received by the primary struck 
indicate that the /-V pairs are the predominating atom is 
defects produced. A comparison of the experi- 2M 

E,=E [2] 


mentally observed damage with the calculated de- 
fect concentrations shows that there is no correla- 


(1 M) 


where E is the energy of the incident neutron, and 


tion 
Probably the most important theoretical consid E, and M are the energy and mass of the primary 
eration which could not be evaluated in the calcu respectively 
lations is the diffusion of the defects to lower energy Values for N are readily calculated, and values 
tate To a rough approximation the diffusion rate for o...., as a function of neutron energy, E, have 
of these defects can be expected to be inversely been measured for most of the element Since 
related to the melting temperature of a metal A most of the I-V pairs are formed by neutrons of 
comparison of the observed damage with the melt- high energy, o,,,,, values are essentially the scatte! 
ing temperatures revealed some trends, but these ing cross sections, and these were used 
could not be conclusively interpreted as diffusion The function, nv(E), is not easily obtained, so for 
effect these calculations a neutron flux spectrum, repre 
On an empirical basis, several consistent trends sentative of that in the experimental facility, wa 
were found in the observed damage which indicate used. An error in the assumed magnitude of the 
that two factors which strongly influence the mag pectrum would produce results for all metals that 
nitude of the property changes due to irradiation would be in error by equal amount 
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The evaluation of v(E) is more difficult since it 
is first necessary to calculate the function, G(E), 
which is the amount of the total primary energy 
dissipated by elastic displacement collisions and 
lattice vibrations. It is then necessary to calculate 
the number of progeny per primary as a function olf 
(y 

Hurwitz and Clark have developed a method fo! 
evaluating G(E). Since this work has not been pub- 
lished previously, it is presented here. The calcula- 
tion can be made by the following procedure: Let 
e(E’) be the energy loss to ionization per unit path 
length of a struck atom of energy E’. Let C(E’) be 


the corresponding rate of energy loss to collision 


Then 


C(E’) 
[3] 
C(E’) e(E’) 


is the rate of energy loss to collisions divided by 
the total rate of energy lo The total energy lo 
to collisions while the recoil atom is being slowed 


from energy E, to zero is 


F(E iE 14] 
C\E)+e(£) 


If a neutron of energy, E, collides elastically with 
un atom in the lattice, the probability that the recoil 


itom has energy E, Is 


(M 1 
P(E,) 
4M 
4M 
for [5] 
(M 1) 


for E E [6] 


The average energy dissipated in elastic collision 
a neutron of 


by the primary as a result of a hit by 
energy E is therefore 


(M+1) 1 
G(E) F(E,) dk, [7] 


These functions were calculated by Hurwitz and 
Clark for beryllium, carbon, and iron using the fol- 
lowing equations for e(E’) and C(E’) presented by 
Seitz 
For low energy atom 


e(E') l2n N lle a Z [8] 
For intermediate energy atom 


108 Nvn 
e(kE ) [9] 
For high energy atoms 


e(E) (In 1.077) {10} 


The boundaries for the ranges of Eqs. 8 through 10 
are so chosen that e(E’) is sensibly continuou 
For all energies C(E’) is given by 


27 Ze N 
C(E’) In E’/E* {11] 
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Fig. 9—Log-log graphs of v vs G/E, for triction and friction 
less model, with equations expressing maximum, average, 
and minimum number of displaced atoms per primary 


where Z is the atomic number of moving atom “ 
the charge of electron: a,, 5.3x10° em; N,, the num 
ber of electrons per unit volume; n, 2 (for carbon 
beryllium, and iron); «, the energy of electron hav 
ing same velocity as the moving atom; «,, 14.4 ev for 
beryllium, 10 ev for carbon and iron; M, the ma 
of moving atom; E’, the energy of moving atom in 
ev: and E*, 0.005 ev for beryllium and carbon, and 
0.003 ev for iron 

The values for G(E) caleulated by Hurwitz and 
Clark for beryllium, carbon, and iron, together with 
the corresponding value for as calculated 
from Eq. 1 are shown in Fig. 7. For beryllium 
all of the primary energy is lost in displacement 
collision up to incident neutron energie of 
approximately 2x10° ev, above which the energy 
lost in ionization collisions increase The same 1 
true for carbon, except that the threshold energy 
for ionization is about 9x10° ev. For iron all the 


primary energy lost in displacement collisions in 


the range of incident neutron energies of concern 
On the basis of these results, a simplification can be 
made in the calculations by assuming that G(E) 
equals E, (E) for atoms of ma greater than 55 and 
for neutron energies | than 10 ev. This assump 
tion was applied in the calculations and extended to 
include titanium of mass 47.9. Errors due to these 
assumptions are considered insignificant 

The problem remaining, before the integral of 
Eq. 2 can be evaluated, is the determination of the 
number of progeny per primary as a function of G 
For this purpose two billiard ball models were s¢ 
lected for the slowing down of the primary atom 
after 1onization has ¢ entially ceased These have 
been called friction and frictionle models and are 


illustrated in Fig. 6 In the friction model it ha 


becn a imed that each moving atom lose half of 
its energy by some proce uch as low-angle colh 
ion before makin di placement collision iti 
Which the energy is shared equally between the two 
atom In the frictionle model, it has been a 

umed that no energy is lost between displacement 
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collisions, and that the energy is equally divided decays in approximately 10 ° to 10 ec to a ground 


between the two colliding atom tate by emission of one or more y rays, having en 
In both models, the number of displaced atom 


related to the threshold displacement be shown that the recoil energy of the nucleus by 


ergies varying from at least 0.2 to 86 mev It can 


per primary } 
energy E,. In Fig. 9 are log-log graphs of v vs G/E, y emission } 


for both models, together with equations expre » 
ing the maximum, average, and minimum number! E E M [15] 
of atoms displaced per primary. The step natures of 
each graph result from the stipulation that di where E, is the recoil energy of the atom, E, is the 
placements cease when the moving atoms have energy of the emitted y ray, m is the mass of the 
energies Ie than 2 E For purposes of the present electron, and M is the mi of the recoil atom. For 
calculations, the two equations for the average situ emitted y ray energies of 1. 2. 3, and 4 mev, the 
ations were selected, namely largest corresponding atomic masses which will re- 
Friction model ceive a recoil energy of 25 ev are 21, 86, 195, and 
/ G wind 347, respectively. Very little information is avail- 
. \ 2E. Lie] able concerning prompt y ray energies for the vari- 
Frictionle mode] ou nm-y reaction For purposes of an order-of- 
G magnitude calculation of the total number of 1-V 
’ 114] pairs produced by capture reactions, it has been as- 
E,\/2 umed that each n-y reaction produces one pal 
: The other capture reactions have been neglected 
These equations are similar in form to those given ; 
ince they are approximately several orders of mag- 


by Seitz, and by Neufeld and Snydet 
The integral of Eq. 1 was evaluated for the ex 


nitude lower. The results of the calculations are 
also shown in Table V 


perimental metals, using both collision models, a It j amen thet the rates of hich atoms are 
la a ‘ wn IS « 4 
value of 25 ev for E,, and an assumed neutron flux ‘ 

displaced by recoil are one to two orders of mag- 
pectrum level applicable to thi uivee tor po ition ! tud | I th I the ‘ di | ct j t el tic cat 
ae owe an a al- 

The results, expressed as the concentration of 1-V 1. 
Table Vt tering rherefore, the contribution of recoil dis- 
placements to the total number of displacments can 


gether with other data to be discussed in the next 


be considered negligible 


ection 
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Table Vi. Assumed Cross Sections for Neutron Capture Reactions 
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havior of the alloys was also studied. 


EARS of experience and research have shown 
that molybdenum, tungsten, and vanadium are 
among the most useful and effective elements in 
augmenting the high-temperature strength of heat 
treatable, ferritic steel Grun, for example, in con 
ducting an early survey of the strengthening effect 


teel 
found molyb 


annealed, low-carbon 
and 500°C), 
the most effective 

Holtmann comprehensively studied the strength- 
effects of and vanadium in 
quenched and tempered 930° F as a funce- 
content He 
aturation 


of various elements in 
at 750° and 930 F (400 
denum and vanadium to be 


molybdenum 

teels at 
tion of microstructure and 
trength to be related to the 
the 


ening 


carbon 
found creep 
ol the 
uch that 
the 

austenitization 
inability 


ut least for low 


austenitizing temperature 


until 


austenite at 
trength is increased by 
reached the 
yond thi 

will re 


alloying 
complete 
alloying, the 
trength 
creep temperature 

cost than 
ferritic high 
few investigation 


temperature strength 


loop 1 terminus of 
degree of 
to heat treat ult in lowe 
moderate 
higher 
used in 
ult, very 
high 
data on it 
rated tung 
molybdenum at 930° Ff 
However, 
effective a 


and 
owing to molybde 
little 
ture tee! As a re 
ide of it 
reliable 


Tungsten 


num, has been tempera 
been 
ability 

available 
than 
weight-percentage 
found that tun 
n raising the 
For this re 
ha 

tung 


have 
effectiven 
ten far Ie 
(500 C) 


ammann 


ening and 


are not Grun 


effective on a 


ha 


bdenum 


bas! 


ten Is a mol 


recrystallization temperature of iron 
Smith, in a the 
influence of 
th of steel 
addition 


must 


review of ubject 
the 


treng 


ason 
advocated a re-examination of 
ten on the high- 
tudy of the 
temperature 
the many 
controlled 


temperature 
effects of 
propertie 


In any alloying 
high 
be made of 
which 


innumerable 


of which are 


on recognition 


variable involved ome oft 
but have 
investigations of the 


difficult or even impo 


can be been ignored in 


pu t and ore 


ible to control 


One cannot, for example, a gna definite strength 
ening index to any one alloying element, for thi 
will be dependent upon the microstructure (heat 
treatment and mechanical treatment), testing con 
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Fig. |—-Tempered hardness of molybdenum alloys 
ditions (temperature, time, and stress), and the 
complete composition of the steel (accompanying 
alloying element impuritie etc.) 


rie 


variable 


water quenching the test specimen. The control of 
uch variable may not be possible in cases of 
widely varying compositions, but at least such de 
viations should be recognized 
Material and Procedure 
The alloys, made as 30-lb ingots in an induction 
furnace, all had the same base composition of about 


by A. E. Powers 


Effect of Mo, W, and V on the High Temperature 
Rupture Strength of Ferritic Steel 


A study was made of the effects of large amounts of molybdenum, tungsten, and 
vanadium and combinations of these alloying elements on the high-temperature rup 
ture strength of a 0.18 pct C, 0.85 pct Mn, 0.48 pct Si steel which was oil quenched from 
at least 2100 F and tempered to a hardness of 250 Brinell 
temperatures were considered. The results were correlated with the effectiveness of the 
alloying elements in the form of carbides and in solid solution. 


Both high and low testing 


The tempering be 


of 


0.18 pet C 


grouped a 


up to 1.4 pet V 
Mo W Group 
) 


up to 


Mo Group 


W Group 
V Group 
Mo 


T 


q 
rupture 


he 


Dat 


i! 


Group 


pet W 

teels, listed in Table I, were forged to % in 
and the material for the high-temperature 
te pecimen further waged to 

round bar 


pritmary 


One ever-appearing variable, hardne or tensile 

trength at room temperature, may be eliminated 
heat treating all of the alloys to a single hard J 

level. An attempt may be made to control the 


quenched structure by oil o1 


0.865 pet Mn, and 0.48 pet Si. They were 
follow 
Containing up to 5.2 pet Mo 
Containing up to 6 0 pet W 
Containing up to 3.3 pet V . 
Containing up to 2.7 pet Mo and 


Mo and 


Containing 


up to 2.5 pet 
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Fig. 2—Tempered hardness of tungsten alloys Fig. 3—Tempered hardness of vanadium alloys 


For the heat-treating tudy, the %-in 3q ing temperature for the tempering survey. For most 
bars were sliced into % in. thick pieces. Samples of of the alloys this optimum hardening temperature 
each steel were austenitized for 15 min at tempera- was 2100°F (1150°C); for some of the plain vana- 
tures ranging from 1700° to 2400°F (927° to 1315°C) dium teels, temperatures a high as 2300°F 
(1260°C) were required 
Table |. Composition of Alloys, Pet For the tempering survey, 18 pieces from each 

teel were oil quenched from the optimum harden- 
ing temperature and then individually tempered 
for 1 hr each at temperatures ranging from room 

Meo Group temperature to 1400 °F (760°C) 

The specimens for the high-temperature rupture 
tests were also hardened by oil quenching from the 

W Group optimum austenitizing temperature. The tempering 

treatments were chosen from the tempering data 
aa + : oo to give the same hardness of about 250 Brinell to 

V Group all of the alloys, where possible. The 3.3 pet V steel 

TV could not be austenitized, so its hardness was un- 
avoidably 138 Brinell 

In the presentation of the following high-temper- 

ature rupture data for the molybdenum, tungsten 

and vanadium alloys, smooth-bar rupture strength 

is plotted as a function of the time-temperature 

parameter, T(20+ log t). This is a convenience that 

is being used to enable direct and simple compari- 

sons of the high-temperature strengths of alloys for 

urvey investigations and quality control opera- 

in 100°F intervals, and then oil quenched. Brinell tion If it is desired, greater precision in plotting 

hardne readings and microstructural examination data and in predicting long-time properties may be 

revealed the progress of austenitization. From these obtained with more complex paramete! These 

data the austenitizing temperature yielding the however, contain two or more constants, which 

highest quench hardness was chosen as the harden- must be determined individually for each steel 


Alley 


Table Il. Heat Treatment of High-Temperature Rupture Bars 


15 Min Tempering Ferrite at Brinell 
Selution Treating Selution Austenite Hardness 
Temperature, °F Temperature, Pet Grain Site Before Test 


w 
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4, 
Alley 
19Mo 2100 1270 1 0 4'y 248 
14Mo 2100 1270 0 209 
19Mo 2100 1286 0 248 
+ 2100 1325 1 0 269 
20W 2100 1040 0 220 
ow 2100 1110 0 20 
40w 2100 1325 0 252 
2100 1325 0 252 
10V 2100 1202 269 
17V 2200 1202 0 269 
2200 1315 1 0 I 269 
2400 1315 0 24 
2200 1425 80 140 
2100 i2 0 1-5 262 
15Mo,10V 2100 2's 0 5 245 
1 7Moe Lav 2100 1325 0 245 
27Mo+14V 2100 1270 40 25 
10Mo,10W 2100 1310 0 4 260 
15Mo+145W 2100 1350 4 2% 
20M 2.0W 2100 1350 2% 0 4 264 
25Mo+25W 2100 132 ) 0 4a 2335 
TRANSACTIONS AIME 
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« 


ox 
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Fig. 4—Tempered hardness of Mo-V alloys 


Tempering Behavior—An important consideration 
in the study of high-temperature steels is the re- 
istance to tempering of such steels. The change 
in hardness upon tempering beyond maximum sec- 
ondary hardening is a reflection of the stability of 
the alloy carbides, i.e., those carbides making thei 
first appearance during maximum secondary hard- 
ening 

The tempering curves for the alloys, plotted as 
Brinell hardne vs the Hollomon and Jaffe temper- 
ing parameter, T(20+log t), are pre ented in Fig 
1 through 5 

In comparing the curves for the plain molyb- 
teels, Fig 1 and 2, it 
more 


denum and plain tungsten 
noticed that molybdenum produce 
econdary hardening than tungsten even 


will be 
prominent 
when compared on an atomic percentage basi 

It was noticed that the hardne of the 
after tempering well beyond maximum secondary 
before secondary hardening, 


alloy 


hardening, as well a 
eems to be dependent upon carbon content as well 
as alloy content Fig. 6, a plot of hardne after 
tempering at 1300 F for 10 hr vs carbon content, 
confirms this trend. Another observation is that the 
multiple-alloyed steels, Mo-V and Mo-W, tend to 
have a higher tempered hardne than the single- 
alloyed steels of Mo, W, and V. The exceptions are 
the 4 and 6 pct W steels, which have higher tem- 
than any of the other 
alloyed steels and values that are comparable to the 
multiple-alloyed steels. The 4 and 6 pct W steel 
an odd characteristic of not exhibit- 
hardening peak, but 
oftening at high tempera- 
ingle-alloyed steel 


pered hardne value ingle- 


ecm to posse 
ing a prominent secondary 
neverthels resisting 
tures exceedingly well for a 
High-Temperature Rupture Tests—-As described 
material for the high-temperature 
was oil quenched from temperature 


previously, the 


rupture test 
yielding the highest quenched 
ensure maximum austenitization and carbide solu 
tion and subsequently tempered to hardne value 
as close to 250 Brinell as possible Table II lists the 
heat treatments and the resulting austenitization, 


hardne in order to 


grain size, and final hardne 
The results of the: 
7 through 10, utilizing the time-temperature para 


ipture tests are plotted in Fig 
mete! 

A compilation to enable direct comparison of the 
Mo. W. and Mo-W alloys at parameter values of 
32.000, 36,000, and 39,000 given in Fig. 12. The 
trengths of the molybdenum alloys at high 


rupture 
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Fig. 5—Tempered hardness of Mo-W alloys 


parameter values increase steadily as molybdenum 
is added up to the limit of heat treatability, and 

that tungsten will strengthen to an equal 
The data, plotted on an atomic percentage 
molyb 


it appeal 
degre 

basi how tungsten to be just as capable a 
denum in imparting high-temperature strength to 
ferritic steel Whereas Colbeck and Rait found a 
trengthening advantage in adding molyb 


cree p 
than 


denum and tungsten in combination rathe 
ignificant interaction effect is in 
trengths of the Mo-W 


either alone,” no 
dicated by the rupture 
alloy 

The rupture strength 
of 32,000 for the three 
ignmificant 


at the low parametet value 
yroups of alloys in Fig. 12 
with composition 


how no Variation 


This can be expected since all alloys were heat 
treated to the same hardne 

To compare the Mo, V, and Mo-V alloys, a com 
pilation of the rupture strengths is given in Fig. 13 
At the high parameter value of 39,000, the rupture 
trengths of the increase rap 
idly with molybdenum content a 
fore, but that of the plain vanadium alloy 
unchanged from a vanadium content of 1.0 to 3.4 
pet. Since in both groups of alloys the molybdenum 
than 


molybdenum alloy 
pointed out be 


remain 


and vanadium are added in quantitle more 
ufficient to combine with the carbon present, a con 
alloying element will be 


olution. It appeal! 


iderable portion of the 
forced to enter into ferrite solid 
therefore, that molybdenum contribute 
able ferrite solid 
relatively ineffective in this respect 


olution strengthening, while va 


nadium 1 


Fig. 6—Hardness of 
alloys after temper 
ing at 1300°F for 
10 hr 
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Fig. 7—Rupture 
strength of 
molybdenum alloys 


Fig. 8—Rupture 
strength of 
tungsten alloys 


When the combination Mo-V alloys are examined 
in Fig. 13 and compared with the single-alloyed 
teels, an additional strengthening factor is noticed 
This is alloy interaction or the complexity effect 
joth the 1.5Mo-1.0V and the 1.7Mo-1.3V_ alloy 
have higher rupture strengths than any of the 
ingle-alloyed steels, even the 5.2Mo alloy. Since 
the 0.9 Mo-0.5V steel has a V:C ratio of less than 
4:1 it is probable that some benefit could be ob- 
tuined by raising the vanadium content to 1.0 pet or 
to correspond stoichiometrically to the vanadium 
carbide, VC 

The unfortunately low rupture strength of the 
2.7Mo-1.4V alloy at the parameter value of 39,000 is 
undoubtedly due to the severe catestrophic oxida- 
tion that occurred, which at 1300°F (704°C) 
caused the threads of the specimen to pull free be- 
fore fracture occurred in the gage length. The low 
trength of the 3.3V alloy at low parameter values 
can be attributed to its low heat-treated hardness 

This investigation, rather than attempting to de- 
ign commercially usable steels, had the aim of 
elucidating some of the principles of alloy design 
for high-temperature steels. Four general metal- 
lurgical factors are considered to affect the high- 
temperature strength of heat-treated ferritic steei 
They are 

1) Precipitation strengthening by carbides, ni- 
trides and, more rarely, intermetallic compounds 

2) Solid-solution strengthening of the ferrite 

3) Alloy interaction, whereby multiple alloying 
augment both precipitation strengthening and 
olid-solution strengthening to greater degrees than 
can be realized with single alloying 

4) Ferrite grain size 

Precipitation strengthening plays a predominent 
role at relatively low parameter values (low tem- 
peratures and short times), and loses significance at 
high parameter values. The alloys in this investi- 
gation, having been heat treated to a uniform hard- 


. 


ness level, would be expected to have similar rup- 
ture strengths at a parameter value of 32,000. Thi 
they do with the exception of the 3.3V steel, which 
is nonheat-treatable. The combination Mo-V steels 
consistently exhibit higher rupture strengths than 
the single-alloyed steels presumably because of the 
interaction factor 

At high parameter values, solid-solution strength- 
ening appears to assume major importance In thi 
respect molybdenum and tungsten are outstanding, 
while vanadium appears to be ineffective. The 
trengthening effect of molybdenum in simple Fe- 
Mo binaries has been demonstrated by Austin, 
St. John, and Lindsay’ and by Reiter and Hibbard 

The third factor, interaction in multiple alloying, 
is evident in the Mo-V alloys not only in the rup- 
ture tests, but also for the development of second- 
ary hardening and resistance to tempering. It i 
evident at both high and low parameter values in 
rupture testing 

Colbeck and Rait have found that the combina- 
tion of % pet Mo and % pet W produced greater 
creep strength than 1 pet Mo or 1 pet W alone.” 
While such an interaction effect in creep resistance 
may well be detected for molybdenum and tungsten, 
it was not clearly evident in the rupture tests of 
this investigation 

The fourth factor, ferrite grain size, was not de- 
liberately studied here. Nevertheless, there is little 
doubt that high-temperature strength is promoted 
at large grain size, particularly at high testing tem- 
peratures or parameter values 

Still another variable affecting high-temperature 
strength is the quenched structure. This variable 
has been held constant in this investigation, where 
possible, by oil quenching the small specimens 
Extensive work by German and French investi- 
gators” “ has shown bainite structures to have 
greater creep resistance than tempered martensite 
of equal hardness. This may possibly be due to the 
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Fig. 9-—Rupture 
strength of 
vonadium alloys 
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Fig. 10-—Rupture 
strength of Mo-V 
alloys 
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Fig. 11—Rupture 
strength of Mo-W 
alloys 


Fig. 12—Rupture 
strength of Mo, W, 
and Mo-W alloys 


coarser structure of the bainite. At relatively high 
testing temperatures of around 1200°F (650°C) and 
tructure usually proves to be 
probably due 


higher, an annealed 
uperior to any other thi 
to the large ferrite grain size 
Most investigations dealing with the variable of 
quenched structure have not provided sufficient 
control over heat-treated hardness with the result 
that tests at low temperatures of 700° to 900°F 
(370° to 480 C) reveal the hardest structure as be- 
ing the strongest in creep regardless of the quenched 
tructure. A detailed analysis of the effect of 
quenched structure on high-temperature strength 
may possibly reveal the observed behavior to be a 


composite result of precipitation strengthening a 
room-temperature hardne and of 
mallest in 


indicated by 
ferrite grain size, the 
tempered martensites and increasing in size as the 


grain size being 


cooling rate decrease 
In summary, the metallurgical factors governing 
trength may be broadly consid- 
originally listed: 1) pre- 
reflected by room-tem- 


trengthening 


high-temperature 
ered as the four factor 
trengthening a 
perature hardne 2) solid-solution 
3) alloy interaction, by which factors 1 and 2 will 
be modified, and 4) ferrite grain size 


cipitation 


Conclusions 

1) Molybdenum and tungsten confer appreciable 
solid-solution strengthening at high-temperatures 
and as a result may be added advantageously up to 
at least the limit of complete austenitization. On 
the other 
least, impart 
through the medium of it 


hand, vanadium, when added alone at 
high-temperature strength principally 
carbide and yields no 


ox 


*N 
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Fig. 13—Rupture strength of Mo-V alloys at time-tempera 
ture parameter values of 32,000, 36,000, and 39,000 
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additional strengthening when added in excess of 
that required to combine totally with the carbon 

2) When considered on an atomic percentage 
basis, tungsten appears to be as effective as molyb 
denum in increasing the high-temperature strength 
of ferritic steel 

3) An alloy interaction effect is observed both 
in tempering behavior and in high-temperature 
trength when molybdenum and vanadium 
are added in combination; thus, a 1.5 Mo-1.0 V steel 
possesses greater rupture strength than is possible 
to attain in a 5.2 Mo steel or a 3.3 V steel. A distinet 
not evident in the high- 


rupture 


alloy interaction effect wa 
temperature rupture tests of the combination molyb- 
denum plus tungsten alloy 
4) High-tempe rature 
has been considered as a function of the four factors 
a) precipitation strengthening, b) solid solution 
trengthening, c) alloy interaction, and d) ferrite 


trength of ferritic steels 


size 
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Structural Changes During the Aging in An 
Al-Mg-Zn Alloy 


The structural changes during age hardening were investigated in a high purity aluminum alloy 
containing 6 pct Zn and 2 pct Mg by means of X-ray diffraction and dilatometry. It was found that 


when aging at low temperatures (up to 200°C) the precipitate which formed was MgZn.; above 
300°C, (AlZn),,.Mg,.; at intermediate temperatures both phases formed. The precipitation at low 
temperatures started with the formation of Guinier-Preston zones in the (111) planes, followed by 
the formation of a transition lattice very similar to MgZn. but with a = 4.96 and c = 8.68; this 
was replaced eventually by MgZn.. The dilatometric work confirmed the X-ray results; the length 
changes determined experimentally coincided with the changes calculated for the foregoing trans- 


formations. 


ANY investigations are reported in the litera- 
ture on the age hardening of Al-Mg-Zn alloy 
but most of them are concerned mainly with me- 
chanical property changes. The present investiga- 
tion was started to determine the structural change 
in an AlIMgZn alloy 
The alloy composition was chosen in the existing 
phase diagram’ so as to le on the quasi-binary sec- 
tion Al-(AIZn).Meg Actually, it was found that 
the diagram as published was inexact at the lower 
temperatures and that the phase in equilibrium with 
aluminum at the lower temperatures is not the 


ternary compound 
Technique 


The alloy used for the investigation was prepared 
from high purity materials and the resulting com 
position as determined by chemical and spectro 
graphic analysis wa Zn, 6.17 pet; Mg, 2.13 pet; 
Cu, 0.03 pet; Si, 0.009 pet; Fe, 0.005 pet; and the 
remainder, aluminum 

An ingot %-in. thick was cast, homogenized, hot 
and cold-rolled to strip 0.064-in. thick for dilato- 
metric and powder work, and to foil 0.005-1n. thick 
for single crystal work. Solution treatment tempera 
ture for all specimens was 475° *5°C for periods of 
at least | hr, either in air furnaces or lead bath 
Aving was done in oil or Pb-Bi baths controlled to 
within *3°C. The aging was investigated at the 
following temperature room (30°), 130°, 200 
260°, and 300°C 

For the dilatometri tudy, the length change 
were measured continuously, at temperature, using 
trips of alloy 10 in. long, shaped as channels to 
eliminate undesirable deflection due to bending. To 
compensate for thermal expansion and contraction 
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by L. F. Mondolfo, N. A. Gjostein, and D. W. Levinson 


due to the variations in the temperature of the aging 
baths, the dilatometers were built of the same alloy 
as the one being tested, with the same shape and 
ize, but with material fully annealed. Gages on 
which 0.0005 in. could be read and 0.0001 in. esti- 
mated were used to measure the dilation. Length 
changes were also measured at room temperature 
Strips approximately 10 in. long were solution- 
treated, quenched, and measured in a supermicrome- 
ter in which 0.0001 in. could be read and 0.00001 in 
estimated. The specimens were immediately aged 
for a given time, remeasured, and then the cycle 
was repeated, including the solution treatment. The 
error of measurement with this technique was some- 
what larger, but the results confirmed those obtained 
by continuous measurements 

The sheet used for the dilatometric work wa 
checked to determine grain orientation. Both X-ray 
and etching methods revealed a rather coarse grain 
ize but only a negligible amount of preferred 
orientation. Thus, volume changes calculated from 
length changes are not invalidated by preferential 
orientation effects. Pieces of the sheet used for the 
dilatometric work were also used for the metal- 
lographic work 

Filings for the powder X-ray study were pro- 
duced from a homogenized piece of sheet. These 
filings were magnetically purged of iron, screened 
to 200 mesh, sealed in a Pyrex tube containing an 
argon atmosphere, and solution-treated When 
quenching, the glass tube was broken, so that the 
powder dropped directly into cold water. After dry- 
ing with alcohol, the powder was sealed into capil- 
lary tubes containing an argon atmosphere and then 
aged for the required time In spite of all these 
precautions the three strongest lines of a(Al,.O,) 
appeared in all patterns, and were used as internal 
tandard By the use of these standards, accurate 
corrections for film shrinkage were obtained. For 
the back reflection patterns, annealed nickel powder 
was mixed with the specimen to act as internal 
tandard 

A preliminary investigation was made in small 
(57.3 mm diam) powder cameras. From these pat- 
terns the changes which took place in the solid- 
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a 
=? 


solution lattice and the 
were determined. The 
(114.6 mm diam) 
determination of the structure of the 
and the patterns for the 
determination of the lattice parameter of the solid 
and after the 
For the single crystal work, large 
made from foil 0.005 in. thick by the 
method. Several different combinations of 
and annealing temperatures 
used, most of which 
large for the work (2 to 3 mm diam) 
tals differently tigated, none of 
which was removed from the surrounding material 
For the powder patterns, filtered copper radiation 
and exposure times from 1 to 20 hr, depending on 
the size and type of camera, were used; for the Laue 
wolfram radiation and exposure times from 
the Geisler-Hill” type pattern 
and exposure 


type of precipitate forming 
patterns from a larger camera 
were used for the more accurate 
precipitates, 
accurate 


back reflection 


solution before change 

grains were 
strain-anneal 
strain 
techniques were 
vielded crystals sufficiently 
Several crys- 


and 


oriented were inve 


patterns, 
5 to 20 hr, and for 
unfiltered 
48 hr were generally employed 


copper radiation times of 


Results 


In Table I are collected the d values 
pet Imen 


than 


aged at 


greatel 
2A which appear in the powder 
different temperatures. Also tabulated are the spac- 
ings of the terminal solid solution of 
a(Al,O,) MgZn, MgZn., (AlZn),.Mg 
of spacings are shown for MgZn, 
from the pattern of an alloy of MgZn composition, 
homogenized at 300°C, the other calculated for the 
hexagonal-close-packed lattice with: a 5.33 and 
c 8.58 In the case of (AlZn),.Mg MgZn 
the experimental calculated values were in 


aluminum, 
and Two set 


one determined 


and 
and 
agreement and only one set of data is reported 

As can be seen, the phase that precipitates at 
200°C or below is MgZn., and the one at 300°C 1 
(AlZn),.Mg,.; at 260°C both phases precipitate to- 
gether 

The pacings for the phase precipitating at low 
temperatures are not constant, but Although 
mall, there to be a continuou 


aging progresse 


Vary 
the change | eem 


hift of the 


pacing a 


Table Il. Changes of Lattice Parameters of Precipitate During 


Aging at 200°C 


ir ir ir ir ir 


The relative intensity of the lines does not seem 

to change appreciably from the first to the last pat 
that indicates that the phases present at all 

tirne are basically the same, that 1 he 

of the MgZn, type. The lattice 

calculated from all the line are collected 

in Table II. It to be remembered that these 


are calculated which are very 


tern 
xagonal 
tructure paramete! 
available 
para 
from line 
and thus the 


times que 


mete! 
weak and often fuzz accuracy of even 


he second decimal ts at tionable 
The first lattice 
(0001) 
(111) plane 1 matrix, thus making 


The 


to be formed has interatomic di 


tances in the that correspond to those 


of the cohe! 
ency of the twe radual change 
of spacings co 


gradual char 
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MeZ7n 
Calculated 


2 
N 
< 
é 
N 
= 


d Values Greater than 2A for Powder Specimens Aged at Different Temperatures and Spacings of Terminal Solid Solution of Aluminum, «(Al.O.), MgZn, 


Table | 


Experi 
mental 
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Fig. |—Laue pattern of AlIMgZn single crystal with [100] parallel to beam. a) Aged 6 days at 30°C; b) aged 9 hr at 130°C; 
©) aged 98 hr at 130°C; d) aged 6 hr at 200°C; &) aged 100 hr at 200°C; f) aged | hr at 300°C 


Fig. 2—Stereographic 
projection of streaks 
on Laue patterns of 
AIMgZn crystal; A) 
aged at 130°C; B) 
aged at 300°C 
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two lattices, one with lattice parameters as the lat 
tice at the beginning, and one with the final para 
mete! The intermediate would then 
result 


paramete! 
from a gradual change of the respective 
amounts of the two phases. The change of dimen 
ions from the beginning to the end is of the same 
found in other alloy 


replaced by the equilibrium 


order of magnitude as | when 
the transition phase | 
one. From the foregoing data, it is apparent that a 
transition lattice is formed with lattice parametet 
a 1.96 and c 8.68, which eventually is replaced 
by MgZn, with parameters a 5.15.c 8.48 

Laue patterns of as-quenched crystals and of 
crystal iged at room temperature (40 () for time 
were not appreciably different. A 
typical pattern of this type is shown in Fig. la. A 
on of Fig. la with a Laue pattern of pure 
howed that most of the streak 
accounted for by thermal vibration of the atom 
Part of the broad cro 


however, wa 


up to 550 hi 


compari 
aluminum could be 
in the center of the pattern 
caused by aging, as can be en b 
la and le 
The sequence of events for aging at 
200°C is shown in Figs. Ib, lec, ld, and le 
aging times (le than 4 hr at 130°C and 20 min at 
200 C) the patterns were similar to Fig. la, except 


comparing Fig 


that the streaks overlapped because they were more 
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d f 
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4 


harpen 
intensity 
200 C very 


Witt 
reur pbecam 
vidence ol 


] ‘ 


) 
in Fi are well developed 
‘the meth- 


‘ 


een trom 


Fig. 3—Laue patterns for an AlMgZn crystal aged 9 hr at 
130°C. Unfiltered copper radiation except as indicated 
{O11) vertical, {100} making the angle with the beam as 
follows: a) 126°, b) 143°, c) 143° with nickel filter, d) 
174°, e) 18.1°, 19.4%, g) 23° 


precipitation does not occur on [111] matrix plane 
at 300 C; there are not enough streaks to determine 
the habit plane 
matrix planes on which precipitation | 
when the 
300°C indicates that the precipitate has a different 
tructure at 300°C. This fact confirms the powder 
pattern result namel that (AlZn),Me. and not 
MegZn, is the precipitate at 300°C 

Using the method of Geisler and Hill” for deter 
mining the directions of relrods* in a_ relplot 


at this temperature. The change of 
occurring 
aging temperature is raised from 200° to 


er nm dance hat introduced b 
Hard ind He 

eri of pattern Wi taken of a crystal aged for 
9 hr at 130°C. The crystal w 
the [001] as a vertical axis, as | 
but about the [011]. Diffuse scattering was observed 


as not rotated about 


commonly done 


about (020), (002), and (111) relpoint Fig. 3 
hows the reflections which occur when the reflee 

tion spheres for CuKe and Kf intersect the relrod 
that pass through the (111) relpoint 
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a b 
bad 
| 
c d 
4 
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. 
» 
4 
9 
diffuse Longer aging time resulted in : 
In of the treak and then an increase 7 
at certain points alon he treak At 2 
diffuse pots appeared on the streaks after 2 hr of 
agin (Fk ld) r aping the pot 
harpened and the st ele intense: how : 
evel there till « ne treaking after 
100 hr of aging (Fis | 
Since the trean 
they were plotted stel 
od of Barrett and Geisler It can be 
Fig. 2A that the trea} follow great circle which 4 
pa through the [111] poles of the matrix. Thu 
the 11] plane of the matrix probabl are the 
habit plane of the precipitate Fig. 2B show that 
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already spheroidized (Fig. 5b). Occasionally pre- 
4 cipitation along preferred planes could be seen (Fig 
5d), but since these planes were identified a lip 
, planes, it was assumed that some plastic deforma- 
tion had caused it 
ae ty In Fig. 6 are shown the results of the dilatometric 
; wo work at 200°C. The dots and circles represent the 
readings from two continuous runs at temperature; 
: the crosses and squares, the points measured at 
F room temperature. As can be seen, there is a de- 
crease of length for the first 10 hr or so, followed 
by a leveling-off for some 100 hr, and then by an 
increase which ends after 1000 hr. Above the length 
, y » changes, the lattice parameter changes are reported 
with an arrow pointing to the approximate time at 
Wig. apace plate which the lines of the intermediate phase start to 
appear. Similar results were obtained at 130°C 
# rhe relrods determined by the foregoing method Fie 7) and room temperature (Fig. 8) but the 
are shown in Fig. 4 passing through the (111) times investigated (4,000 and 40,000 hr, respec- 
and (020) relpoints. One relrod, passing through tively) were not sufficient to obtain the complete 
the (111) relpoint in a [111] direction, was accu- transformation, as obtained at 200°C. In Table III 
S rately determined; the dashed-in relrods were too are collected the values for volume and length 
hort to position accurately, and were assumed to changes corresponding to the various transforma- 
le along «111 directions, in accordance with the tions calculated on the assumption that 5 pct of the 
evidence from the Laue patterns. In addition to the alloy transforms to precipitate and 95 pct to equi- 
relrods detected by the Geisler-Hill method, those librium solid solution 
that were responsible for the streaks in the Laue From the calculations, it appears that the forma- 
patterns are also shown in Fig. 4 tion of the transition phase and the change of lattice 
Figs. 5a, b, ¢ and d show some of the microstruc parameter of the solid solution from the super- 
tures found in the alloy. It is interesting to note aturated to the equilibrium condition produce a 
oe that precipitation starts not only at the grain bound decrease of volume, the change of the precipitate 
; aries (Fig. 5a) but also at the subboundaries (Fig from transition to final lattice corresponds to an 
5c and d). Attempts to reveal a Widmanstaetten expansion, and the total change is a contraction 
x3 pattern which could give some clue as to the orien of the same size as the experimental change 
Ay tation of the precipitate were unsuccessful. Many The fact that only less than one half of the calcu- 
é. combinations of aging times and temperatures were lated contraction takes place indicates that the trans- 
fa tried but either the precipitate was too small to be formations of the precipitate do not follow each 
resolved even at the higher magnifications, or it wa other but are to a large extent superimposed. This 
‘ 
ae 
+) Fig. 5—Microstructures at dif 
> 4 Ae ¥ ferent aging times; a) 6 hr at 
200°C, Keller's etch, X1000; 
Q b b) 48 he at 200°C, Keller's 
etch, X1000; c) 48 hr at 130°C, 
Keller's etch, X500; d) 100 hr 
at 200°C, Keller's etch, X75 
Reduced approximately 10 pct 
for reproduction 
d 
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Table Ill. Volume and Length Changes Corresponding to Transformations 


Volume 
Lattice* Cell 


Pet of Alley Total I. Calea 
Transforming V 


Atoms in Volume 
tnit Cell per Atem 


Expert 


Pet lated, Pet mental, Pet 


also checks with the X-ray evidence of the gradual 
hift of paramete1 


Discussion of Results 
From the experimental work reported, it Is evi 

dent that at temperatures below 200°C the last 

stage of aging can be described by the proce 

(MgZn.) (MgZn.) 

Since the MgZn, precipitate lies on the (111) plane 

of the matrix and has a hexagonal structure, the 

orientation relationship should be 


(111),, (0001) 
[110,, // 1120 


To confirm this relationship, some of the MgZn 
Laue spots in Fig. le were plotted on a stereographi 
projection, and compared with the rotated standard 
projection of MgZn.. From Fig. 9 it can be seen that 
the Laue spots of the precipitate can be successfully 
identified and given indexe 

The early stages of aging have been shown to 
give rise to non-Bragg diffraction effects, and have 
hown that such effects result from relrods passing 
through the matrix relpoints in 11] direction 
If the reason for the presence of relrods in the rel 
plot were known, it would be possible to clearly 
describe the structural changes occurring before the 
formation of (MgZn.) transition phase. It has been 
pointed out,” however, that the methods used in thi 
investigation are not sufficiently ensitive to di 
tinguish between various interpretations of non 
Bragg diffraction effects that have appeared in the 
literature Although this fact must be borne in 
mind, it is evident that the structural changes occu! 
ring during aging in thi ystem are similar to those 
in the Al-Ag system Hence it is probable that 
relrods are caused by one, or by a combination, of 
the following factor 1) segregations of magnesium 
and zinc atoms on the (111) planes of the matr:x 
2) stacking faults in (111) planes of the matrix, and 
3) thin platelets of (MgZn.,) lying in the (111) 
planes of the matrix 

Actually if the atomic movements are considered 
which lead from the solid solution to the precipitate 
it appears that all three factors must be considered 
In Fig. 10 are shown the probable atomic move 


ments corresponding to the transformation from 
olid solution to final precipitate. If this picture | 
correct, precipitation would start where tacking 
faults exist in the solid solution (Fig. 10B). Segre 
gation of maqne im and nce atom would take 


place on the stacking fault ince somewhat bette 
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46) 


200°C 


) 
o% 
. 
A. 


minum that it replace 


atoms cannot 
re forced upward or downward from them until 


Fig. 6—Lattice parameter and length changes at 200°C 
TOP: lattice parameter in A. The arrow indicates the time 
at which the first lines of the precipitate appear in the 
powder patterns BOTTOM: length changes in 1/10,000 in 
per in 
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Fig. 7—Lattice parameter and length changes at 130°C 


could result Because the atomic diameter of 


magnesium (3.19A) is larger than that of the alu 


(2.86A), the magnesium 
fit in the bottom and top planes and 
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Fig. &—Lattice parameter and length changes at 30°C 
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Fig. 9—Orientation 44 
of precipitate in re 
spect to matrix 
Open symbols: ma 
trix poles; dots: cal od} 
culated positions for 
MgZn., poles; Qin 
crosses experimental ‘°' 
poles of precipitate 
from Fig. 3e. The S2 
ABCD indexes refer 
respectively to the a 


MgZn. crystals in 
the (111), (111), 
(111) and (111) 

matrix planes 


100 
4) O 
e ‘ 
: 
2. 53 
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O 
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) 
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Fig. 10-—Probable atomic movements during the precipitation of MgZn. from aluminum. a) Solid solution drawn with the (111) 
axis as vertical axis. b) Stacking fault resulting in an ABA planar sequence. c) Shift of atoms to form the transition lattice. d) 
The equilibrium lattice of MgZn, (only one half of the lattice is shown) 


the closest distance between those atoms (2.92A) is 
ufficient to accommodate the magnesium atoms in 
contact with the zine atoms. The rearrangement of 
the zine atoms and their smaller diameter (2.66A) 
tends to bring the outer planes toward the center 
one and a shrinkage in the (111) direction take: 
place. By the time these changes have taken place, 
the segregations may affect several atomic thick- 
nesses, and platelets of precipitate are formed (Fig 
10C). For clarity, in Fig. 10, these steps have been 
hown as separate ones, but in all probability they 
take place more or less at the same time 

These structural changes take place when the 
transforming material is at least to some extent 
coherent with the surrounding matrix. Thus, the 
forces which bond the precipitate to the matrix shift 
the equilibrium positions of the atoms somewhat 
and the transition lattice results. Only when the 
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coherency between precipitate and matrix is lost 
can the final equilibrium be reached (Fig. 10D) 


Conclusions 

1) The equilibrium diagram for Al-Mg-Zn alloy 
hould be corrected so that for alloys containing 
6 pet Zn and 2 pet Mg the phase in equilibrium with 
aluminum is the ternary (AlZn),Mg, above 300°C, 
MgZn, below 200°C, and in the range from 200° to 
300°C 1 
minum, MgZn., and the ternary compound 

2) The precipitation of MgZn, from the solid 
olution starts with formation of Guinier-Preston 
zones in the [111] plane followed by the formation 
of a transition phase hexagonal with atomic di 
similar to MgZn, but with lattice 
parameters a 4.96 and « 8.68, which eventually 

replaced by MgZn 


a three-phase equilibrium between alu- 


tribution very 
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Creep of High Purity Aluminum 


by H. I-Lieh Huang, O. D. Sherby, and J. E. Dorn 


ECENT investigations' have suggested that the 

total plastic strain, «, for high temperature creep 
under a given stress can be correlated by mean: 
temperature-compensated time, te where t is 
the duration of test, e is the base of natural log 
arithms, SH is the activation energy for creep, R i 
the gas constant, and T is the absolute temperature 
A typical set of data on which thi 


ota 


deduction was 


based is given in Fig. la. Inasmuch as the e-lIn t 
curves for the various temperatures are identical 
except for their displacement along the In t axi 


flint (T)] constant [1] 


where f and ¥ are appropriate functions. If the in- 
crease in creep rate with an increase in temperature 
is exclusively ascribable to a single proce involy 


AH 
RT 


hould equal 


ing thermal activation, ¥(T) 


and therefore 
SH 
‘ f Int 
RT 


where @ we A 
hip “ “, at 


| 


constant [2] 


uming the validity of this re- 


lation the same strain, or 


a“ 


t.e t.e for « constant [3] 
the 


condition 


ubscripts refer to two alternate test 


where 
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Activation Energy for High Temperature 


Fig 


‘| 


Fig. |b—Creep curve for high purity aluminum at a constant 
stress of 3000 psi 


la—Creep curves for high purity aluminum at a con 
stant stress of 3000 psi 


wore 


wit 
ste 
4 ” 5 A 
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Fig. 2a——Typical creep curve for pure aluminum under cyclic 


temperature condition 


Fig 2b—Creep rate true creep strain curves for use in the 
evaluation of H for pure aluminum, deduced trom Fig 2a 
above 


3 to the data recorded in Fig 
about 34,000 cal per mol, in- 
dependent of the strain. Replotting these data in 
accordance with the suggestions of Eq. 2 gives Fig 
lb. The coincidence of the creep curves for the 
various temperatures of test confirm the validity of 
Kq. 2. Extensive investigations have further re- 
vealed that AH is insensitive to the applied stre 

as well as to the total creep * grain size,’ and 
tructural modifications attending 
ing. In fact the activation energy for creep of the 
metallic elements at high temperatures was found 
to agree well with their activation energy for self 
where sufficient 


Application of Eq 
la reveals that AH i 


train, 
evere cold work 


diffusion in nine out of ten cases 
data were available for comparison 

The fact that the creep rate changes 
isothermal creep test re- 
during the 


during the 
course of a constant stre 
veals that the 
course of creep. Such changes in 


tructure is changing 
tructure have been 
hown to depend not only on the strain but also 
Special technique 


to a prescribed 


uniquely on the applied stre 

of precreeping under a given stre 

were employed 
These tests 

tructure 


strain and then decreasing the stre 
to elucidate the stress law for creep 
revealed that for a given precrept 


[4a] 


and 


Sa Be 1.5 [4b] 


where ¢ is the creep rate, and S’, S” 
creep constants. For initially annealed metals, the 
coefficient, B, was obtained independent 
stress and strain 


tre 


of the 
Furthermore, B was found to be independent of the 
In fact only the 


precreep conditions of 


tructure factor 


test temperature 
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B, and n are 


observed to change during the course of 


» Wa 
creep of initially annealed material 

The insensitivity of SH to the stre and strain 
and the insensitivity of B to the absolute tempera- 


elf-consistent observa- 
not enter the 


ture of test are internally 
tions; they reveal that the stre dot 

term for the free energy of activation. This conclu- 
ion, however, is contradictory to the principal tenet 
of the two most widely-quoted theories for creep, 
namely, theories of the Becker-Orowan typt and 
theories of the Kauzmann-Dushman-Seitz type 
Either these theories are invalid or the experimental 
observations have been misinterpreted. In view of 
the rather indirect method that was previously 
adopted for determining the activation energy for 
ome doubt might yet persist as to whethe1 
activation en- 


creep, 
it might not represent some fictitiou 
considered advisable to 


ergy. Consequently, it wa 
redetermine the sensitivity of the activation energy 
for creep at high temperatures to stre and strain 


by means of a new and unambiguous procedure, 
rejecting the previously quoted 


for creep at high temperature 


before completely 
theoretical model 


Experimental Techniques 


Rolled sheet of high purity aluminum, identified 
in Table I, was used for this investigation because 
of the extensive data now available 
of SH equal to about 34,000 cal per mol for this ma- 
terial by the «-@ type of analysi All specimen 
in the rolling 


giving a value 


were prepared with their tensile axe 
ection of the specimens wa 


Loga- 


direction. The gage 
0.100 in. thick, 1 in. long, and 0.25 in. wide 
rithmic or true strains were calculated from exten- 
ions obtained by means of calibrated rack and 
pinion type extensometet which were sensitive to 


about 0.0002 in 


Table |. High Purity Aluminum Test Material* 
Chemical Analysis 
Wt Pet Mean 
Annealing (rain 
te fe si Me Treatment Diam, Mm 
0 001 0 001 0 001 0 00) 10 mi t 
f wed b r co 0 
* Material and spectrochemical analyse ipplied by courte 


um Co. of America 


having 
lever 


Creep testing was conducted in machine 
pecially contoured Andrade-Chalmers type 
arms that served to maintain the stress constant 
throughout the course of creep up to the point at 
which local plastic deformation occurred. All tests 
were terminated just before such local necking took 
Each machine was provided with a calibrated 
proving ring in series with the 
evaluation of the load on the 
Knowing the extension and 
could be calculated at any 
did not vary 


place 
pecimen to pe rmit 


pecimen during the 
entire course of creep 
the load, the true stres 
stage of the process. The actual stre: 
by more than 1 pct during any one creep test 


conducted with the specimens com- 


Creep wa 
pletely immersed in constant temperature 


oil baths controlled with mercury thermoregulator 


ilheone 


witche In general, the steady-state temperature 
did not vary by more than *+0.1 C from the average 
value 

Assuming that high temperature creep is con- 
trolled by a single thermal activation proce the 
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* 
at 
| 
4 
j ‘ 
the i 
om 
iF, 
p =. - 


Fig. 3—Energy of activation for 
creep of pure aluminum as a 
function of creep strain 


principal effect of temperature on the creep rate 


should be given by the relation hip 
[5] 


where all other variables are con- 
affecting 


under condition 
tant, and where AH includes all factors 
the free energy of activation excepting the entropy 
of activation. The coefficient of the exponential term 
hould be 


tre and 


under conditions of constant 


If, then, during the course of 


constant 
tructure 
creep, the temperature can be changed rapidly from 
T, to T, without introducing any structural changes, 
the creep rates immediately before and immediately 
following the temperature change should be related 
by the equation 


[6] 


By means of thi activation energy 


4H can be determined by the most direct and unam- 


equation the 


biguous technique available. This technique has the 
additional advantage over the «-#@ method of the 
activation energy being obtained from a single 
pecimen 

In order to effect the required abrupt change in 
, differing in tem 


During the 


temperature, two silicone oil bath 
about 20 C, were used 
course of creep testing one bath wa 
moved and the rapidly placed into posi- 
tion. Alternating the constant temperature bath 
was continued throughout the entire course of creep 
testing A 

transient wa 


perature by 
quickly re- 


econd wa 


hown in Fig 2a and 2b, no 
encountered when the test tempera- 
training wa 
noticed upon increasing There- 
fore, the creep rate immediately following a change 
not affected by transients or by 
tructure It must therefore be 


puriou 


ture was decreased, and no immediate 
the test temperature 


in temperature wa 
abrupt change in 
ascribed exclusively to the new temperature 

Creep rates were determined by graphical diffe 
entiation of the curves, such as that shown in Fig 
2a. Following this the creep rate was plotted as a 
function of the total strain «, as shown in Fig. 2b 
Thermocouples fastened securely to the 
men revealed that the 

teady-state temperature after about 2 to 3 min 


test peci- 
pecimen reached the new 
Consequently, the observed creep rates following a 
change in temperature were extrapolated over thi 
to deter 
mine the creep rate for the new temperature the 
instant the changed. The 
of SH were then calculated from the known tem- 


interval of transient temperature in order 


temperature wa value 
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peratures and corresponding strain rates by means 
of Eq. 6 
Experimental Results 
As shown in Fig. 3, a total of 63 activation en 
were determined during the course of ten 
from 580 psi 
from 


ergie 
creep tests covering a range of stress¢ 


itrain 


to 3540 psi and covering a range of 
about 0.01 to 0.40 sy this new and more direct 
technique, the activation energy for creep of high 


purity aluminum was again found to be constant 
insensitive to stre and strain. The mean activation 
$2,200 cal per mol, and the standard 
deviation only 1,770 cal per mol. The agreement 
with the activation energy of about 34,000 cal per 


in vd 


enerey Wa 


mol obtained by e-#@ correlations | 


Discussion 
The rate of any phenomenon involving a sequence 
of reactions is determined by the slowest rate proc 
‘ in that If the 
postulated by the 
theory, were the lowest proce the activation en 


generation of disloca 
sjecker-Orowan type of 


equence 
tion 
ergy should have been sensitive to both stress and 
However, the activation energy is very in 
high 
temperature creep is not controlled by the thermal 


Becker 


train 


ensitive to these variable Consequently, 


veneration of dislocations as conceived by 
and Orowan 

If the high temperature creep rate were controlled 
by thermal activation of dislocations over free en 
ergy barrier 
in their ship plane, the 
hould be valid. However, such theori 
insist that the stre 
Furthermore, 
type of theorw uggest that the 


that impede the motion of dislocation 
Kauzmann type of theory 
invariably 
enters the free energy of acti 

these 
height 
change as a function of creep 


vation term elaboration of 
barrie! 
and their geometry 
train. Such theories are also inconsistent with the 
experimental facts and must, therefore, be di 
carded. Thi uggests that high temperature creep 
does not take place by a proce of thermal activa 
tion of dislocations past free energy barriers in thei 
lip plane 


New and better theori need to be formulated to 


account for high creep. A’ promising 
theory 
was postulated by 
version of thi 
that 1 tre 
A uggested in previo 
activation energy for a unit climb proce hould be 
that for self-diffusion, and should be insensitive to 
the applied st: In this theory, the effect of stre 


temperature 
InvolVINg a dislocation climb proce 

Mott Unfortunately, Mott’ 
proce involves an activation energy 
dependent, and therefore unacceptable 


report however, the 
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on the creep rate is ascribed to the increasing num- 
ber of Frank-Read source participating in the 
generation of dislocations as the applied stress is in 
creased. The effect of structure, visualized in terms 
of groups of piled up and climbing dislocations, can 
be introduced into the analysis in a general statis- 
tical way. For the most part, this dislocation climb 
theory for high temperature creep is in good agree- 
ment with the experimental results given here 


Conclusions 

1) The activation energy for the high tempera- 
ture creep of high purity aluminum was evaluated 
by a new technique involving rapid changes of tem- 
perature 

2) The activation energy was found to be 32,200* 
1,770 cal per mol, insensitive to the stre over the 
range of approximately 580 to 3,500 psi and insensi- 
tive to the strain up to strains of as high as 40 pet 

3) Both the Jecker-Orowan and Kauzmann- 
Dushman-Seitz type of creep theories are incons! 
tent with the present experimental observations 

4) It appears as if high temperature creep arise 
from a dislocation climb proce 
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by F. C. Holden, H. R. Ogden, and R. |. Jaffee 


Mechanical properties of the Ti-Mo alloys are dominated by the quantity and 
composition of 4 phase present in the microstructure. Extensive «-// annealing 
treatments are required to reach equilibrium at lower annealing temperatures 
ductile { phase can be formed on quenching, although high hardness values are 
obtained by aging at 400 C. The formation of strain-induced martensite in re 
tained /{ over the composition range of 8 to 16 pct Mo results in low yield-to 
ultimate strength ratios, high uniform elongation, and high resistance to impact. 


lar study made on Ti-Mo alloys a 
8-isomorphous alloy system 


Experimental Procedures 


Alloy ‘2-\b 


pared from iodide titanium and high purity molyb- 


denum stock. The ingots were 
water-cooled copper crucible unde 
phere, Each ingot was melted at le 


homogeneity and complete solution of the molyb- 
denum. This was done by inverting the ingot in the 


crucible and remelting completely 


nanical Properties 


Soft, 


ast twice to Insure 


an example of a 


ingot were pre- 


arc melted in a 


ran argon atmo 
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y 


Fig. 1—Microstructure of a Ti-0.53 pct Mo alloy, annealed 


16 hr at 725°C, furnace cooled to 650°C, held 64 hr, and 
quenched. X500. Enlarged approximately 10 pct for repro 
duction 


After forging at 1600°F to % in. diam rounds, the 
ingots were mechanically descaled and vacuum an- 
nealed 6 hr at 1600°F. Although hydrogen analyse 
were not made, results from similar treatments in- 
dicate that the residual hydrogen should be 25 ppm 
or le The rods finally were swaged at 1400°F to 
‘4 in. diam. The nominal and analyzed composition 
for the six alloys are given in Table I 

Heat Treatments—After mechanical descaling, the 
‘4 in. diam rod stock was cut into test specimen 
blanks for heat treatment. A protective atmosphere 
was provided by encapsulating the specimens in 
Vycor under a partial pressure of argon. After heat 
treatment, the Vycor capsules were broken quickly 
ind the quenched into water. This pro- 
cedure has been found suitable for a rapid quench 
without contamination other than a surface dis- 
coloration 

Mechanical Testing—Tensile properties were ob- 
tained from specimens having a '%& in. diam reduced 


pecimen 


were made on 


ection and a % in. gage length. Test: 
Baldwin-Southwark universal testing machines at a 
peed of 0.005 in. per min. Strain: 


head 


uniform cro 


Fig. 2—Effect of 
composition on 
r mechanical proper 
ties of Ti-Mo clloys 
quenched from the 
i field Closed 
: circles refer to the 
* present investiga 
tion; open circles, 
Craighead et al.” 


om om ane 


True Stream, wen 


Fig. 3—Effect of composition on stress-strain curves of / 
quenched Ti-Mo alloys. Curves are drawn to limit of uniform 
elongation 
from type A-7 SR-4 resistance 
train gages and a lever-type extensometer 
Notch-bend impact tests were made on micro- 
impact test specimens, using a Tinius Olsen testing 
machine at an impact velocity of 11.37 ft per sec 
Details of the test specimens and testing procedures 
have been described previously." 


were measured 


Table |. Nominal and Analyzed Compositions of Ti-Mo Alloys 


Alloy Composition, Wt Pet (Balance Ti) 


Analyzed 

Alley Nominal 

No Molybdenum Molybdenum Nitrogen 
rM-54 0.53 
™ 47 0010 
TM-44 79 0010 
120 11.7 0.015 
™M-50 16.0 156 ool 
25.0 24.5 0010 

Metallography—Specimens for metallographic 


study were cut from the shoulders of tensile-test 
specimens with an abrasive cut-off wheel, and were 
mounted in a cold-setting plastic. The specimens 
were mechanically finishing on a slow 
wheel with Linde B, and etched with a 1% pet 
HF-3'2 pet HNO,-95 pet H,O solution. If a test 
specimen showed 
site, its longitudinal cro 


polished, 


train transformation to marten- 
ection was examined 


Thermal History and Microstructure 
The B/a 8 phase boundary, as determined in 
this work, is in close agreement with that presented 
by others.” The phase boundary for the Ti-11.7 pet 
Mo alloy is close to the fabrication temperature of 
1400 F (760°C). Thus, the alloys containing le 

than 11.7 pet Mo were fabricated in the a-f field 
whereas those containing more than 11.7 pet Mo 
were fabricated in the £# field. The total reduction 
(from %q in. to % in. diam) was about 89 pet. De- 
spite this, the microstructure of the Ti-7.9 pet Mo al- 
loy shows d , instead of a 
completely equiaxed a-f structure. This may have 


tinct traces of prior f grain 


been the result of an unexpects d temperature gradi- 


ent in the furnace used in heating the alloys during 
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ing. The # phase retained on quenching is relatively 
oft, indicating that little or no w is formed during 
the quench 


Table 11. Mechanical Properties of a Ti-0.53 Pct Mo Alloy 


The mechanical properties of B-quenched Ti-Mo 
alloys are shown in Fig. 2. The hardne tensile 
strength, and yield strength are increased with in- 
creasing composition up to about 5 pet Mo, with a 
corresponding drop in ductility and impact resis- 

ig 4—Section through shoulder of a tensile-test Specimen tance The Cc property change corre pond to an 
showing formation of strain-induced martensite. Ti-11.7 pct increasing concentration of molybdenum in the a 
Mo alloy, quenched trom 775°C to a retained-/ structure 


X25. Reduced approximately 30 pct for reproduction (martensite) structure. As the composition 1s In- 


creased to 7.9 pet Mo, a considerable drop in yield 
strength is observed, accompanied by an increase in 
ductility and impact resistance. There undoubtedly 
is a significant quantity of 8 phase retained in this 
nealing temperatures were chosen so that in each — 
specimen. Strain transformation of this phase to 
case the composition of one of the alloys was close 

7" martensite accounts for its low yield strength and 
to the # transu hus, at each annealing tempera- 
ture, specimens were available with different 


fabrication. The # annealing temperatures were 
elected slightly above the # transus. The a-f an- 


increased ductility 
nt ‘Bo Ultimate strengths remain nearly constant from 
j ig one a fh specimen 1 mechanical proper alloy content until, in the Ti-24.5 pet Mo alloy, there 
ties of the terminal «a phase were determined from a ; 
T n° am is very little spread between yield and ultimate 
ri-0.53 pet Mo alloy. This composition actually is 
strength. Ductility and impact resistance are de- 
lightly higher than the a solubility limit, so that ; , 
creased as the alloy content of the £f alloys is in- 
mall quantities of # were present in these speci- r 


: creased, except that a maximum reduction in area 
mens. A typical microstructure is shown in Fig. 1 : P 


” ome value was found at 15.6 pet Mo 
rhe mechanical properties given in Table II were ons 
The mechanical properties of the f-quenched 
taken as representative of the molybdenum-satur- on . 
Ti-Mo alloys may be summarized as follows 
ated solid solution 
on 1) The martensite formed on quenching in- 
Mechanical property data on the binary Ti-Mo ; 
. creases in strength and hardness with alloy content, 
alloys have been presented by DeLazaro et al. The 


with a corresponding loss of ductility and impact 
structures were developed in their work by isother- dies pon gZ 10 ; I 


mal transformations from to In the present resistance 
: 2) The M, at room temperature les between 7.9 


study, the specimens were quenched from anneal- and 11.7 pet Mo: the M, at room temperature prob- 
ing temperatures in the a-f or field, so that the 
ably is close to 4.7 pet Mo 
microstructures are quite different from those pre- 3) The Bis retained in specimens containing 11.7 
a Se pet or more molybdenum. Tensile strengths and 
#-Quenched Alloys hardness value are nearly constant from 11.7 to 24.5 
Specimens that contain 7.9 pet or less molybde- pet Mo. The quenched @£ is soft, indicating that ow 
num transform at least partially to martensite when phase is not formed during the quench 
quenched from the f field. Those containing 11.7 pet 4) The 8 phase containing 15.6 pct or less molyb- 
or more molybdenum retain the 8 phase on quench- denum is mechanically unstable and transforms to 


Fig. 5—Impact specimen fractures of 
a (quenched Ti-11.7 pet Mo alloy 
a, LEFT, tested oat 196°C; energy 
absorbed, 15 in.-Ib. b, RIGHT, tested 
at 200°C; energy absorbed, 134 in 

Ib. X10. Reduced approximately 5 
pct for reproduction 
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z 
¢ 
LP Heat treatment Annealed 16 hr at 725°C, fur 
: a! > sce cooled to 650°C, held 64 
‘ Ultimate ter strength, psi 55.000 
my 6.2 pet offset yield strength, psi 44,000 
i 
= 
4 
‘ in ¥ 
‘ 
+ 


4 
aa x x 
Testing ‘enperotwe 

bor 


| 
so} 


Tesnng Temperotve 


Fig. 6—Effect of testing temperature on the impact be 
havior of Ti-Mo alloys quenched from the ( field 


martensite under strain. The 8 phase in this com- 
position range is characterized by low initial flow 
stress (yield strength), high ductility (particularly 
uniform elongation), and high impact resistance 


Mechanical Instability of the 4 Phase 


The effects of alloy content on the stress-strain 
curves of 8-quenched Ti-Mo alloys are shown in 
Fig. 3. The curve for the Ti-11.7 pet Mo alloy, in 
particular, is distinguished by its high uniform 
elongation, comparable with that for unalloyed 
titanium. Because £8 alloys that are mechanically 
stable generally have rather poor uniform elonga- 
tion, this behavior appeared worthy of further study 
The macrostructure of a section through the tensile 
pecimen, shown in Fig. 4, revealed that, during 
straining, the 8 phase had transformed to a’. This 
strain-induced transformation has been observed 
previously in a number of titanium alloys, and data 
relating to the transformation in a Ti-11 pet Mo alloy 
have been published by Weinig and Machlin 


sverctung Tempe ature 


Fig. 7—Effect of quenching temperature on mechanical prop 
erties of Ti-4.7 pct Mo, Ti-7.9 pet Mo, Ti-11.7 pet Mo, and 
Ti-15.6 pct Mo alloys 


furnace cooled 
held 64 hours, and quenched 


Molyodenu 


Fig. 8—Properties of Ti-Mo alloys annealed at 650°C 


Fig. 9—Microstructures of a Ti-47 pet Mo alloy quenched from 725°C. a, LEFT, Annealed 16 hr at 725°C and quenched. X500 
b, RIGHT, Annealed | hr at 900°C, furnace cooled to 800°C, held | hr, furnace cooled to 725°C, held 16 hr, and quenched 


X250 Enlarged approximately 10 pct for reproduction 
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sor 3 one ay 
LT 
con! 
‘ * 3 A ~ 


Fig. 10-—Effect of 
aging time at 400°C 
on hardness of Ti-Mo 


alloys quenched from 
the field. Data 
ua for Ti-13.1 pet Mo 
and Ti-20 pet Mo 
som alloy from Craig 
or ; head et al.’ 


The combination of high uniform elongation and 
low initial flow stre (yield strength) also appear 
in the Ti-15.6 pet Mo and the Ti-7.9 pet Mo alloys 
The strain transformation was not observed for the 
Ti-24.5 pet Mo alloy. Thus, the formation of strain 
induced martensite occurs for # phase containing a 
iow as 7.9 and as high as 15.6 pet Mo 

The strain transformation also has a major in 
fluence on notch-bend impact properti« The three 
train-transforming alloy how pronounced tran 
ition behavior, with the transition temperature be- 
low —40°C. The notch-bend impact energy absorp 
tion above the transition temperature is comparable 
with that for unalloyed titanium and is much higher 
than that for nonstrain-transforming f alloys. The 
quantity of # transformed to martensite increase 
with the amount of energy absorbed, a hown in 
Fig. 5. Notch-bend impact transition curves for the 
f-quenched alloys are presented in Fig. 6 

For the Ti-15.6 pet Mo alloy, it was observed that 
an increase in testing temperature above the transi 
tion temperature lowered the impact energy ab- 
sorbed, Examination of the microstructure howed 
that the volume of metal showing transformation 
was high, but that the fraction transforming de- 
creased with an increase in temperature above the 
transition. This observation is in agreement with 
the work of Patel and Cohen,” where the application 
of uniaxial tension or compression was found to in- 
crease the temperature of martensite formation 
Thus, the decrease in absorbed energy at highe: 
temperatures corresponds to a smaller amount of 
free energy change and a smaller amount of tran 
formation. Below the transition temperature, the 
tension sides of the impact specimens apparently 
have reached the fracture str« before significant 
amounts of martensite were found; some transfor- 
mation occurred in the compression side before 
fracture 

The Alloys 

It was found during preliminary tests that the 
Ti-Mo alloys require extensive annealing treatment 
in the a-f field to reach a minimum streneth condi- 
tion, which was taken as equilibrium. The basis for 
this criterion is that a phase is much softer than 4 
phase in the Ti-Mo system, and that strength will 
decrease continually as long as massive a phase 1 
rejected, Heat treatments were designed to provide 
specimens with the same a-f equilibration treat- 
ment, but with treatments initiated both in the a-f8 
and # fields. These treatments were only partially 
uccessful, in that a true comparison between equi 
axed and transformed a-f§ structures was possible 
only for the Ti-4.7 pet Mo alloy 

Effects of a-f8 Ratio—The effect of quenching 
temperature on the tensile properties of four Ti-Mo 
alloys is shown in Fig. 7 

The effects of a-f8 ratio, and particularly the in 
fluence of the 8 phase, on mechanical properties may 
be observed in these curves. For the Ti-4.7 pet Mo 
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alloy, the tensile strength is increased with anneal- 
ing temperature; this corresponds to an increase in 
the amount of # phase in the microstructure. Thi 
increase in strength is primarily an effect of a-f 
ratio since, over the composition range of the equilib- 
rium # phase, no appreciable change in tensile 
trength was observed. The low yield strength and 
high impact resistance found for the specimen 
quenched from 810°C can also be associated with 
the influence of the 8 phase. At this temperature, the 
equilibrium # contains about 7 pet Mo and, thus, is 
mechanically unstable. Specimens quenched from 
650 C transform to martensite, with higher strength 
and lower impact resistance 

The other alloys behave in a similar manner. At 
low annealing temperatures, the tensile strengths of 
the Ti-7.9 pet Mo and Ti-11.7 pet Mo alloy speci- 
mens are increased slightly with an increase in an- 
nealing temperature. At higher temperatures, where 
mechanically unstable # is present, yield strength 
drop abruptly and toughness is increased. The same 
effects are observed for the Ti-15.6 pet Mo alloy 

The properties of the Ti-Mo alloys, annealed and 
quenched from the a-f field, are dominated by the 
properties of the 8 phase. Where the composition of 
the # phase in the two-phase alloy is within the 
composition range for mechanical instability, the 
propeities of the a-f alloy reflect this instability 


Table tll. Comparison of Mechanical Properties of a Ti-4.7 Pct Mo 


Alloy 
Heat treatment Annealed 16 hr at Annealed 1 hr at 
725°C and quenched 900 *¢ furnace 
cooled to 800°C 
held 1 hr, furnace 
cooled to 
held 16 hr ind 
que hed 
Microstructure Equiaxed a@ grains in Coarse a plates in a 
apf matrix matrix tr 
formatior truc 
ture 
Vir 204 201 
Ultimate tensile 
trength, psi 77,000 72.000 
O2 m offset yield 
trength, psi 63,000 42,000 
Reducti« n area 
pet 71 54 
Elongation, pet in % 
in 4) 23 
Uniform gation 
pet ue train at 
max ul oad 17 8 


The effects of strain-induced martensite are not ob- 
erved when the annealing treatment is carried out 
at a temperature low enough so that the £ is stable 
This was done by annealing at 650°C, with the re- 
ultant properties as shown in Fig. 8. Between 4.7 
and 7.9 pet Mo, the matrix changes from a to 8, 
with a considerable change in mechanical properties 
Thus, the Ti-4.7 pet Mo alloy tends to have proper- 
tie imilar to those of the a matrix, whereas the 
alloys containing 7.9 pet or more molybdenum have 
properties similar to those of the 8 matrix 

Effects of a-8 Grain Shape—A direct comparison 
of the equiaxed and transformed a-f structures can 
be made for the Ti-4.7 pet Mo alloy. The two micro- 
tructures are shown in Fig. 9. A comparison of 
mechanical properties is given in Table III 

These data show that, although the specimen with 
the transformed structure was somewhat softer and 
le trong than that with the equiaxed structure, it 
also had lower ductility. This is attributed to the 
grain shape effect, which has been observed pre- 
viously in similar cases 

The differences in tensile strength and, in par- 
ticular, yield strength for the two types of heat 
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treatment become more pronounced as the alloy The hardnesses of the quenched specimens were all 


content is increased. In the Ti-7.9 pet Mo alloy, for nearly the same. The increase with aging was great- 
example, the yield strength for the specimen an- est for the alloys containing 11.7 to 15.6 pet Mo. The 
nealed in the a-8 field was 40,000 psi above that for Ti-7.9 pet Mo alloy (which quenched to a marten- 
the specimen cooled from the £8 field. These differ- ite plus 8 structure) showed a lesser response to 
ences in strength are thought to be a result of differ- aging, and the Ti-24.5 pct Mo alloy, still less. As the 
ences in the rate at which a phase is rejected from molybdenum content is increased from 11.7 to 15.6 
8. The rate of equilibration in the Ti-Mo alloys, as pet, the peak in the hardne curve occurs at longer 
indicated by attainment of minimum strength, is aging time This indicates that the 8 phase be-, 
relatively sluggish in comparison with other alloy comes more stable as the alloy content is increased 


systems (Ti-Mn, for example). The rate at which 
equilibrium is attained at a given temperature in the 
a-8 field appears to be increased when a tran 

formed, rather than an equiaxed, a-f structure is 
present. This suggests that the specimens annealed 
in the a-f field (16 hr at 725°C) did not reach the 
equilibrium between the a and # phases that wa 
intended so that, actually, the alloy in the equiaxed 
condition probably had more £ in it than it had in 
the acicular condition. Alternatively, it is possible 
that the degree of equilibrium was the same and 
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The Martensitic Transformation in the 


lron-Nickel System 


The martensite-start temperature (M.) on cooling and the austenite-start tempera- 
ture (A.) on heating in the iron-nickel system have been determined between 9.5 and 
33.2 atomic pct nickel. By considering the « and + phases to be regular solid solutions, 
it is shown that T., the temperature at which AF © =0, lies approximately halfway 
between M. and A,. This relationship has been corroborated by a study of the effect of 
plastic deformation on M. and A.. 


by Larry Kaufman and Morris Cohen 


HE solid phase equilibria’ and the martensitic been the subject of considerable study. In addition 
transformation in the iron-nickel system” have there have been numerous investigations on the 
calorimetric and thermodynamic properties of iron 
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ary 1956 compass the equilibrium and non-equilibrium phase 
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Fig. M..A, diagram, determined by resistance meas. 
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phase boundaries of the equilibrium diagram 
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Fig. 2—-Diagram for 29.3 atomic pct nickel, rate 5°C per min 
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transformations. The potential value of this ap- 
proach is three-fold. It should yield a more complete 
picture of the iron-nickel phase diagram. In addi- 
tion, it should result in a better description of the 
martensitic reactions (y~ @) which occur in iron- 
nickel alloys. Finally, it might provide a method by 
which the martensitic transformation could be uti- 
lized to give thermodynamic information at low 
temperatures where diffusion processes become in- 
operative 


Experimental Determination of the M.-A, Diagram 

The a/a+y and a+y/y equilibrium phase 
boundaries determined by Owen and Liu’ are shown 
in Fig. 1. The sluggishness of the diffusion-con- 
trolled reactions by which equilibrium is attained 
makes it impractical to determine these boundaries 
below 300°C (573°K). The extension of the a/a + y 
boundary in Fig. 1 is the result of the calculations 
to be discussed later 

The M,-A, diagram is also shown in Fig. 1. The 
y =.’ transformations on cooling and heating in- 
dicated by the M, and A, lines occur without change 
in composition 

In order to determine the M,-A, diagram, thir- 
teen iron-nickel alloys were prepared from high- 
purity electrolytic iron and electrolytic nickel. The 
alloys were vacuum melted, suction-cast into rod- 
shaped ingots 0.18 in. diam, and swaged in four 
steps into 0.062-in. wire suitable for electrical re- 
sistance measurements. The ingots were annealed 
at 1200°C in vacuum for one week prior to swaging 
Subsequently, the rods were annealed for 24 hr 
at 1100°C after each swaging step. An average 
grain diameter of 0.1 mm was developed by this 
procedure 

Resistance-temperature curves were obtained for 
each alloy at a cooling or heating rate of 5°C per 
min in order to determine the M, and A, tempera- 
tures. At least six specimens of each alloy were run 
in these experiments, and the values of M, and A, 
were found to be reproducible within +10°C 


Table |. Values of M, and A, Obtained by Resistance- Temperature 
Measurements on lron-Nickel Alloys* 


(65 to 75%) 


(65%) 


the temperature at which the »--a@’ reaction ceases on 
cooling. A, is the temperature at which the a’ reac 
plete on heating. Percentages tabulated in the M,; column indicate 
the approximate quantity of martensite formed on cooling the alloy 
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Fig. 3——Composite resistance-temperature curves for iron 
nickel alloys obtained on cooling. Rate 5°C per min 
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Table I presents the A, and M, temperatures ob- 
tained in this investigation. Fig. 2 shows a cooling 
and heating curve for the 29.3 atomic pct nickel 
alloy, while Figs. 3 and 4 are composite resistance- 
temperature curves for all the alloys 

Holding of austenitic specimens at temperatures 
slightly above M, does not result in the isothermal 
formation of martensite. Correspondingly, holding 
of martensitic specimens at temperatures slightly 
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below A, does not cause the isothermal reversal of 
martensite to austenite. These isothermal holding 
experiments were necessarily restricted to tem- 
peratures below 450°C, where the mobilities of iron 
and nickel in the b.c.c. and f.c.c. phases are low 
enough to preclude decomposition of the metastable 
austenite or martensite by diffusion-controlled re- 
actions during the time of the runs 

If an austenitic specimen is cooled below M, and 
held isothermally, stabilization of the remaining 
austenite occurs and appreciable undercooling be- 
low the holding temperature is required to restart 
the martensitic transformation The reverse 
transformation is also stabilized by isothermal hold- 
ing above A,. Moreover, no observable isothermal 
reversal (a ~ y) takes place. Fig. 5 shows the sta- 
bilization curve obtained for the alloy containing 
29.7 atomic pct nickel 

Other pertinent characteristics of the ya’ re- 
actions may be summarized as follow 

1) The ya’ reaction is not nucleated homo- 
geneously, there being no lower limit to the M, tem- 
perature above 0°K as the nickel content is in- 
creased.” Classical nucleation theory which relies 
upon thermal fluctuations to initiate the transfor- 
mation predicts a lower limit of 120°K for the M,." 

2) The ya’ transformation displays the burst 
phenomenon” in alloys containing more than 28.0 
atomic pct nickel. In these cases, M, is below room 
temperature. The y~ a reaction in alloys contain- 
ing less than 24.0 atomic pct nickel occurs progres- 
ively over a range of temperatures. In these alloys, 
M, is above room temperature 

3) Both M, and A, are relatively insensitive to 
heating and cooling rate 

Consideration of the phase rule for equilibrium 
between two phases of the same composition in a 
binary system indicates that there are zero degrees 
of freedom if the pressure is fixed. Consequently, 
there must be a temperature, T,, for each alloy 


which at AF 


defined in the next sectior 


AP 


The experimental fact that both the y~ a’ and 
a» y reactions do not proceed isothermally above 
M,. or below A,, together with the observation that 
the martensitic transformation may take place at 
temperatures approaching O°K, rules out homo- 
geneous nucleation as a controlling factor in these 
reactions 

Consequently, it would appear that the nuclea- 
tion occurs at preferred sites and is controlled, not 
by thermal fluctuations, but by the available free 
energy to start the reaction 


Thermodynamic Treatment of the lron-Nickel System 


Interpretation of the M.-A, diagram—The free 
energy of the b.c.c. phase, F", and the f.c.c. phase, 
F’, are defined as follows 
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Fig. 4—Composite resistance-temperature curves for iron 
nickel alloys. Heating rate 5°C per min 
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* The shorthand notation f the austenite to tensite reaction 

s -a° and a’ for the reverse transformatior The free energy 
decrease par ne the satenite to reaction is 
\Fv~ F . However, since both the martensite and ferrite 

e be« iy t} ster their free energies we equal Hence 


z) F,. 
x) F,.* 


[1] 
[2] 


= (1 — x) + + [3] 


where x is atomic fraction nickel, and F,,’, Fy,", and 
F,”’ are the free energies of’ pure f.c.c. iron, pure 
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Fig. 6—Schematic representation of F’ and F* surfaces os a 
function of x and T 
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Fig. 7—Free energy vs temperature for a constant composi 
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fcc. nickel, and the free energy of mixing of the 
f.c.c, solid solution. The superscript @ refers to the 
b.c.c, phase. Each of these quantities is a function 
of temperature. Furthermore, Fy’ and Fy," are com- 
position dependent as well as temperature depend- 
ent iF refers to the difference in free energy 
between the f.c.c. phase and the b.c.c. phase of the 
ame composition 

If all of the free energy terms in Eqs. 1 and 2 
were known exactly, then a three-dimensional free 
energy, temperature, composition diagram similar 
to Fig. 6 could be constructed. In Fig. 6, the base 
is the familiar x, T diagram, Fig. 1, rotated into the 
horizontal plane. If a section at constant tempera- 
ture, 1e., 800°K, is passed through Fig. 6, then free 
energy-composition curves for F* and F" are ob- 
tained. Applying the rule of common tangents to 
these free energy-composition curves, the concen- 
trations of nickel at the a/a boundary, x,, and 
the a + y/y boundary, x,, are determined. The pro- 
jection of these points onto the x, T plane is shown 
by the arrows pointing upwards 

The intersection of the F* and F” surfaces results 
in a curve for AF’ 0, which if projected onto 
the x, T plane gives the temperature, T,, for each 
alloy 

Consider the free energy path of a 31 atomic pct 
nickel alloy (M, 200°K), which is austenitized 
at 800°K, subsequently quenched to 500°K, and held 
at temperature long enough to establish equilib- 
rium. This corresponds to going from A’ to B’ (x, 
T plane, Fig. 6) and forming low-nickel ferrite and 
high-nickel austenite. The free energy path is from 
A to B on the F” surface, followed by precipitation 
of the a and y phases 

If the alloy is cooled quickly to 200°K, the free 
energy path is from A to B to C, across the AF" 

0 curve into a region where the F* surface lies 
below the F’ surface. When the alloy reaches D, its 
free energy can drop to D’ on the F" surface by 
means of a martensitic transformation. 
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Fig. 7 represents a constant composition section 
through Fig. 6. Fig. 8 is a three-dimensional dia- 
gram in which the vertical axis is the difference in 
height between the F* and F’ surfaces in Fig. 6 
Figs. 7 and 8 are convenient for consideration of the 
temperature and composition dependence of the 
quantity AF’ which determines the M,-A, dia- 
gram in the iron-nickel system. Fig. 6, on the other 
hand, represents the free energy of f.c.c. and b.c.c 
phases in the iron-nickel system and thereby en- 
compasses the equilibrium as well as the non-equi- 
librium reaction 

At present, sufficient thermodynamic information 
to express F", F’, and AF**’ as explicit functions of 
temperature and composition are not available 
However, the results of this investigation make it 
possible to extend the known thermodynamic prop- 
erties of the system and these quantities can now be 
computed 

The free energy change accompanying the «>» 
transformation in pure iron—Values for AF, 
have been tabulated by Johannson’ between 0° and 
1183 °K. However, the data show a considerable 
deviation from the Nernst condition that AS 

aT 
values appropriately, the equation 


ay. + + cy.T [4] 


was fitted to his data. The values of a,., by., and Cy. 
which give the best fit between 200° and 1000°K 
are 
1202 2.63 10°T 

1.54 * 10°T’ cal per mol. [5] 


0 at 0’ K. In order to adjust Johannson’s 


The free energy change accompanying the o>» 
transformation in pure nickel--There is no infor- 
mation available concerning AF ince nickel ap- 
pears only in the f.c.c. state. In order to proceed 
with the analysis, the following assumption has 
been made for the temperature dependence of this 
quantity 

Ay, + by + [6] 

In Eq. 6 AF will be negative between 0° and 
800 K and a,,, by,, and are unknown constants 
which must be evaluated 


Fig. 8—Schematic representation of the AF’ *", x, T co 
ordinate system 
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Fig. 9—A., Av, 
nickel alloys 


M., and M, vs nickel content for iron 


The free energy of mixing of the f.c.c. and b.c.c. 
solid solutions—The results of Kubachevski and 
Von Goldbeck,” and Oriani’ indicate that the olid 
olution is essentially random. Although the results 
of both investigator uggest that the heat of mix- 
mall, Kubachevski and 
Von Goldbeck report negative heats of mixing while 
Oriani report of mixing 

There | no information available concerning the 
free energy of mixing of the a solid solution. There- 


fore, the following a 


ing of the austenite 1 
positive heat 
have been made 


« and y solid solution 
a) Joth the a and y solid solutions are regular 


umption 
concerning the 


olid solution 

b) The specific heats of mixing of the a and 
olid solutions are independent of temperature 

Application of the rule of common tangents to 
F’ and F’—.x, and x, are graphically determined at 
any temperature by constructing the common tan- 
gent to the F* and F"’ curve The mathematical 
formulation of thi the equilibration of 
the partial molar free energies of iron in the a phase, 
F ata 


with a 


condition | 
, and iron in the y phase, F,,’ at x,, together 
imilar equilibration for nickel 


[8] 


Imposing these conditions upon F’ and F" yields 


Appt ndix) 


] I 
+ RT In x.’ [9] 


RT In 


where 
eT (1 In T) 
and 


In T) 


and d*, d’, and e’ are constants (see Appendix) 
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Columns 1 and 2 of Table II contain the values 
of x, and x, observed by Owen and Liu.’ It is evi- 
dent that the maximum value of x," is 0.005. Con- 
equently, the first term on the right side of Eq. 9 
can be neglected and 

+ RT [13] 
l 

By utilizing Eqs. 5 and 13, together with the ob- 
served values for x, and x, in Table II, d’ and e’ can 
then be determined 


B 200 —0.17T (1—InT) cal per mol. [14] 


Table I. Observed and Computed Values of x, and x, 


Owen Lia Computed 


0.020 
0.045 
0.047 
0 065 
0.073 
0 080 
0.070 
0.050 
0.090 900 


The values of x, and x, shown in columns 3 and 4 
of Table II can now be computed between 100° and 
1000°K from Eqs. 13 and 14 

Substitution of Eq. 10 into Eq. 3 (see Appendix) 


yield 
2. 
r [er In 


| 2x. +2. ) [15] 


ar (1 r) AF, 


Ba 22 


All the term 
one containing A 


in Eq. 15 are now known except the 


However, the value of the com 
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Fig. 10—The free energy change accompanying the mar 
tensite transformation in the iron nickel system 
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Fig. 11—Driving force necessary for initiating diffusionless 
transformations as a function of composition 


position-dependent coefficient of A is less than 0.02 
at the M, and A, temperatures for alloys containing 
up to 25 atomic pet nickel, and consequently the 
term containing A can be neglected in computa- 
tions of AF’ *' in this composition range 


Table Approximate Calculation of AF" and T. for 
lron-Nickel Alloys 


rir 22 


Calper Mel Cal per Mol “RK K at T, 

wn 955 0.001 
122 108 450 0 002 
201 745 750 0 006 
020 255 aso “ao 0013 
“025 wo we 45 0.023 
204 we 400 440 0.045 

25 0 065 
040 155 0.100 


The values of AF" at A,, AF”** at M,, and T. 
for each alloy listed in Table III have been obtained 
by using Eq 14 and 15 (neglecting the A term) 
and the computed x, and x, values in Table II. It 
is evident that T, is approximately % (M, 4+ A.) 
and that AF’ at A, is equal to AF at M, for 
alloys with less than 25 atomic pet nickel. Thus, 
over the range of x and T where the approximate 
olution is most accurate, T % (M, + A.) and 
is equal to AF’?"'\s,. 


Effect of Plastic Deformation on the Diffusionless 
Transformation in the lron-Nickel System 

Hess and Barrett” have utilized plastic deforma- 
tion to determine T, in the Co-Ni system. The effect 
of plastic deformation on the y*a’ and ay re- 
actions wa imilarly investigated here to bracket 
T. in iron-nickel alloys by ascertaining M, and A, 
M, is the highest temperature at which the ya’ 
reaction can be initiated by deformation. A, is the 
lowest temperature at which the a’~y reaction can 
be initiated by deformation 

The 28.0, 29.7, and 30.7 pet nickel alloys were 
selected for this study because their M, tempera- 


tures lie below room temperature and also because 


structures containing at least 95 pct martensite can 
be obtained by cooling these alloys in liquid nitro- 
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gen. Specimens were prepared in exactly the same 
way as the resistance samples, except that those 
used for the A, experiments were refrigerated in 
liquid nitrogen for 1 hr prior to deformation. Sub- 
equent refrigeration in liquid helium did not de- 
crease the retained austenite content of the speci- 
mens significantly 

Deformation was performed in compression at 
ternperature by immersing the specimen and the 
compression heads in a temperature bath. Loads up 
to 30,000 lb were applied perpendicularly to the 
pecimen axis of 1% in. lengths of the 0.062 in. diam 
wire in about 1 min. The wires were thus com- 
pressed into strips about 0.025 in. thick. In a similar 
investigation on the effect of deformation on the 
y?a reaction, MacReynolds found that deformation 
in 1 sec was slow enough to avoid overheating the 
specimen 

The quantity of transformation product after de- 
formation was determined by X-ray analysis and 
resistance measurements. Metallographic examina- 
tion of the specimens served as a check. The M, and 
A, temperatures for alloys with 28.0 to 37.0 atomic 
pet nickel are shown in Fig. 9 

It may be noted that the A, temperature of the 
34.5 atomic pct nickel alloy was found by deform- 
ing specimens in liquid nitrogen to produce marten- 
ite and then observing the temperature at which 
this martensite began to revert to austenite on 
heating 

Fig. 9 provides a summary of the values of A,, As, 
M,, and M, determined experimentally. The tem- 
perature gap of about 400°C between A, and M, is 
narrowed to 75°C (A, M,) in the 29.7 and 30.7 
atomic pet nickel alloys and to 125°C in the 28.0 
atomic pet nickel alloy. It was not possible to 
bracket T, any closer because of the predominant 
yielding by slip rather than by transformation. In 
fact, very severe deformation may stabilize the 
phase against transformation rather than induce it 
Nevertheless, if T, is taken to be midway between 
M, and A,, the results of these experiments are in 
good agreement with the thermodynamic calcula- 
tions previously carried out from which it was con- 
cluded that T % (M, + A,) 


Extension of the Thermodynamic Analysis of the 
lron-Nickel System 


For values of x greater than about 25 atomic pct 
nickel, the effect of neglecting the term containing 
A in Eq. 15 introduces serious errors into the calcu- 
lation of T,, AF*~"\.,, and The values of 
T, thus calculated for alloys containing more than 
30 atomic pet nickel by means of Eq. 15 are plotted 
in Fig. 9 

The fact that these results lie above the experi- 
mentally observed A, temperatures indicates that 
the A term in Eq. 15 cannot be neglected for alloys 
with more than 25 atomic pct nickel 

In view of the agreement between % (M, + Ay) 
and % (M, + A.) in Table IV, and the results of 
the calculations carried out for alloys containing 


less than 25 atomic pct nickel, the condition that 
T % (M, + A,) and that AF” at A, is equal 


to AF’*" at M, for each alloy can now be extended 
to compositions with more than 25 atomic pct nickel 
Consequently, for each alloy 


: 
or 
| 
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Substitution of Eqs. 6, 11, 12, and 35 into Eq. 3 
yields 
(1 x) AF,.“>" + + by: T* + Cx: 

r(l—x)(d+eT(l1—InT)) [18] 
where 


d d d’ e e e 


The constants in Eq 
plying Eq. 17 to Eq. 18 for the alloy 
III. As a result, the 
derived for aF and A 


18 can be evaluated by ap- 
listed in Table 
following expressions can be 


AF 3700 + 7.09 10 


3.91 10 ‘T° cal per mol [20] 


3400 — 0.75T (1 In T) 
Fy RT(xInz + (1 
r(l r) 
cal per mol. [21] 


xr)In (1 xr)) 


Thus, the otherwise unknown free energy of mixing 
of martensite phase (Fy") can be calculated from 
Eq. 21 
Returning to Eq. 18 
(1—2x) (1202 —2.63 « 10°T’ + 1.54 10°T") 
r(—3700 7.09 10 + 3.91 10 
r(1 r) (3600 0.58T (1 In T)) 
cal pel mol [22] 


\F*"" vs T curves are plotted for various alloy 
compositions in Fig. 10. Fig. 11 shows the effect of 
nickel content on the driving free energy required 
he y~a’ and a’~y reactions at M, and A,, 
respectively. The values of T, determined from Eq 
22 are plotted in Figs. 1 and 9 

Furthermore, since 


to initiate 


AH AF T — [23] 


the heat effects accompanying the y ~ a’ reaction at 


M, and the a’ y reaction at A, can be computed 
for each alloy. These results are presented in Table 


IV along with the observed heat effects measured 


Table 1V. The Heat Effect Accompanying the «+7 and ya’ 
Reactions as Calculated from Eqs. 18 and 23, and as Observed by 
Scheil and Normann 


Cal per Mol Vito, Cal per Mol 


Ob- Calea Ob 
served lated served 


1020 ] 840 
7 

1080 

1000 


by Scheil and Normann.” The general agreement is 
quite satisfactory 


Driving Free Energy Required to Initiate the y*« and 
«ay Transformations 

The results of thi 

raised, there is an increase in the 


investigation show that as the 
nickel content | 
driving free energy necessary to initiate both the 
ya’ reaction at M, and the a’ y reaction at A, 
This } related to the fact that T, is mark- 
edly lowered by increasing nickel. The resistance 
to a shear transformation, nucleating at a given 


probably 


preferred site, may be expected to vary with the 
trength of parent lattice, and this would be- 
come iarget lower the temperature. On thi 
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basis, the higher nickel alloys should 
larger driving force to start the martensitic trans- 
formation or its reverse than should the lower nickel 
alloy , 45 observed 


require a 


Discussion of Some Computed Thermodynamic 
Properties of the lron-Nickel System 


Eq. 14 yields 
H, r(l 


At 1000°K and a 0.5, H +7 cal per mol 
Oriani” reports a value of about +130 cal per mol, 
while Kubachevski and Von Goldbeck’ report 250 
cal per mol for Hy,’ at approximately 1000°K All 
of these results suggest that the phase is nearly 
ideal 

The heat effects accompanying the y*a’ and ay 
which can be calculated from Eqs. 18 and 
23 agree quite well with the measurements of 
Zuithoff and of Scheil and Normann 

There have been a number of previou 
to derive the thermodynamic properties of the iron 
nickel system from the equilibrium diagram 
all of these treatments are essentially 
derived by 


x) (200 0.17T) cal per mol, [24] 


reaction 


attempts 


In principle, 
the same, the basic equation for AF 
these treatment 


being 


cal permol [25] 


(1 


where AJH**” is defined as the difference between the 
heats of 
assumed to be independent of temperature and com 
With these assumptions, it is found that 


olution of nickel in @ and y tron 
position 


2. 
= RT In (26) 


Although AH**’ a 


proximately constant over a small range of tem- 


given by Eq. 26 may be ap 
perature and composition, it is unwarranted to a 
ume that it is completely independent of tempera 
ture and composition. This point has been raised by 
Darken 

\F as derived by thi 
by Eq. 20. The 

hown schematically in Fig. 8 It is seen 
(f.c:2.) 3 table over the entire range of 
considered, and that it tability with 


(b.c.c.) with decreasing 


and more recently by Hardy 
analysi 
temperature dependence of thi 


expre ed 


quantity | 
that Ni 
temperature 
respect to Ni increase 
temperature 

The extension of the a/a + y and a y/y bound- 
means of Eqs. 13 and 14 shows the interest 
ing result that the solid sulubility of nickel in the 
then decreases with decrea 


1 and Table II ) 


aries by 


o pha e first increase 
ing temperature. (See Fig 


Summary 
The M, and A, temperatures of iron-nickel alloy 
have been determined by means of resistance-tem 
perature curve These findings have been incor- 
porated in a thermodynamic treatment of the iron 
follow 
et up for the free energie of 
regular solid 


nickel system a 

1) Equations are 
the a and 
of iron and ni kel 


phase treating them a 
olution 

2) The rule of common tangents is then applied 
to the expressions for F’ and F*, and by utilizing the 
known equilibrium phase boundaries for tempera- 
tures between 573° and 1183°K, it is possible to 
evaluate the free energy of mixing for the y phase 
known, the 


Furthermore, once Fy’ i equilibrium 


diagram can be calculated for temperature rang 
ing down to subatmospheric temperature 
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A,, °K lated 
0.05 
0.10 
0.15 
0.20 
025 765 “5 810 820 


Table V. Numerical Values of Temperature-Dependent Quantities 


RT in 


AP B 
Cal per Mol Cal per Mol 


2560 
2640 
2610 
24460 
2450 
2170 
1835 

1520 

1175 

690 


Cal per Moi 


RT in 
Cal per Mol 


AF 


Cal per Mol 


Cal per Mol 


115 2600 180 
217 2800 572 
66 3000 964 
544 4200 1346 
782 $360 1718 
1028 3500 2091 
1209 $560 2442 
1382 3600 2782 
1440 3640 4101 
1440 1680 3391 


4) The difference in free energy between aus- 
(AF ) can be expressed in 
explicit form as a function of composition and tem- 

but at this point the available information 
only an approximate solution that applies 
up to 25 atomic pet nickel. Within this composition 
range, T,, the temperature at which AF" 0, can 
be computed for each alloy 


4) It is found that T, evaluated in this way lies 
close to 4% (M A.) as determined experimentally 
for alloys up to 25 atomic pet nickel. In addition, 
start the martensitic trans- 
equal to the driving energy to 
the transformation at A, 


tenite and martensite 


perature 
permit 


the driving energy to 
formation at M, i 
reverse 

5) To extend 


range 


these results to the composition 
the approximate solution is not valid, 
was employed to bracket T 


where 


plastic deformation 


alloys containing 28.0 to 37.0 
atomic pet nickel. These observations confirmed the 
previous finding that % (M, + A,) yields good 
values for T, in this system. 

6) It is then possible to extend the T 
position curve beyond the range where the approxi- 
mate solution applies, and hence the unknown 
terms in the explicit expression for AF can be 
evaluated. In turn, the otherwise unknown free 
energy of mixing of the martensitic phase can be 
computed. Another by-product of this analysis is 
the difference in free energy between f.c.c. nickel 
and the hypothetical b.c.c. nickel. The latter is un- 
table at all temperatures covered 

7) The thermodynamic properties calculated on 
the basis of this analysis are in good agreement with 
the measured values, wherever the latter are avail- 
able 


experimentally in 


vs com- 


Appendix 


For the austenitic phase, the free and 


enthalpy of mixing are 


F,' = H, 


energy 


TS, [27] 


Hy Hy" | 4 _Cp,' dT [28] 
where 
(1 
In Eq. 29, Cp’ represents the molar specific heat 
of y phase and x is the mol fraction of nickel. Simi- 
larly 


x) Cpr.” + + Crs’ [29] 


S," 1 dT. [30] 


For a regular solution 


Su" | R( xine xr) In (1 ) (31) 


and 
where d’ is a constant 
If it is assumed that Cp, is independent of tem- 
perature, then 


d’'x(l— x) [32] 


Cp,” =e’ x z) [33] 


where e’ is a constant 
Combining Eqs. 27 through 33 with Eq. 11, we 
obtain* 


* In order to avoid evaluating the In T at T 0° K, the limits of 
the integral in Eq. 30 are taken as T i* K and T 7 


r(l Ba 


rt (xine + (1 xr) in (1 r) ) [34] 


1400—JOURNAL OF METALS, OCTOBER 1956 


A similar equation can be written for F,* with the 
coefficient A instead of B. Consequently 
AF = F,” — F,° A). [35] 


xr)(B 


7 and 8 state the mathematical formulation 
The definitions of 


Eqs 
of the rule of common tangents 


and F,, are 


Substitution of Eqs. 1, 2, 11, 12, 34, 36, and 37 
into Eqs. 7 and 8 yields Eqs. 9 and 10 of the text. 
Substitution of Eq. 35 into Eq. 3 leads to 


(1 — xz) AF,.*’ 
+ + 


but from Eq. 10 


[38] 


AF (1 -(1—z2,)’B 


RT In 
x 


[39] 


where x, and x, are the equilibrium compositions 
of the a and y phases at temperature T. Hence 


Ir, 
AF*’~ (1 — x) AF,,**’ — xRT In 


1000 112 1201 
900 1036 
800 109 971 
700 86) 
590 750 
500 738 641 
400 541 
4 1007 449 
200 1109 $46 
100 1177 261 
_— 
= oF 26 
=F + — [36] 
oF on 
Fy. F xr— | Jd | 
| 
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Discussion — Iron and Steel Division’ 


Experimental Planning for Rapid Determination of Optimum Process Conditions 
by W. A. Griffith 


Rate of FeO Reduction from a CaQ-SiO,-Al,O, Slag by Carbon-Saturated Iron 


by W. O. Philbrook and L. D. Kirkbride 


Relation of Flake Formation in Steel to Hydrogen, Microstructure, and Stress 
by A. W. Dona, Jr., F. J. Shortsleeve, and A. R. Troiano 


*TP 4335C 


Experimental Planning for Rapid Determination of Optimum Process Conditions 


by WA 


Griffith 


Joumnat ow Metat Ju 1955, AIME Trans, 1955, Vol. 203, pp. 834-4837 


R. W. Guard (General Electric Co., Schenectady) Contrary to the author's observation that interac 


The method of fractional replication discussed by the tions are rarely significant, we have found in a number 
author has proven very valuable to us in applied re- of cases that first order interactions exist which are 
search connected with alloy and process development significant and metallurgically important. Because of 
where many of the sare experimental difficulties exist this difference there are two further precautions which 
Several of our experiences may be of assistance to should be taken in order to minimize the difficulties 


those who want to apply the method in these fields from this point. First, in evaluating the importance of 
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main effects where a significant interaction exists, one 
must compare the mean square not with the residual 
but with the interaction estimat For example, in 
Table II] it would be proper to compare all mean 
quares for factors P, S, T, A with the interaction PXS 
(SXT,TXA) rather than with the residual mean 
quare. This would not change the conclusions reached 
in this case but in a number of cases it could. Second 
in order to get more satisfactory estimates of the main 
effects, it is more satisfactory to confound second order 
interactions with the main effects rather than use first 
order interaction 

From the results of Table VI it appears unlikely that 
the interaction SXA is the significant one of the pair 
but rather that SXT i ignificant. This conclusion 1 
based on consideration that the mean square for T 
(SXA) 1 o small, which would not be the case if the 
mean square observed for SXA (SXT) were attribut- 
able to the interaction SXA 

It is doubtful that the conditions found to give the 
maximum values for the set of experimental condition 
chosen is actually the optimum set of variables for all 
possible levels of the treatments used. This is obviou 
from Table IV which shows no evidence of minima for 
any of the variable Instead of staying with the orig- 
inal level of variables in block 2, the analysis of block 
1 indicates that a different set of levels should be chos- 
en in the second set of experiments a uggested in 
Table VII. In the original block 2 there are four of 
the eight new measurements which give values higher 
than average of block 1. By extending the levels of 


Table Vil. Suggested Levels For Block 2 (Revised) 


‘ int ofa me 0.16 


variables to the lower (or higher) level uggested by 
the data, greater efficiency in determining the optimum 
conditions can be obtained, since more of the measure 
ments will be concentrated in areas where the data 
indicate the purity is likely to be the highest 

In designing experiments of the type discussed in 
this paper another technique has been found to be very 
useful. This is the method of steepest ascent described 
by Box and Wilson.” This method is similar in prin 
ciple to hill climbing, in that the experiments are 
pointed in the direction in which the purity (or yield) 
is changing most rapidly. In this method one uses the 
fact that any surface in n-dimensional space can be 
represented approximately by a polynomial. If the 
dependent variable (SiO, in this case) is plotted as a 
function of all of the independent variables, the opti- 
mum set of conditions exists when the partial deriva- 
tives of the measured quantity with respect to each 
controlled variable are zero In designing the experi 
mental plan for using this method three levels of each 
variable should be used wherever possible and smaliet 
fractional replicates or similar orthogonal designs may 
be used in the preliminary design, for example 1/6 or 
1/12 replicate of 3° design From the preliminary 
data, the direction of steepest ascent for ubsequent 
experiments can be calculated. It was as a result of 
consideration of the method of steepest ascent that the 
uggestions in Table VII were given 

A very important aspect of the problem of searching 
for optimum conditions which the author fails to men 
tion is that of multiple maxima. There is no simple 
method of minimizing the error of finding the wrong 
maxima, but the method of steepest ascent can be used 
to reduce the possibility of suc h errors 

The author’s paper should encourage more research 
workers in metallurgy to use these very powerful 
techniques at their disposal. The methods will enable 
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them to obtain more information in a much more 
economical manner. 

Cuthbert Daniel (Engineering Statistician, New 
York )—Several errors detract from the otherwise ex- 
cellent expository sections of this paper. The 16 runs 
constituting the one-quarter replicate of a 2° factorial 
design were not the best set to choose The Appendix 
of the paper gives an erroneous description of the 
confounding pattern actually used in block 1 and gives 
none at all for block 2 

The separate analysis of the two sets of 16, even 
though they were planned to complement each other, 
reduces the power of the conclusion 

The prediction equation (bottom of p. 836, col. 2) 
omits a relatively unimportant term. The formula 
given for the confidence interval on the true value 
under specified conditions (p. 837, top of col. 1) is in 
erjous error. The explanation of the factor \/% given 
just below the formula is mistaken 

Since some confounding is inevitable in a fraction- 
ally replicated experiment, one chooses that pattern 
which combines each presumably important effect 
with others that are presumably unimportant. For the 
quarter replicate of a six-factor two-level experiment 
this would usually imply that main effects are best 
confounded with three-factor interaction and two- 
factor interactions are best confounded in pairs. Such 
a plan is given by the alias subgroup 


I = OPS’S” = S'S” AT = OPAT 


There is nothing post hoc about this judgment. If the 
present case is one in which it was important to dis- 
entangle certain of the two-factor interactions, at the 
expense of confounding most of the main effects with 
two-factor interactions, then this should be stated and 
the design used justified accordingly. As it is, it is diffi- 
cult to avoid the suspicion that the design used was 
chosen inadvertently. The alias subgroup actually used 


W as 


PS’T = PS” A = AT 


and not I OPS'S” AT as stated in the Appendix. 
Needless to add, the recommended alias subgroup im- 
plies a different set of experimental runs than those 
actually carried out 

A proper statistical analysis of the data would avoid 
the correlation introduced by combining eight runs of 
block 1 with eight new runs to form block 2. The whole 
et of 24 runs can be analyzed directly, as outlined by 
Kempthorne.” However, the analysis of variance made 
for block 1 taken by itself is not entirely acceptable 
With only 15 degrees of freedom available in all, it is im- 
portant to partition the three degrees of freedom for S, 
the four level factor, and amount of starch, into a 
mainly linear, a quadratic, and a mainly cubic com- 
ponent, and to do the same for the OxS interaction. If 
this were done, and the several mean squares arranged 
in order of magnitude, it would be clear that only A 
and the linear component of S are too large to be due 
to chance. Some might want to include P among the 
detected effects, but the remainder form a fairly 
closely ranked sequence none of whose membel! can 
be called outstanding. Plotting the distribution of their 
quare roots on normal probability paper confirm thi 
judgment. The conventional (but correlated) analysis 
of block 2 confirms the judgments just made about A 
and linear S’ and suggests again that P may have a 
real effect 

The prediction equation (p. 836) should contain 
terms for the mean and for each factor judged signifi- 
cant. The term for O has been omitted. The formula for 
the 95 pet confidence range on the true value of a pre- 
dicted response should read 


k/N st 


where k is the number of terms in the prediction 
equation. If Griffith were correct In the tern idged 
real. k would be five, since the mean and all four 
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| od 
10 
5 amount of starch 0.16 
0.33 
050 


effects are being judged real, and each contributes to 
number of 


the uncertainty of prediction N is the 
independent runs, in this case, 16. This f rmula, then 
contrary to the statement of p. 837, col. 1, has nothing 
to do with the fact that this is a one-quarter replicate 
Indeed the same factor 5/16 should be used in block 
2, and not the \/% suggest d in col. 2 of the same page 
Both factors should be in the numerator, not in the 
denominator 

W. A. Griffith (author’s reply)—The thoughtful com- 
ments of Mr. Guard are appreciated. I did not state 
nor intend to imply that interactions are rarely sig- 
nificant, but only that higher order interactions are 
seldom significant. Most of the effects in this type of 
experimentation can be adequat ly explained in term 
of main effects and first-order interaction As Mr 
Guard points out, it is certainly more satisfactory to 
confound second-order interactions with main effects 
than to use first-order interactions when this can be 
arranged. The selection of the pattern of confounding 
is a matter of judgment on the part of the investigator 
and is usually a compromise. Naturally, opinions will 
vary in any given situation 

The question of whether main effect mean squares 
should be tested against interaction mean squares or 
residual mean squares is not subject to a hard and fast 
rule. Either may be correct depending upon 1) the 
model of the experiment, and 2) the statistical in- 
ference to be made 

The suggestion that different levels of the variables 
should have been chosen for block 2 is reasonable on 
the basis of the information presented in the paper. 


Actually, there was another dependent variable, yield 
of iron, which influenced the design, These data were 
omitted in the interest of brevity. The conditions 
selected as optimum were optimum In the sense that 
they produce maximum purity consi tent with ade- 
quate yield. The iron data indicated that the levels of 
variables suggested for a revi ed block 2 would pro- 
duce inadequate yield, although they probably would 
produce greater purity 

The Box and Wilson method of steepest ascent 1s 
certainly another attractive stati tical technique 

The layman attempting to acquire a working knowl- 
edge of statistical methods, and to use them in his 
work. will becomes aware of two pitfalls. One ts the 
tendency to become enamored by technique, per se, 
and to indulge in extensive milking of data beyond 
profitable limit The other is the tendency to accept 
tatistics as an exact science, when in fact there are 
apparently wide areas of disagreement among profes 
sional statisticians on many relatively elementary mat- 
ter Mr. Daniel's suggestions on the partitioning of 
degrees of freedom fall in the first category, and his 
comments on the confidence range calculations demon 
trate the second. Hi uggestion that there may be a 
better arrangement of the confounding 1s a reasonable 
expression of opinion 


G. E. P. Box and K. B. Wilson ¢ Experimental Attain 
Opt i yurnal Royal Statistical Soc 1951 


gn and Analys Experiments. 1900, p 
Theory in Re 

York 

1950, pp 


Rate of FeO Reduction from a Ca0-Si0.- 


Journat or Metats, March 1956; AIME 


F. D. Delve (Jones and Laughlin Steel Corp., Pitts- 
burgh)—The authors are to be complimented for their 
kinetic study and the thought-provoking theories so 
convincingly presented in their exhaustive discussion 
However, without detracting from the quality of the 
work, it is felt that a simpler explanation for the ap- 
parent inconsistency in the order of the reaction 1s 
available. According to Eq. 4 


+ Fe(l) CO(g) [4] 
the reaction should be first order with respect to FeO 
but the experimental results indicated otherwise 

It is conceivable that this reaction does not represent 
the true mechanism of FeO reduction from the lag 
The authors stated that 300 g of carbon aturated iron 
and either 65 or 100 g of prefused slag analyzing 36 0 
pet SiO,, 15.4 pet ALO,, and 47.1 pet CaO were brought 
up to temperature together. Perhaps after me Iting and 
during the temperature stabilizing period, some of the 
SiO, was reduced from the slag and the silicon dis- 
olved in the iron according to the equation 


+ 2C(Qr) Si 2CO(g) 

Fulton.” in his work on the behavior of silicon in the 
blast furnace ilcon content 
of carbon-saturated iron at 27. in contact with 
various CaO-SiO,-Al.O, slags. Using Fulton's ternary 
diagram, the silicon content of carbon aturated iron in 
equilibrium with the melt-down slag u ed by Philbrook 
and Kirkbride should approximate 5 pet It is not im- 
plied by the writer that equilibrium was attains d dur- 
ing the time required for melting and obtaining ade- 
quate temperature control, but there is the possibility 


howed the equ! 
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that, during this time ufficrent SiO, was reduced from 
the slag to the metal, thereby increasing the silicon 
content of the iron to a value that might alter the 
authors’ mechanism of FeO reduction from the slag, 


as indicated in Eq. 4, to 


+ 4+ SiO,(s) 
This equation, should it prove to be the truer mechan- 
ism of their FeO reduction, satisfies the econd-orde! 
kinetics with respect to FeO, It would have been in- 
teresting if they had dete rmined the amount of silicon 
in the metal immediately prior to the addition of the 
high FeO slag and throughout the remainder of the 
experiment. The results might prov illuminating 

This discussion dwells on the presence of silicon in 
the carbon-saturated iron in sufficient quantities that 
the ilicon will be the primary reducing agent with 
respect to FeO. Richardson and Jeffes,” in their articl 
on the thermodynamics of the blast furnace provide 
upport for this theory. In their free energy diagram 
the Si-SiO, line intersects the C-CO line (1 atm CQO) at 
about 1540°¢ but the 1 pet Si in carbon-saturated 
Fe-SiO, line intersects the C-CO line (1 atm CO) at 
approximately 1260°C In addition, Richardson and 
Jefe ummarize their results by stating that the re 
duction of compounds of silicon can hardly occur be 
low 1200°C, but can proceed rapidly a oon as liquid 
iron of lag become available as a reactant Indirect 
evidence substantiating that stated by Richardson and 
Jeffes wi upplied by Philbrook and Kirkbride in Fig 
1. They showed that the rat of FeO reduction wa 
jecreased when the metallic phase was re moved even 


though the slag graphite inte rfacial area is tre bled. It 
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is generally accepted that the activity of pure graphite 
or carbon-saturated iron is one, so merely removing 
the metal phase did not affect the activity of the car- 
bon, but did affect the rate of FeO reduction. As 
pointed out by Richardson and Jeffes, the Si-SiO, line 
the C-CO line (1 atm CO) at a much higher 
temperature (1540°C) than the 1 pet Si in carbon- 
saturated Fe-SiO, line (1260°C) and, therefore, it is 
reduced from the slag in 


intersect 


unlikely that any silicon wa 
the absence of the metallic phase, but more likely that 
reduced from the slag in the presence 
of the metallic phase. This fact might account for the 
difference in the rate of FeO reduction as shown in 
Fig. 1. The reduction of FeO by Si is probably faster 
When Si is the predominant re 


ome silicon wa 


than reduction by C 
ducer, the product formed is in the solid state; whereas 
in the case of the C-FeO reaction, an additional physi 
cal factor has to be taken into account—-namely, nucle- 
ation of gas bubbles. If there are very few nucleating 
ites for the CO bubbles to form, then the C-FeO re- 
wtion will tend to be very sluggish. This has been 
amply demonstrated by Turkdogan, Davis, Leake, and 
Steven 

In conclusion, it is felt that Philbrook and Kirkbride 
hould again be congratulated for conducting this in- 
itial work and it is hoped that they have an oppor- 
tunity in the near future to probe more deeply into the 
kinetics of FeO reduction 

W. O. Philbrook and L. D. Kirkbride (authors’ 
reply)—Mr. Delve's interest in our study and his 
thoughtful discussion are appreciated. From experience 
with the slowness of silica reduction in similar experi- 
mental studies, the authors were reasonably confident 
that there could not have been enough silicon intro- 
duced into the metal during the melting process to 
have reacted with even a small fraction of the FeO in 
the lag. Furthermore, the trong gas evolution im- 
mediately after the iron oxide addition was ample evi- 
dence of reduction primarily by carbon, rather than by 
ilicon as suggested by Mr. Delve. His proposal, by the 
way, would explain the order of reaction only if the 
controlled by chemical reaction rate. Data 
are more persuasive than opinions, however, so a few 
additional heats were made to see whether silicon 
could have been a factor in the apparent order of 


process 


reaction 


The experiments were carried out by melting 300 g 
of metal and 100 g of slag in graphite crucible of the 
ame size as were employed in the earlier work. Two 
heats were made with a lime-silica-alumina slag of the 
ame nominal composition as used previou ly and two 
with a 53 pet CaO, 47 pct Al,O, slag, from which 
could not possibly have been reduced during me Iting 
The only variation from the earlier technique was that 
the iron oxide was added a ynthetic FeO made by 
fusing CP ferric oxide in iron crucible rather than 
as a prefused iron silicate slag. This was intended to 
avoid the presence of silica in the calcium aluminate 
lags, but it was used for the other two heats as well 
for consistency. The initial FeO addition was larger 
than in the original work and the slags foamed up 
more trongly immediately after the addition. Data 
from the first 2 to 5 min, when the analyses were some- 
what erratic, have been eliminated from the kinetic 


ilicon 


analysis 

Metal samples for silicon determination were taken 
from all heats just before the FeO addition and at in- 
ranging from 20 to 60 min after. All results 
howed 


terval 
were of the order of 0.01 pet Si or less and 
during any of the four heats. Ob- 
ilicon was not a 


ignificant changes 
viously the reduction of FeO by 
factor in the slightest degree during the check run: 

The two heats with the lime-silica-alumina slags 
were in good agreement with the previous results as 
to order of reaction and magnitude of k”. The two 
heats made under the calcium aluminate slag also fit 
the second-order kinetics but gave a higher value of 
k” by a factor of three or four; no more quantitative 
statement is justified for the limited amount of data 

These check runs are thought to demonstrate that 
the second-order behavior is characteristic of reduction 
of dissolved FeO by carbon; that it is not caused by 
extraneous silicon in the metal; and that it is true of 
CaO-Al.O,-FeO slags as well as of those containing 
silica. We are glad that Mr. Delve acted by construc- 
tive criticism to cause this gap in the original publica- 
tion to be filled 
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Relation of Flake Formation in Steel to Hydrogen, Microstructure, and Stress 


shortsieeve 


wd A. R. Trovorn 


or Merats, August 1955; AIME Trans., 1955, Vol. 203, pp. 695-905 


A. B. Wilder (United States Steel Corp., Pittsburgh) 

The authors have presented interesting information 
concerning the relationship of flake formation to hydro- 
gen, stre and the isothermal transformation charac- 
teristics of austenite. It has been suggested by others 
that flake formation is related to hydrogen concentra- 
tion in areas of untransformed austenite. The data pre- 
ented by the authors indicate this factor is of sec- 
ondary importance, due to the rapid diffusion of hydro- 
gen and also the incubation period for flake formation 

The relationship of radial cracks (quench type) to 
large amounts of transformed austenite, which trans- 
forms into martensite, and of random distributed 
cracks to smaller amounts of untransformed austenite, 
which also transforms into martensite, may be helpful 
in interpreting the type of flakes obtained in macro- 
etching 

The results obtained with austempering flake-sensi- 
tized SAE-4340 steel are of particular interest because 
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they suggest the possibilities of shorter cooling cycles 
for the prevention of flake For example, the trans- 
formation of steel in the lower bainite region appears 
to be attractive as no flaking occurred when austem- 
pered at 640°F for 22 min or longer Would it be pos- 
sible to eliminate flaking by austempering at 640°F and 
immediately reheating from 640°F to the quenching 
temper used in the heat treatment of gun tubes fol- 
lowed by quenching and tempering to the desired 
properties? 

R. J. Castro and R. Tricot (Ugine Steelwor! 
Savoie, France)—In the very interesting paper pre- 
sented by the authors, it is concluded that in the 
absence of transformation stress¢ 
hydrogen contents could be tolerated without flaking 
The experience of the authors is mainly based on trials 
made with bars of limited artificially enriched 
with hydrogen. In the industrial practice, however, it 
often appears that flakes may be present even when 


Ugine, 


abnormally high 


ection 
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the decomposition of austenite is complete, i.e, when 
no transformation stresses remain, and for moderate 
hydrogen levels (2 to 3 cu cm per 100 g). The two fol- 
lowing examples may illustrate these observations 


] »*2 In. sq billets of 52100 steel are slowly cooled 
ifter rolling in the 1550° to 1100°F temperature range, 
ind then air cooled. The microscopic examination 
how that the pearlitic transformation has been 
complete 

2) Jillets of the same size are air cooled to 950°F 
after rolling, immediately reheated for a spheroidizing 


anneal at 1470°F, and then air cooled 

In both cases, and for the foregoing hydrogen levels, 
flakes are present, although in smaller extent than 
vhen the billets are straight air cooled after rolling 
It may be that cooling stresses, more important in 
heavy sections, play (to some extent) the role as- 
umed for transformation stresses in small sections and 
add their effects to that of hydrogen stresses 


A. W. Dana, Jr., F. J. Shortsleeve, and A. R. Troiano 
(author reply)—Mr. Wilder points out that flake 
formation has been attributed by some to hydrogen 
concentration in areas of untransformed austenite. Al- 
though we have inferred that this phenomenon may be 
of secondary importance, we should like to emphasize 
that this is still an open question. It is hoped that an 
investigation currently under way will help to define 


more clearly the role of hydrogen enrichment in flaking 

Although we do feel that shorter antiflaking cycles 
are possible, they should be approached with caution 
For example evel which depend upon complete 
transformation to bainite near the M, temperature are 
extremely difficult to achieve in actual practice, con 
sidering the narrow temperature range for complete 
transformation to bainite, the large ection ize 
usually involved, and the segregation associated with 
these large section 

The discussion of Messrs. Castro and Tricot is pa! 
ticularly interesting, since it indicates that perhaps we 
did not make ourselves completely clear in the text of 
tne paper We agree that, in the broadest sense any 
tress of sufficient magnitude coupled with hydrogen 
will produce cracks. To be sure, a hydrogen-embrittled 
steel does not know the origin of the stresses that it 
might experience which cause rupture. We feel that 
the results obtained at the quenched end of the 5145 
Jominy bars attest to this (see last paragraph of Re 
sults and Discussion in text). On the other hand, the 
type of internal ruptures usually called flakes ts, in 
our opinion, largely associated with transformation 
stresses. In the near future we hope to be able to show 
that flaking can occur with externally applied stresse 
alone, which reduces the problem to one of delayed 
failure of steels containing more than normal hydro 
gen contents 
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by A Seyholt, H Hanser 


Journat or Meracs, May AIME 


Lawrence Himmel (Office of Naval Research, Wash- 
ington, D.C.) and K. H. Jack (Kings College, England) 

A few years ago, while we were both employed at 
the Westinghouse Research Laboratories in East Pitts- 
burgh, we carried out a preliminary investigation of 
the Mn-Bi system.* Some of this work has since been 


* Work supported in part b Wright Air Development Center 
SS. Alr Force 


reported in a paper by R. R. Heikes* which deals spe- 
cifically with the magnetostructural transformation in 
the phase MnBi. Since Dr. Seybolt and his associates 
do not make reference to this article and since other 
details have not been published, it may be appropriate 
to give first a brief summary of our essential finding: 

1) In accord with the results of the present authors, 
our X-ray and metallographic tudies showed that 
MnBi is the only stable intermediate phase in this sys- 
tem, at least at temperatures below about 350°C. More- 
over, the range of homogeneity of this phase was found 
to be extremely narrow 

2) Thermomagnetic measurement also showed 
that the table ferromagnetic MnBi phase loses its 
pontaneous magnetization very sharply in the vicinity 
of 350°C and that there is considerable hysteresis as- 
sociated with this transition on heating and cooling 
These observations are likewise in agreement with 
those previously published by Guillaud** and by the 
present author 

3) However, by quenching a powder sample of 
MnBi (containing some unreacted manganese or bis- 
muth or both) from above the transformation tempera- 
ture, e.g., from 420°C, it was possible to obtain, at room 
temperature, a hexagonal NiAs-type phase having the 
approximate unit cell dimensions a 4.334A, ¢ 
5.965A, c/a 1.376. According to the authors’ Fig. 4, 
these parameters correspond quite closely to those of 
the high-temperature or supposedly nonferromagnetsc 
form of MnBi. In other words, it appears that the mag- 
netostructural transformation in MnBi which occurs at 
approximately 340°C on slow cooling may be sup 
pressed entirely by a relatively rapid quench 

4) This high-temperature phase, which is easily 
retained in a metastable state on quenching, is ferro- 
magnetic at room temperature. By measuring the satu- 
ration magnetization as a function of temperature, it 
Curie temperature was estimated to be about 200°C 
In an independent study, Meyer and Taglang” also 
reported that MnBi quenched from 390°C is ferro- 
magnetic with a Curie temperature of 170°C. 


We are indebted to J. Samuel Smart for bringing this paper to 


our attention 


5) When the quenched material is heated or an- 
nealed at temperatures up to about 340°C, it reverts to 
the stable ferromagnetic form, with the c-value in- 
creasing by about 3 pet and the a-dimension decreasing 
by about | pet. For example, the lattice parameters 
obtained after annealing in vacuo for 90 hr at 250°C 
were a 4.287A, 6.118A, c/a 1.427. Although 
it could not be established with certainty from the 
room temperature powder diffraction patterns, this 
transformation did not seem to involve any major 
alterations in chemical composition or crystal sym- 
Only an anisotropic distortion of the hexagonal 


metry 
unit cell could be detected 
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6) The conversion from the metastable to the stable 
form on heating below 340°C did not occur spontane- 
ously. Instead, the reaction was dependent upon both 
time and temperature for its completion 

7) The transformation was also accompanied by a 
marked increase in magnetization, the stable ferro- 
magnetic phase having a higher saturation magnetiza- 
tion at any given temperature than the quenched or 
metastable material. More recent measurements by 
Heikes*® have shown that the saturation moment at 
0°K amounts to 4 Bohr magnetons per manganese 
atom for the stable homogeneous MnBi phase 

Other pertinent observations should also be men- 
tioned. The interpretation given by Guillaud” is that 
the sudden disappearance of the spontaneous mag- 
netization in MnBi at 360°C is due to a change from 
a ferromagnetic to an antiferromagnetic state. This 
prediction was based largely on analogy with MnAs, 
which does seem to undergo such a transition, a 
hown by magnetic susceptibility measurements at 
temperatures above its transition point (45°C on 
heating). However, Meyer and Taglang’” demonstrated 
that, contrary to the behavior of MnAs, MnBi exhibit 
a normal Weiss paramagnetism in the range between 
360°C and the peritectic temperature, 445°C. This ha 
now been confirmed independently by Heikes, and by 
T. R. McGuire at the Naval Ordnance Laboratory.” It 
therefore seems that Guillaud’s interpretation is in- 
correct, although this should perhaps be checked by neu- 
tron diffraction experiment The evidence strongly 
indicate in fact, that there are two distinct ferromag- 
netic phases in the Mn-Bi system, one of which is 
table between roughly 350° and 445°C with a Curie 
temperature of approximately 200°C, and the other 
below 350° with a Curie temperature which le ome- 
where between 400° and 450°C 

Although both these phases seem to have the nickel 
arsenide structure, it is by no means well established 
that their only distinguishing structural characteristic 
is a difference in unit cell dimensions. The structures 
of these two phases have not yet been studied in 
sufficient detail to rule out the possibility that an 
actual difference in crystal symmetry exists between 
them. If so, however, this difference in symmetry must 
be a rather subtle one, since the X-ray powder pattern 
of the two phases appear to be practically identical, 
except for the expected shifts in the positions of cor- 
responding diffraction lines. Single crystal X-ray 
and/or neutron diffraction work may be needed to 
clarify this point. Nor is it certain that these two 
phases have precisely the same chemical composition 
From the available data, it seems reasonable to assume 
that the low temperature phase has a composition cor- 
responding very closely to the stoichiometric formula 
MnBi and that it exhibits almost no detectable range 
of homogeneity. Whether or not the same holds true 
for the high-temperature phase is difficult to say. In 
our experiments, for example, different specimens of 
the high-temperature phase were obtained with cell 
dimensions varying from c 5.975A, a 4.341A, 
V 97.5A"; toc 5.960A, a 4.330A, V 96.8A." On 
the other hand, for the low-temperature form, no vari- 
ations within the experimental error of +0.001A were 
found from the values c 6.118, a 4.287, V 97.3A 
These results give some indication that the high- 
temperature phase may exist over an appreciable com- 
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Fig. 10—Induction-melted Mn-Bi alloy containing both the 
metastable high-temperature phase (clear, gray constitu 
ent), and the stable ferromagnetic MnBi phase (mottled con 
Stituent) in a matrix of unreacted bismuth (white). 2 pct 
nital etch. X500. Reduced approximately 20 pct for repro 
duction 


position range, which may or may not include the 
composition MnBi 

There is little doubt that the magnetic and struc- 
tural changes which characterize the transformation in 
MnBi are intimately related, but at the present time 
we can only speculate on the true nature of this trans- 
formation. Like the corresponding transition in MnA 
which shows a pronounced latent heat effect, the mag 
netostructural transformation in MnBi seems to have 
many of the characteristics of a first-order phase 
change. As Dr. Seybolt and his co-workers have demon 
trated, however, this phase transformation is not a 
very orthodox one in the thermodynamic or Gibbsian 
ense. The behavior is also unorthodox in that the 
change in unit cell dimensions associated with the 
ferromagnetic-paramagnetic transition in MnBi are 
orders of magnitude greater than those observed in 
normal ferromagnetic alloys at their Curie point 
This is very probably connected with the fact that the 
low-temperature MnBi phase has a higher magneto- 
crystalline anisotropy energy than any other known 
ferromagnetic material.‘ Even so, it is doubtful whether 
the magnitude of the dimensional chang can be ex 
plained quantitatively on this basis. Furthermore, if 
the observed structural deformation in MnBi were 
purely magnetostrictive in origin, it would be diffi- 
cult to account for the thermal hysteresis associated 
with this transition and for the observation that the 
tructural change can be suppressed entirely by a 
rapid quench. There are thus many points which still 
await clarification, as the authors themselves have em 
phasized. In view of these arguments we feel it should 
first be established whether or not the transformation 
in MnBi involves any changes in crystal symmetry or 
chemical composition 

We should also like to comment on the portion of the 
Mn-Bi phase diagram near the manganese-rich side. In 
the early work of Siebe," thermal arrests were found 
at 1043° and 597°C in all alloys containing more than 
about 15 wt pet Mn, in addition to arrest correspond- 
ing to the monotectic (1252°C), the peritectic (442°C) 
and the eutectic (259°C) equilibria. The arrest at 
10435°C may well be identified with the 6 = 7 trans- 
formation in manganese which occurs at approxi- 
mately 1100°C in the pure metal. Considering the 
luggishness of the allotropic transformation in pure 
manganese it 1 also po ible that the 597°C arrest re- 
ported by Siebe corresponds to the a = £ transition in 
olid manganese. On the other hand, we have never 
observed this transition in Mn-Bi alloys which have 
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been slowly cooled after melting the two pure com- 
ponents under argon in an induction furnace. All 
X-ray photographs of such alloys showed a diffraction 
pattern of unreacted s-manganese. Moreover, the unit 
cell dimensions of this phase were between 0.5 pet and 
1 pet larger than those for pure s-manganese (e.g. 
a 6.346 to 6.357A a compared to 6309A for elec- 
trolytic manganese quenched from 900°C) 


Depending on the value taken for the radius of the 
bismuth atom, the olid solubility of bismuth in s- 
manganese may be estimated at between 2 and 3 
atomic pet. This small amount of bismuth stabilizes the 
j-manganese structure to a surprising extent. For ex- 
ample, no apparent decomposition of the s-manganese 
olid solution could be observed after anne aling for 90 
hr at 420°C, whereas a much horter heat treatment at 
the same temperature will completely transform pure 
j-manganese to the a-form. It is conceivable that the 
transformation temperature in manganese is 
lowered to such an extent by dissolved bismuth that 
the s-solid solution which was found to coexist with 
MnBi in certain alloys is actually in thermodynamic 
equilibrium with this phase. Alternatively, the s-solid 
olution may be supersaturated with bismuth and may 
occur only on cooling from the y-region 


A few notes on the metallography of Mn-Bi alloys 
may also be of interest. By suitable polishing and etch 
ing techniques it is possible to distinguish the two 
forms of MnBi in the microstructure. This is illus- 
trated in Fig. 10, which shows a large inhomogeneous 
mass Of MnBi in a matrix of unreacted bismuth 
(white). The clear-etching gray constituent has been 
identified as the metastable high-temperature phase by 
X-ray methods; bordering or surrounding this is the 
stable low-temperature form which is somewhat 
lighter in color and has a speckled or mottled appear 
ance, In the as-polished condition, these two phases are 
indistinguishable from one another, and from the 
bismuth-rich matrix, under ordinary illumination, On 
brief exposure to air, however, the entire mass of 
MnBi acquires a uniform gray color and become: 
clearly recognizable in the microstructure. Etching in 
nital brings out the fact that this gray constituent i 
not homogeneous but consists of two separate phase 


B. W. Roberts (author's reply)—The additional ob 
ervations and comments made in the discussion ap 
pear in general to be consistent with the measure 
ments made by the authors. Much of the discussion 
could have been eliminated by more timely publication 
of a neutron diffraction study of BiMn from 4.2°K to 
420°C which is now in pre Also, the measurements 
of Heikes* were published several months after this 
manuscript was submitted and since ne explanation of 
the 340° to 360°C transformation was given, the refer 
ence was not added during revision 

The neutron diffraction results made at tempera 
tures above and below the transformation are best ex 
plained by a model wherein about 10 pet of the 
manganese atoms have moved at random from the 


normal NiA ites to the large interstitial positions 
available in the lattice. The manganese atoms are in 
the paramagnetic § state Thi atomic arrangement 


nicely explains the contraction of the c, axis and in a 
qualitative manner will explain the temperature 
hysteresis associated with the loss of magnetization if a 
train energy is postulated to accompany the movement 
of the manganese atoms to the interstitial site The 
quenched-sample results of Meyer and Taglang,” and 
Heikes* may then be interpreted since rapid quench 
ing prevents the return of displaced manganese atoms 
to their normal sites as witnessed in the cell para 
meters of the quenched BiMn. Qualitative agreement 
of the lower mean magnetic moment in the quenched 
ar ple also obtained 

The variation of cell parameters observed by Himmel 
and Jack on quenched specimens could be explained 
by variations in the rate of quenching which would 
permit varying amounts of recovery toward the stable 
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A possible explanation of the unexplained overrun 


phase. It is known that a very rapid quench is re- 


quired of the 340° to 360°C magnetic transformation upon 
It is interesting that the structure of the high-tem heating, as mentioned by Heikes’ (ref. 3), would re- 
perature phase, which is supported by the neutron quire the inclusion in the interstitial sites of a suffici- 


diffraction measurements, doe not give additional ent number of gas atoms (say from a protective fur- 


crystal reflections. Systematic variations in intensities nace gas) to prevent the collective motion of the 
are predicted, however manganese atom 

The collective movement of a fraction of the man- 
ganese atoms into the interstitial sites may be pic- 
tured as a chemical order-disorder phenomenon which 
nature has allowed to occur in the BiMn system. The asi, ot i2 
resulting lack of positional order plus the distortion of A. Serre J le PI jue et Radium, 194 8. 
the lattice leads to lo of the ferromagnetic exchange ; r R. Met e: I t ' t 
which is then partially recovered at lower tempera Raherte: Review, 1086, vel. 104, November 180 


tures upon quenching 


Addendum to TECHNICAL NOTE 


Crystallographic Angles for Orthorhombic (Alpha) Uranium 


Journat oy September 1953, AIME Trans., 1953, vol. 197, p. 1190 


R. B. Russell (author's correction)—Several arithmetic errors have been detected in this technical note. The 
angles between crystallographic planes hkl and HKL in Table I should be revised to read 


HKI 


The standard (001) projection in Fig. 1 is correct 


Diffusion in Liquid Lead 
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J. E. Reynolds (Battelle Memorial Institute, Colum- The frequency factors decrease the diffusivity ratio by 
bus, Ohio)—The authors have shown in a temperature a factor of (0.95), while the activation energies oper- 
dependency plot that the intrinsic diffusivities of lead ating through an exponential decrease the ratio by a 
and bismuth in liquid lead differ by an amount large! factor of (0.76). At the melting point of lead (600°K) 
than that which could be attributed to experimental the factor representing the activation energies becomes 
scatter. The Arrhenius-type equations for the diffusion (0.73), and at 900°K, it is (0.81). This clearly shows 
coefficients were given as that the activation energies are more potent than the 

D, 9.15x10*exp (-4450/RT) (11) fre a“ ney factors in affecting the differences in Dy 
ane 
Dy, 9.63x10* exp (—4070/RT) [12] 
S. J. Rothman and L. D. Hall (authors’ reply)—Iin 


The authors have stated that the differences in the D,, view of the scatter of the data, it is a moot point 
and D», values are due chiefly to the difference in the whether a detailed analysis is worthwhile, but it would 
frequency factors rather than the difference in_ the be well to get the statistics straight 
activation energies In our opinion, Dr. Reynolds’ argument misses the 
It can be shown, however, that the reverse is true an oie 
. ra point entirely. The point in question is the significance 
Dividing Eq. 11 by Eq. 12 and simplifying, one obtain of the differences between the diffusion parameter 
Dy and this is determined by standard statistical methods 
(0.95) exp (--380/RT) {13} not by taking the ratios of the parameters, or factors 
De due to them. These calculations are given, for example 
For a nominal temperature of 700°K, Eq 13 become by Hald,” who also gives an illustrative example 


Because of the predominant role of the activation 
energy, one first investigates the statistical significance 
of the difference between the activation energi In 


Dy 
Dy 


(0.95) exp (0.271) (0.95) (0.76). [14] 
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this case, they are not significantly different. Because 
there is no statistically significant difference between 
these activation energies, one makes up a common 
estimate of the slope of the regression line (H/R), 
using the reciprocals of the variances as weights, and 
employs this in the rest of the calculation. This comes 
out to be 2130 (H = 4240 cal per mol). In retrospect, 
we feel that we should have used this single value for 
both activation energies 


D (Pb in Pb) 9.15% exp (—4240/RT) 


and 


D (Bi in Pb) 9.64 10 * exp (—4240/RT) 


This common activation energy value is then used in 
calculating the significance of the difference of the D 
value 

The rest of the calculation is too long to present 
here. We shall give a heuristic argument instead. The 
difference between the D, values is 0.48 10%, the sum 
of the 50 pet confidence limits for the two is 0.80 10°, 
o the ratio of difference to overlap is 0.6 For the 
wctivation energies the difference is 380, the overlap 
876. and the difference to overlap ratio 0.434, so the 
difference, normalized for the probable errors, is 
maller for the activation energies than for the D 
values 


Jounnat or Metat 


Owen M. Katz (Westinghouse Electru Corp Pitt 
burgh)—As part of some recent work dealing with 
the effects of boron and the identification of boron con 
pounds in iron and steel, samples of high purity iron 
have been boronized by heating in elemental boron 
powder at 2000°F in vacuo. One sample which had ab- 
sorbed more boron than would dissolve was found to 
have large particles at its center after a long homo 
genization at 2000°F in a sealed, evacuated Vveor tubs 
These particles were seen to be idiomorphic and ob 
viously were nucleated and grew at the high tem 
perature. Electron diffraction studies and special etch- 
ing techniques have identified as Fe.B these and other 
imilar particles at austenite grain boundari Upon 
impregnation with boron, no particles were seen with 
in the grain 

Profe or Nicholson's work ha hown that Fe-B 
samples heated at 950° and 1000°C (1742° and 1832°F) 
contained Fe.B particles at the austenite grain bound 
ari It is possible that such particles would strain 
the surrounding austenite region ufficiently to pro 
vide enough additional energy to preferenti nucle 
ate ferrite. Such an effect would be dependent upon 
particle size, with small particles being most effective 

If Fe.B particles do in fact nucleate and grow during 
austenitizing, then according to the above hypothesi 
the resultant hardenability of the sample would be 
time and temperature dependent. For short austenitiz- 
ing times which produced small precipitated Fe.B par 
ticles, the hardenability would be relatively low. At 


longer austenitizing times when the Fe.B particle size 
had increased, there would be an increase in harden 
ability due to the decreased effectiveness of the pre 
cipitated particle Higher temperature hould a 
celerate this proce 

The results of Simcoe et al howing a return of 


hardenability after long heating at 1600°F, can be ex 
plained by such a mechanism However, in the case of 


Influence of Boron on the Rate of Transformation of High Purity Iron 


May 1956, AIME 


1956, vol. 206, pp 551-553 


steels, the size distribution and the effectiveness of the 
growing Fe.B particles might be modified by the pres 
ence of carbon and nitrogen. X-ray studies on ele¢ 
trolytically-separated constituent from  boronized 
teels, in conjunction with metallographic work, have 
hown that Fe.B and Fe.C were both present at the 
vrain boundaries. It would be interesting to know 
whether Professor Nicholson observed a decrease in 
hardenability in his Fe-B samples heated a number of 
times at 1000°C, as well as at 950°C 


M. E. Nicholson (author's reply)—The author appre 
ciates Mr. Katz's interest in and discussion of thi 
paper 

With regard to his comment that the amples con 
tained Fe.B particles at the austenite gram bound 
arte the paper did not tate that the Fe B wa 
located at grain boundartk The visible iron boride 
mentioned in the discussion was located within the 
grains. It is indeed possible that iron boride was pre 
ent at grain boundaries, but it is believed that the 
amount wa mall because of the prior heat treatment 

Jefore the quenching experiments were made the 
alloy wa lowly cooled. Presumably, during thi low 
cooling, boron in excess of the solid solubility precipi 
tated on existing Fe,B particles within the grains, thu 
reducing the boron in solid solution to below the level 
of solid solubility at 950° or 1000°C. During the quench 
ing experiment ome boron from the Fe B particl 
undoubtedly redissolved. However, it is comparatively 
unlikely that it reprecipitated at the grain boundari 
in the short annealing time used 

Mr. Katz asks if the hardenability decreased as a 
function of annealing time. This was indeed observed 
but the effect was not reversible. It was assumed by 
the author that the lo in harde nability occurred be 
cause the boron was oxidized during austenitizing 
thereby depleting the boron in solid solution 


J. Weertman (Naval Research Laboratory, Washing- 
ton, D. C.) The author are to be congratulated for 
having recognized and carried out a fundamental! creep 
experiment. We wish to point out that their creep 
data obey a power law stre dependence rather than 
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Influence of Order Disorder on Creep of Beta Brass 


in exponential one. In Fig. 5, we have replotted the 
brass data on a log-log plot. In this figure the log 
arithm of KT exp (Q/RT), where K is the creep rate, 7 


the absolute temperature, R is the gas constant, and 
Q is an activation energy, is plotted against the log 
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Fig 5—Plot of logarithm of temperature compensated creep 
rate vs logarithm of stress 


arithm of the stress. Thi 
rate is 


plot shows that the creep 
proportional to (stress) The important effect 
of ordering discovered by the authors is clearly shown 
by the fact that the ordered and disordered data fall 
on two widely separated straight line: 

For most pure metals the activation energy of creep 
is about equal to that of self-diffusion. It is interesting 
to compare the creep activation energies with those of 


elf-diffusion of @ brass. Kuper and Tomizuka”™ find 
for the elf-diffusion coefficients Dy, 77 exp 
(..35,600/RT) and D 5.6 exp (—32,900/RT) in the 


ordered range and D,, 0.013 exp (—21,200/RT) and 
D 0.020 exp (-23,200/RT) in the disordered range 
The activation energy of Fig. 5 is 38,300 cal per mol, 
which i to one of the ordered self-diffusion acti- 
vation energies. Unfortunately the temperature range 
of the creep data in the disordered range is too narrow 
to determine a reliable activation energy. It would be 
very interesting to determine the creep activation en- 
ergy in the disordered region and to compare it with 
the self-diffusion activation energie 

The magnitude of the shift of the two lines in Fig 
)} presents an interesting problem. It cannot be due 
to a change in the rate of self-diffusion upon ordering 
If the ordered self-diffusion data is extrapolated into 


the 486° to 506°C temperature region one finds that 
the ordered self-diffusion coefficients are only a factor 
of two larger than the disordered coefficients. A factor 


of about 26 is needed to explain the results. Of course 
the shift can be accounted for if the average distance a 
dislocation loop « xpands is decreased or if the number 
of active Frank-Read sources are reduced upon order- 
ing. It is another matter, however, to give a convinc- 
ing reason and an order of magnitude calculation 
howing why such a change in the dislocation mechan- 
ics should occur 


New York) 
data, it appears that all 


Sheldon Weinig (New York University 


In examining the authors’ 
factors point to a high ratio of grain boundary dis- 
placement to overall strain. If one uses the data of 
McLean on aluminum as a guide, the following com- 
parisons may be made.” He found that the ratio was 
/5 at 500 psi and 0.5 Tm. In the authors’ experi- 
ments a stress of 360 psi at approximately 0.65 Tm was 
used. If low stress and high temperature favor the dis- 
placement of the grain boundary, it then appears that 
these experiments represent a relatively large grain 
boundary contribution. Although the authors mention 
certain characteristics of the ratio Egb/E,r, they do not 
give its magnitude in this paper 

One further observation of interest is the author 
report that the ratio is independent of the test tem- 
perature. If the discontinuity in creep behavior at the 
ordering temperature is to be attributed to an in- 
crease in plastic strength in the crystals, the inde- 
pendence of the ratio would not be expected. How- 
ever, if the excess concentration of impurity atoms at 
the grain boundaries is increased due to ordering, the 


boundaries will become more resistant to creep. As the 
increase in impurity concentration at the boundary 
due to ordering is thermodynamically feasible, this 


discontinuity in creep behavior at 
and the lack of temperature 


would explain the 
the ordering temperature 


dependence of the ratio. Both boundary and matrix 
will then be strengthened by ordering 
M. Herman and N. Brown (authors’ reply)—The 


authors agree that Dr 
and comprehensive 
correlating stres temperature, 
most interesting that the change in 
through ordering cannot be resolved by 
ferent activation energies for diffusion a 
Kuper and Tomizuka 

There is a change in dislocation 
ordering. It was calculated that the 
ign form pairs which are joined by an 
domain boundary and whose spacing varies inversely 
with the square of the degree of long range order. It 
has not yet been possible to demonstrate that such a 
pairing will account for the greater strength of the 
ordered state 

In regard to Mr. Weinig’s discussion, the ratio of 
grain boundary displacement to overall strain was 
5x10° in. per 1 pet strain. Within a scatter band of 
+20 pet, this ratio was found to be constant from 450 
to 501°C. Using aluminum, McLean reported a mean 
grain boundary displacement of about 1x10° in. per 


Weertman has presented a more 
empirical equation for 
and creep rate. It is 
creep strength 
using the dif 
measured by 


concine 


distribution upon 
dislocations of like 
anti-phase 


1 pet strain. The small difference between McLean’s re- 
sults and the above could be caused by his grain size 
being about one third of ours and his stre being 
greater 


The authors have shown that the increase in strength 
by ordering occurs in single crystals. This fact rules 
out the proposal that impurity atoms at the grain 
boundary determine the increased strength of the 
ordered alloy 


A Kupe und T Tomizuka: Re 1955 
o8. 244 

D Mel AIME 1953 1 197, 293 JOURNAL 
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Ervin E. Underwood (Battelle Memorial Institute 
Columbus, Ohio)—The author is to be congratulated 
on yet another excellent paper on the creep of mag- 
nesium and magnesium alloys. It is unfortunate that 
some of the detail originally present’ in Fig. 2 was 
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Interaction of Precipitation and Creep in Mg-Al Alloys 


AIME Tr s. 1956, vol. 206, pp. 146-148 


lost in reproduction, because it showed the orientation 
relation suggested by Smith" so beautifully. It is also 
regrettable that Fig. 9 (from the original report’) was 
omitted, since those microstructure direct 
bearing on the point under consideration here. Perhaps 


have a 
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Dr. Roberts would be kind enough to append his Fig 40 
9 to this discussion is A STRESS 
In a study of the effects of creep stress on precipita- Sh 2 
tion in Al-Cu alloy it was also found that an increased V " 
tre resulted in an increased volume fraction of pre- 2 
cipitate. The general experimental setup is depicted in 
Fig. 7, and the effects of time, as well as stress, on the _ 45 ii 
amount of precipitation are shown in Fig. 8. Further- TAT 40 FROM 
more, since time was included as a variable in the T3656 , a. 
study of Al-Cu alloys, the initial state assumed more jt 
importance. All alloys were initially single phase. Dr. a LONE OF Li 
. SIFIVE CREEP 
Roberts’ Fig. 5 deals with essentially the final state of ’ SPECIMENS || SAMPLE 
affairs; nevertheless, in both alloys the effect of creep “| 
stress is to increase the level of precipitation. Another “2 PRECIPITAT ee 
distinction to be drawn between Figs 5 and 8 is that OF SAMPLES, 
in the latter, the volume fraction of only the precipi- — “ 10x 1000 
tate particles is reported, whereas in Fig. 5 measure- TIME , MIN 
ments were made of the two-phase mixture called Fig. 7—Overall view of experimental method for obtaining 
discontinuous precipitation creep, age hardening, and precipitation data trom Al-2 pct 
The important point in both of these quantitative Cu alloys crept and/or aged at 400°C 
studies is that the amount of precipitation appears to 
exceed greatly that predicted from the phase diagram. 10 T T T 
The equilibrium volume of CuAl, under the conditions < TRE 4 akin 
of Fig. 7C is k than 1 pet. It can be seen that precipi- a 8 
tation in both the unstressed and stressed alloys re- ; vd a” 50 ; 
sults in anomalously high amounts of precipitate. For | 199 
the unstressed Mg-Al alloy tested under the conditions 8 / ~ 
enumerated in Fig. 5, the total volume of 4 phase 
hould come close to 7 pet. Assuming that equilibrium .* 24] | 
conditions prevail in both the discontinuous and the 4 * ECTION a 
general precipitation, there should be about 1.75 ia 2 
and 5.25 pet 4 phase in the two types, re pectively Fig “ i 
9 reveals that these amounts are exceeded by a wide ¢ | } 7 
margin and, if the micrographs are representative of ' 1 « 
the entire structure, a similiar anomaly is found in the TOTAL CREEP STRAIN, PCT 
Mg-Al alloy Fig. 8—Effect of stress on the volume percentage of precipi 
An explanation of this effect in the Al-Cu alloys’ tate in stressed Al-2 pct Cu alloys aged during creep at 
was based on the postulate that the initial precipitate 400°C. Numbers at data points give the duration of the 
had a solute concentration I than the equilibrium creep test in minutes 
«Fig. 9A, LEFT—62 pct Al alloy. 
Solution heat treated and aged 
336 hr at 400°C. Electropolished 
aging, X500. Reduced ap * 
«proximately 40 pct for reproduction 
Fig. 98, RIGHT—6.2 pct Al alloy Poh, 
Electropolished after 3 pet creep © 
in 190 hr at 400°F and 4000 psi “Ne , 
Stress axis vertical X500 Re an ay 
duced approximately 40 pct for 7 + 
od 
reproduction 
amount. However, Dr. Roberts’ unstressed alloy was 6 . 
aged to completion o the explanation mentioned | | 
above is obviously incomplete. The fact that the usual : i 
phase diagram applies only to infinite sized particl , WAN me 
may provide the additional ba for a more general Net 
ized treatment. In any event, the accumulation of more 4 A, 
quantitative data on precipitation 1 indicated. since A SPECIMEN. 
this anomalous behavior has been noted in other pub- 
In the absence of quantitative measurement of the f Oe 7 | 
extent of continuous precipitation in the stressed Mg-Al r, | | 
alloy, it is suggested that discontinuous precipitation J Lt +—4 
not nec arily increasing at the expense of the con- iw; | R ah RED 
i / MEN 
tinuous type, but that the amount of continuous pre v 
cipitation can also be increasing with stre Although 
the volume available for continuous precipitation Is B 39 199 
decreasing with stre the theoretical amount of 4 . ; - 0 100 A 
phase is le than 6 pct at zero stre leaving ample : enna CREEP STRAIN, PCT be 
pace for precipitation in exce of this figure 
Another variable that appears to have significance in Fig. 10—Total creep strain or time vs the hardness at the si 
a study of precipitation under stre is the total creep specimen shoulders of Al.2 pct Cu alloys aged during creep e\ 
train. Fig. 10 shows the hardness changes in Al-2 pct at 400°C. Circles represent stress of 1700 psi, triangles, “4 
Cu alloys aged during creep under three stresses. Fig. 10 1235 psi; and squares, 790 psi Numbers at data points : 
A gives little indic ation of any orderly or systematic refer to time in minutes 
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hardness trends with either stress or creep time. How- 
ever, in Fig. 108 the same data points are plotted against 
the total creep strain and order emerges from apparent 
chaos. The hardne levels rise with increasing stress 
and @ maximum occurs near the same strain. The creep 
time in over-aged alloys is apparently not as im- 
portant as the strain in rationalizing these data. The 
latter observation was made possible by a fortuitous 
catter in the data for the individual creep specimens 
tested under a stress of 1235 psi, whereby in some cases 
a greater strain was attained in a shorter time than in 
another specimen at a longer time 

Thus it appears that the rate of precipitation under 
tress is not merely accelerated, but that the amount 
is augmented over and above that expected on the 
basis of the phase diagram. Also, the time under stress 
and the total creep strain should be considered as im- 
portant variables in any further work on this inter- 
esting problen 

C. 8. Roberts (author's reply)—As the original re- 


ports of my work show, there were indications that 
precipitation concurrent with strain was occurring to 
a point beyond that expected from the phase diagram 
However, I was not able to obtain consistent and com- 
plete enough evidence of this effect to merit discussion 
of it in the paper. I am pleased that Dr. Underwood has 
presented convincing results of such behavior from the 
systematic study of a more simply precipitating systen 
He has made a worthy quantitative addition to the 
knowledge of the interesting interaction between the 
deformation and precipitation processes. Perhaps con- 
tinuation of his work will clarify more definitely why 
this puzzling equilibrium shift occurs 


*WADC Technical Report 54-295, Interaction of Precipitation 
Solid Solution Content and Creep in Magnesium-Aluminur Alloys 
The Dow Chemical Co., June 1954 

‘E E. Underwood, I I Marsh, and G. K. Manning: Cre 
Aluminum-Copper Alloys During Age Hardening, Summary Report 
to NACA from Battelle Memorial Institute, Janu 

A. Phillips and R. M. Brick: The Effect of Surface Strain on 
Solid Solubility, Metals and Alloys, 1934, vol. 5, p. 204 
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K. W. Andrews (United Steel Cos. Ltd., Rotherham, 
England)—-The authors have made a further very 
valuable contribution to our knowledge of the occur- 
rence of « phases and other intermetallic constituents 
They are to be congratulated for increasing the number 


of binary alloy systems in which @« phases are formed 
to at least 25 and perhaps 26, This is a surprising total 
vhen it is realized that only three or four were known 
i recently as 1948. The authors have provided a 


thorough discussion of their results and have shown 
how the facts can be most adequately interpreted at 
present. Their concept of electron vacancies, which 
vas so useful in interpreting the compositions of some 


of the « phases, especially those formed by elements of 


Intermediate Phases in Binary Systems of Certain Transition Elements 


by Peter Greenfield and Paul A. Beck 


AIME Trans 


vol. 206, pp. 265-276 


1956 


the first long period, appears to be obscured by compli 
cating factors when other @ alloys are considered. This 
does not detract from its ultimate value or lessen its 
importance where it can be satisfactorily applied 
Although the electron vacancy concept may thus be 
more illuminating, a more general overall picture 
emerges if we consider the existing facts in terms of 
the number of outer electrons—generally, but not 
necessarily, s + d electrons. In this way, the assump- 
tions of an increase of one electron on going from one 
element to the next in each row and of an analogous 
electronic structure for elements in the ame group 
lead to the relationships summarized in the diagram 
(Fig. 1). It will be seen that all the « and a-manganes« 
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Fig. |—Cheart illustrating formation of « phases 
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structures lies in a band which includes s-uranium 
(the o structure) at one extreme and a-manganese it- 
elf near the other, with mean electron numbers be- 
tween approximately n 42 and n 4 31/3 This ap- 
proach i imilar to that of Bloom and Grant.” 

The chart, Fig. 1, shows a number of trends, of 
which some can no doubt be connected with the elec- 
tron vacancy concepts or other tendencies referred to 
n the authors’ discussion. Electron vacancies between 
3.4 and 3.6 occur in the region shown between the 
pure metals chromium and manganese. The trends re- 
ferred to include the two series 

Ni V,Co V, Fe V, Mn V (mid-point compositions) 

CoCr, Fe Cr, Mn C1 
vhich are approximately 
three series 


parallel, and likewise the 

Mn Cr, Mn Mo 

Fe Cr, Fe Mo, Fe W 

Co Cr, Co Mo, Co W 
again approximately, but not exactly, parallel. Some- 
what similar trends in later series are also suggested 
but not as clearly defined. The Ti-Mn o phase reported 
by Elliott and Rostoker” has not been included in the 
diagram. It does not appear to have been generally 
confirmed and would le outside the stated range at 
which suggests that if it does occur, there 
is an anomaly here. A possible similarity between the 
mode of occurrence of o phases and phases with the 
manganese structure has been suggested a number of 
times. The diagram lends further support to this view 
Ternary y, phases also fit in with this conception, as 
shown in Table X 

Evidently we have reached a very interesting stage 

accumulation of experimental facts and prin- 
interpretation regarding these and other in- 
phases. We shall look forward to more 
Professor Beck and his colleagues 


mn -+ 1.5 


in the 
ciple of 
termetalli 
paper DY 


Table X. Ternary » Phases 


Electron 
Vacancy No 


Mean 


Composition Eleetron No 


P. Greenfield and P. A. Beck (authors’ reply)—We 
vould like to thank Dr. Andrews for his interesting di 
cussion and gracious comments on our work. We cer- 
tainly agree with him that the type of exploration re 
vealing the occurrence and, in some cases, the compo- 
sition shifts, of intermediate phases as a function of the 
position of the component elements in the periodic 
table a useful one at the present stage of knowledge 
of the alloving behavior of transition element 
Since the theoretical penetration of this field is still 
omewhat limited, any choice of a single number to 


characterize the electronic structure of a transition 
element in the solid state must, of necessity, be tenta- 
tive. Any specific choice of such a set of numbers at 
present can hardly be justified on any other ground 
than its capability of rendering the data’ As we have 
shown in a previous’ publication,’ for the « phases 
formed by the transition elements of the first long 
period, the use of a set of electron vacancy numbers 
largely based on Pauling’s values and reasonably modl- 
fied for manganese gives considerably better agreement 
with the experimentally determined compositions than 
does the proposal of Bloom and Grant” using the number 
of s4+d electrons per atom. The latter scheme leads to 
particularly great deviations in the case of (V, Mn) o 
and (Cr, Mn)e, as shown in Dr. Andrews’ chart 

It is certainly true that for the « phases formed by 
econd and third long period transition elements the 
situation is complicated, As indicated in our 
paper, some of the difficulties cannot be relieved by 
any choice of a fixed set of a single characteristic num 
ber for each element. For example, the o phases formed 
by either chromium or molybdenum with iron and 
cobalt are centered at nearly the same stoichiometri 
ratio, but (Cr, Mn)o is at about 80 atomic pet Mn, 
while (Mo, Mn)e is at 60 atomic pet Mn. Clearly, any 
otherwise useful set of characteristic numbers, such as 
the electron vacancy numbers, may be retained in the 
face of this situation only by making the additional 
assumption that, for any element, the number may 
In the example cited, 


more 


change depending on the partner 
the simplest assumption appears to be that the electron 
vacancy number to be assigned to manganese is about 
3.2, when with vanadium or 
chromium, but that this number should be reduced to 
about 2.6 for manganese alloyed with molybdenum 

If one wishes to point out only roughly the main 
features of the observed composition shifts for o@ 
phase it is of course unnecessary to consider such 
details and a fixed set of characteristic numbers may 
be used. However, in such a rough overall picture cet 
tain correlations that may be significant are lost. For 
instance, a hown in Dr. Andrew chart, Fig. 1, the 
use of the number of d4s electrons puts the e-manga 
in the same rather wide band occupied 
However, in all binary and 


manganese is alloyed 


nese structure 
by the variou 
ternary systems in which both the 
and the o structure thei 
characteristically the same; « occurs at a higher elec 
number than the e-manganese phase 
imilar sequences also for the othe 
phases apparently related structurally to o, all of 
which are probably a kind of electron compound 
These phases are: P, R, D, y, and two others now under 
investigation 


y pha 
Manganese (or 


occur equence 


tron vacancy 
There seem to be 


D 8S. Bloom and N. J. Grant AIME Trans, 1953 ol. 197, p 
18; JOURNAL Merat Janu 1953 

KR FP Elliott and W AIME 7 ns 1953 1 197, p 
203. J OF be 1953 


by ¢ ) Grahor 


Meracs, May 1956 


JOURNAL OF 


Grohoarnr 


1956 


Measurement of Grain Growth Rates in Recrystallization 


Grain Growth Rates and Orientation Relationships in the Recrystallization of Aluminum Single Crystals 


AIME Trans, 1956, vol. 206, pp 


mak W Cahn 


AIME Trans, 1956, vol. 206, pp. 504-508 


mak W Core 


Bernhard Liebmann and Kurt Lucke (Brown Uni- 
versity A work quite similar to that of 
Graham and Cahn has been carried out simultaneously 
ind independently by Liebmann, Lucke, and Masing.* 


Providence) 
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obtained by the two different 


Surprisingly, the result 
despite the close 


group how many contradiction 
imilarity in 


Since the conclusions of the 


mental methods and condition 


experi 


papers are of great im 
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portance for the understanding of many recrystalliza- 
tion phenomena, a detailed discussion of the discrep- 
to be worth while 

In both investigations, a new recrystallized crystal of 
controlled orientation was grown into a deformed 
ingle crystal* and the linear rate of growth was meas- 


inci eer 


{ deformation 16 of 15 pet case of Graham and 
und Masing 


* Degree 
Cahn, 20 pet in the case of Liebmann, I 


ured. In both cases, commercially pure aluminum was 
used (Graham and Cahn, 99.6 pet; Liebmann, Licke, 
and Masing, 99.6 pet), but the materials differed con- 
iderably in their iron content (Graham and Cahn, 
0.19 pet; Liebmann, Liicke, and Masing, 0.09 pet). The 
pecimens had, in the case of Graham and Cahn, the 
hape of strips 1x10 mm, while in our case, that of 
wires of 15 mm diam. In spite of the difference in 
temperature (Graham and Cahn, 550°C; Liebmann, 
Licke, and Masing, 615°C), the observed rates of 
growth were not very different (maximum values 
Graham and Cahn, 5.5x10* cm per sec; Liebmann, 
Lucke, and Masing, 8x10*° cm per sec) 

The results differ mainly in the following point 

1) Liebmann, Liicke, and Masing used for the 
measurements the heat—cool—etch method and ob- 
which decreased strongly with time (Fig 
A, upper curve). They interpreted this effect as the 
usual recovery of the rate of growth. Graham and 
Cahn reported similar results. They showed, however, 
by the remarkable use of a goniometer furnace, that 
the rate of growth remains constant if the heat treat- 
ment is not interrupted by cooling and etching. These 
results of Graham and Cahn are very convincing, but 
it seems probable that the interrupted heating procedure 
is at least not the only reason for the drop of the rate 
of growth reported by Liebmann, Liicke and Masing 
While, for example, in the case of Graham and Cahn a 
ingle interruption had no effect at all, in that of Lieb 
mann, Licke, and Masing the growth rate dropped 25 
pet in the first (5 min) heating period, which was in 
terrupted by only one cooling 


tained rate 


2) Because of the importance of the orientation re- 


lationships characterized by rotations around a com- 
mon 111 + axis for the recrystallization textures, both 
groups of authors investigated the rate of growth in 
Graham and Cahn found no reproducible 
amount of 


Liebmann, 


uch case 
values and no clear correlation with the 
rotation around the common 111 ax 
Licke, and Masing, however, reported good reproduci- 
bility and clear dependency upon the degree of rota- 
tion. In particular they found that it was important to 
know which of the four {111} planes of the deformed 
crystal was parallel to a {111} plane of the undeformed 


crystal.t In the case where the chosen {111} plane 


was the cross slip plane and the amount of rotation 
was 40°, the highest growth rate of all was observed 
This rate decreased with the decreasing angle of rota- 
tion (see Fig. B) and with increasing deviation from 
the parallelism of the two {111} planes. If another 
(111) plane was chosen in place of the cross slip plane 
the rate of growth turned out to be extremely smal! 
(see Fig. A, lower curve). In this case the rate in- 
creased with the increasing deviation from parallelism 

A reason for the lack of reproducibility of the meas- 
urements of Graham and Cahn may be seen in the 
fact that the initial orientations of their deformed 
crystals were different. They reported only that the 
orientation was always such that the crystals de- 
formed entirely by single slip. There is some new evi- 
dence, however, that the rate of growth also depends 
upon the initial orientation. Liebmann, Licke, and 
Masing used equally oriented crystals by cutting long 
erystals (12 ft) in parts. The orientation was also 
such that single slip should occur. Naturally it may be 
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possible that the high iron content of the mate rial of 
Graham and Cahn which leads to a large amount of 
precipitation even at the highest temperatures may 
contribute to the lack of reproducibility. It is also not 
quite clear if the above mentioned differentiation be- 
tween the four {111} planes of the deformed crystal 
has been considered by Graham and Cahn 

3) In a second series of tests, Graham and Cahn 
related the two crystals by rotations of different de- 
grees around a common 110 axis which was also 
approximately the tensile axis (within 7°). Here they 
again obtained a very large scattering of the meas- 
ured rate of growth. For the understanding of thi 
new measurements by W. in der Schmitten and B 
Liebmann may be of importance. They also found 
rather unreproducible results on wire shaped crystals 
with an axis near 100 >, which seem to be connected 
with the inhomogeneities of the deformation caused by 
the acting of a large number of slip systems. Since such 
multiple slip occurs also for crystals with the tensile 
axis in <110™» direction," this may explain the results 
of Graham and Cahn. Naturally, the high content of 
iron mentioned previously may be of influence too 

4) Both groups of authors investigated the orienta- 
tion relationship between the deformed crystal and 
both artificially and spontaneously nucleated new crys- 
tals. While Graham and Cahn in both cases obtained 
randomly distributed orientations of the new crystals 
Liebmann, Liicke, and Masing obtained those results 
only in the case of spontaneous nucleation. In the in- 
stance of artificial nucleation, they found the 
ful new crystals obviously related to the 
matrix by rotations of +40° around the normal of the 
cross slip plane (see Fig. C). As mentioned previously, 
the investigations of crystals with this orientation by 
Liebmann, Liicke, and Masing showed the highest rat 
of growth. It seems obvious that orientations of those 
artificially nucleated crystals which finally grew to 
large crystals were the result of a selection of growth 


succe 


trained 


among many originally nucleated crystals of all pos- 


ible orientation On the other hand, Liebmann, 
Liicke, and Masing controlled the spontaneou 
tion in such a way that the nuclei were separated from 
each other by such large distances that the selective 
growth principle could not operate 

It should be mentioned here that the replotting of 
the orientation points in one quadrant of the stereo- 
graphic projection as done by Graham and Cahn will 
obscure rather than enlighten a possible orientation 
relationship, since the deformed crystal has lost its 
symmetry and, therefore, the four quadrants the 
equivalency. If, for example, one were to replot all 
the points of Fig. C in one quadrant, one would obtain 
a distribution appearing more random than before 
Naturally, too, if one constructs the full 
in Fig. 4 of the original paper, the same < 100 
related to the axis of tension have to be located at the 
recognition of the preferred 


nuclea- 


tereogram as 
pole 


same places; otherwise, 
orientation will be obscured 

Since Graham and Cahn did not obtain a clear re- 
producible orientation dependence of the rate of 
growth in their experimental conditions, no election 
of growth could occur and the orientation distribution 
of the artificially nucleated grains is random (Fig. 4) 
Therefore, the work of Graham and Cahn does not 
necessarily contradict the theory of oriented growth 
emphasized by P. A. Beck. Liebmann, Liicke, and 
Masing concluded from their results that the theory 
of selected growth was verified in their special case 
They cannot, of course, say anything about different 
conditions where the theory of oriented nucleation a 
emphasized by W. G. Burgess and T. J. Tiedema may 
possibly be more correct 

Finally, we wish to thank Drs. Graham and Cahn for 
permitting us to see their manuscript prior to publica- 
tion, and also for the many helpful discussions which 
resulted in our obtaining a far better insight into the 
problems involved 
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C. G. Dunn (General Electric Research Laboratory, 
Schenectady)—The phenomenon of decreased growth 
rate with cycling from the growth temperature, which 
is ascribed to recovery, is indeed interesting; I hope 
the further experiments of the authors on the mechan- 
ism involved will be successful. The authors also point 
out 1) that a single temperature cycle has little effect 
and 2) that growth rates are unaffected by annealing 
2 hr above 500°C, by which time any normal recovery 
process should be complets 

Regarding the last point, similar but more qualita- 
tive experiments were reported by the writer’ on the 
effect of recovery in deformed Si-Fe single crystals 
X-ray data showed marked recovery without regard to 
multiple cycling anneals. Representative samples that 
otherwise recrystallized completely if nuclei were in- 
troduced by local straining completely lost the ability 
to support growth of nuclei similarly introduced but 
after a prior recovery anneal. Later Dunn and Daniel 
showed further details of the recovery process by 
means of both X-ray and microstructure data 


4 Fig. A—Growth rate 
of new crystals at 
615°C as function 
of the time. The 
crystals were related 
by a 40° rotation 
around a common 
111 axis. In 
curve A this axis 
was normal to the 
cross slip plane of 
the deformed crys 
tal, in curve B 
normal to the plane 
of unpredicted slip 
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Fig. B—Growth rates 
of new crystals at 
615°C as function 
of the degree of ro 
tation around a 
common 

axis, which is normal 
to the cross slip 
plane of the de 
formed crystal 
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Fig. C—Orientation 
relationships of 20 
new crystals created 
by artificial nuclea 
tion at 615°C. The 
dots represent the 
observed 111 
poles of the new 
crystals, the large 
open circles repre 
sent the exact pos: 
tions of the ~ 111 
poles after a rota 
tion of + 40° around 
the normal of the 
cross slip plane 


It therefore seems to me that, regarding recovery at 
temperature, an appreciable amount of recovery may 
have occurred during the formation of the growth crys- 
tal, and that such recovery would have tended to 
stabilize the structure for fairly long times at tempera- 
ture. Also, such recovery would tend to make difficult 
the production of any new large grain by local strain- 
ing, since a small nucleus would then have to grow 
with a much smaller driving force. However, I believe 
the authors used such a test only after multiple cycling 

In connection with the observed drop in the rate of 
vrowth of a large grain, cycling may have produced 
more impurity segregation at the imperfections in the 
strained matrix than noncycling anneals. If so, such 
segregation might lower the growth rate and therefore 
be another important factor to considet 

C. D. Graham, Jr. and R. W. Cahn (authors 
First, we want to point out an error in the caption to 
Fig. 6, p. 519, in the second of our papers. The caption 
“Diagram shows a plot like that of Fig. 5, 

nucleated instead of artificially 
Dotted circles have 10° radii.” 

In reply to Drs. Liicke and Liebmann, we think it ts 
remarkable that two sets of experiments so similar in 
purpose and in method should yield such diverse re 
sults. We have devoted considerable time to a search 
for some simple explanation of these differences, with 
out ucce We feel, however, that the effects of 
thermal cycling, as revealed by the experiments with 
the goniometer furnace, may be of considerable im 
portance in determining the ree rystallization behavior 
of metals. We are undertaking further work in an 
effort to understand this phenomenon. It may also be 
important that our crystals were very heavily etched 
after deformation but before recrystallization; in the 
work of Liebmann, Liicke, and Masing, only a single 
light etch was employed. This difference may be es 
pecially important in aluminum, where the oxide coat 
ing 1 known to affect the reery tallization proce 

Beyond this, we can only agree with Drs. Liebmann 
and Liicke that the discrepancies between the two sets 
of results may be due to differences in purity, initial 
train, or some other mysterious 


reply) 


should read 
for pontaneou 
nucleated grain 


orientation, amount of 
factor 

We have brief comments on 
raised by Liebmann and Lucke 

1) If our explanation for the decrease 
rate observed in the heat-cool-etch method 1 
the extent of decrease should depend strongly on the 
cooling rate employed, Therefore, the fact that Lieb 
mann, Liicke, and Masing found a decrease in growth 
arily indi 


several specific point 
in growth 


correct 


rate after only one cooling does not nece 
cate a different phenomenon 

2) In the which 
trained grains were related by rotation 
mon 111 there were not enough specimens to deter 
mine whether the varied tematically 
according to which of the four 11] of the strained 
yrain was chosen. However, relatively large growth 
rates were observed for rotation about 111 other 
lip plane 


growing and 
about a com 


experiment in 


growth rate 


than the normal to the cro 

3) The change in onentation with deformation 
and the observed slip lines indicated that all sample 
with tensile axes near 110 deformed largely by 
ingle slip, although prominent deformation bands de 
veloped 

4) Each individual case represented in our Figs. 4 
», and 6, p. 519, wa eparately to see if any 
relationship between the recrystallized grain 
and the strained matrix could be found. We particu 
larly looked for rotations about any of the lll > axe 
No such relationship found. Not until we 
felt that this approach had been exhausted did we go 
on to plot all the points in one with the 
outlined in the paper 

It occurs to us that the growth anisotropy observed by 
Liebmann, Liicke, and Masing may be related to the 
presence of deformation (kink) bands. The ax! of 
rotation relating the material inside and outside these 


examined 


imple 


could be 


tercogran 


result 
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bands is a <112» roller axis, which is only about 20° 
from the normal to the cro lip plane. The roller 
axis is the one vector which is invariant in direction 
throughout the deformed grain, so that if a recrystalliz- 
ing grain were related to the strained grain by a rota- 
tion about this axis, the relation would hold even when 
the new grain was traversing a deformation band. To a 
first approximation the same thing is true if the axis is 
the normal to the cro lip plane; it is not true for 
rotations about other 111» axes. Since growth rates 
appear to be more sensitive to parallelism of close- 
packed directions than to the exact angle of rotation 
about these directions, this argument may account for 
the normal to the cross slip plane being the favored 
growth axis 

This reasoning does not account for the difference 
between the two sets of experiments, in one of which a 
preferred growth direction was found and in the other 
of which none was found. It is clear that preferred 
growth of the kind required by Beck's theory does in- 
deed occur in some cases, It is not, however, a general 
phenomenon which occurs whenever randomly ori 
ented nuclei are present in a textured matrix. If ex 
periments to resolve the differences between the con- 
flicting results of these two investigations lead to an 
understanding of the conditions under which oriented 
growth is important, we may have made important 


progress in understanding recrystallization textures 

We are grateful to Drs. Liebmann and Licke for the 
time they have taken in both oral and written discus- 
sion of this problem, and for the stimulation provided 
by their work and ideas 

Dr. Dunn has pointed out that in Si-Fe single crys- 
tals, a normal recovery anneal does result in the loss 
of capacity to support the growth of a recrystallizing 
grain. We can only say that this does not appear to be 
the case in aluminum. We did check the effect of 
nucleation by local deformation after normal annealing 
as well as after repeated heating and cooling; only 
after the thermal cycling did new grains fail to grow 
The suggestion that thermal cycling leads to more im- 
purity segregation deserves careful attention. Bruce 
Chalmers ha uggested that the creation, migration, 
and annihilation of vacancies may be important during 
thermal cycling. Our further experiments are intended 
to help decide on the mechanism of thermal cycling 
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February 1956, p. 57 
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F. N. Rhines (Carnegie Institute of Technology 
Pittsburgh)—The authors view crack initiation as re- 
ulting from a hydrostatic tension and a superimposed 
directed tension acting at a triple point. By a triple 
point, the authors appear to mean a three-grain junc- 
tion. Except under very special and probably rather 
rare circumstances, however, it is not possible for a 
hydrostatic tension to deve lop at a three-grain junction 
Such junctions occur along lines in space and any ten- 
dency to develop a hydrostatic tension there will ordi 
narily be relieved by grain boundary yielding parallel 
to the lines of junction. Thus, a hydrostatic tension is 
most likely to develop, not at a triple point, but at a 
quadruple point, where four grains meet and where the 
tension cannot be relieved by grain boundary yielding 
Quadruple points can occur only within the interior of 
the specimen and it may be expected, therefore, that 
cracks will be initiated within the metal, and rarely 
if ever, at an external surface. There is much evidence 
which indicates that this is true. Studies at Carnegi« 
Institute of Technology have shown hole nucleation 
always within the metal and the studies of Wilm and 
others lend support. It appears, therefore, that Chang 
and Grant have not been observing the birth and 
growth of crack but rather the bursting of crack 
through the external surface, after they had been initi 
ated and had grown extensively in the interior of the 
metal 

Finally, I should like to add a plea for greater care 
in the assumption of the location of the fracture. There 
is now evidence which argues that the fracture is only 
apparently, but not specifically, at the grain boundar 
In the past, much confusion has resulted from the a 
sumption that grain boundary displacement occurs a 
a shear upon the plane of the grain boundary. It occur 
rather in a zone of real thickne adjacent to the grain 
boundary. In one place, Chang and Grant speak of frac 
ture at or near the grain boundary. With this I can 
not quarrel. But elsewhere these authors show clearly 
that they are thinking of shear and fracture as occur 
ring only in the grain boundary itself. At this stage I 
think that such an assumption ought to be avoided 
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Mechanism of Intercrystalline Fracture 


H.C Chang and N. J. Grant 


AIME 


ins. 1956, vol. 206, pp 544-551 


C. W. Chen (Columbia University, New York)—The 
concept of intercrystalline fracture which suggests that 
microcracks are initiated at grain corners and propa- 
gate under stress along grain boundaries to form mac- 
roscopic cracks has been used by some investigators 
ince Zener’ proposed it. The authors of the paper un- 
der discussion have shown experimental evidence to 
upport this concept. It may be questioned, however 
whether one is justified in applying this concept to a 
consideration of the origin of intercrystalline cracking 
Since Jenkins et al.” reported the formation of small 
cavitie at grain boundaries in some copper alloy 
specimens tested under creep-rupture conditions, it has 
been thought that the formation of voids at grain 
boundaries leads to intercrystalline cracking. Recently, 
further experimental observations have confirmed the 
latter theory 

It should be noted that in a large variety of metals 
and alloys voids are generally found in association 
with cracks at grain boundaries, To date, pure metals 
such as copper, magnesium, silver, and nickel are re- 
ported to belong to this category. The following alloys 
also fall in this category: Cu-3'% pct Ni-'» pet Si 


and tainlk teels, Inconel, and Monel 


Fig. 15—Voids and cracks were produced along the bound 
ary in a copper bicrystal by an application of shear-stress 
porallel to the boundary at 1200°F for 20 hr X150. Re 
duced approximately 35 pct for reproduction 
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Secondly, solitary voids are usually formed at the 
spearhead of cracks, which indicates that the formation 
of voids precedes the development of cracks 

Thirdly, when examination is made during the early 
tages of development of intercrystalline cracks, the 
outline of the cracks invariably appears to be semi- 
circular, which clearly implies that macroscopic cracks 
are produced as a consequence of the linking together 
of voids 

It is therefore evident that the formation of inter- 

ystalline voids is primarily responsible for the inter- 
crystalline cracking of many metals and alloys. Thus a 
fundamental mechanism for intercrystalline fracture 
must be one that is capable of explaining the formation 
of voids at grain boundaries 

An investigation of the mechanisms of nucleation 
and growth of intercrystalline voids has been unde: 
taken by the writer in collaboration with E. S. Machlin 
at Columbia University. Consistent results indicate 
that grain boundary slip is a necessary condition for 
the nucleation of voids. These observations are similar 
to the first mechanism proposed by the authors for the 
initiation of microcracks by grain boundary sliding at 
triple points. However, we have found that micro- 
cracks are not produced only at triple points. In fact, 
according to all our observations on the formation of 
intercrystalline voids, sites of the majority of voids are 
rather far from triple points, and only an insignificant 
number of voids are seen at grain corner 

The most striking illustration of the formation of 
voids is furnished by our bicrystal experiments. There 
is a single boundary, but no triple point in a bicrystal 
By subjecting high purity (99.999 pct) copper bicrys- 
tals to a shear stress at 1200°F in an atmosphere of 
purified hydrogen for 20 hr, voids and cracks were pro 
duced along the boundaries (Fig. 15). Voids were 
never produced in bicrystals when tension was applied 
normal to the boundaries under similar testing condi 
tions. It is concluded from these bicrystal experimental 
results that microcracks are not produced exclusively 
at grain corners. Any region along the boundary where 
grain boundary slip is inhibited is a possible site for 
void formation. Jogs along the boundary, for exampl 
can effectively block grain boundary slip and are there- 
fore potential sites of voids. 

It would be interesting to know whether, in Fig. 2 of 
the paper under discussion, the dots along all the 
boundaries around the triple point seen under polar- 
ized light are not voids formed at grain boundarie 
away from the triple point 

H. C. Chang and N. J. Grant (authors 


reply )—The 


authors wish to thank Professor Rhines and Dr, Chen 
and additions. Regarding Professo1 
unfortunate that a clear cut 
fracture cannot as yet be 
how proof that hydro 
or at quad- 


for their comment 
Rhine 
case for the 
made. In fact, it 1 
static tension exist 
ruple points. Thi 

Zener in a private 
abundant evidence of frequent cracks 
between only two grains (in a sectioned specimen) due 
to small imperfections in the grain boundary? These 
imperfections can be jogs in such a grain boundary o1 
points where inclusions or second phase exist. While 
we have undoubtedly looked at many fractures which 
initiated at the interior of a specimen, we have 
also viewed coarse grained specimens wherein there 
could be no doubt at all that the intererystalline frac 

ture started at the surface or possibly immediately be 
low the but definitely did not start at a quad 
ruple point or even at a triple point. We believe that 
intercrystalline fracture tart at quadruple points but 


comment it is 
initiation of 
difficult to 
either at triple point 
opinion has been voiced by Dr. C 
communication. Isn't there rather 
along a boundary 


were 


urface 


also at triple points and, in fact, if conditions are right 


at boundaries between only two grains 

Regarding the 
has not been presented as to it 
pect to the grain boundary; but then can we 
grain boundary under the conditions of our test? We 
expression is at or near the 


location of fracture, again the proof 
exact position with re 
define 


agree that the only safe 
grain boundary 
Regarding Dr. Chen's very interesting and welcome 
presentation and reasoning, we fully concur that in 
tercrystalline cracks can occur at other than triple (or 
quadruple) points. Our further observation is, how 
ever, that in the absence of a grain boundary juncture 
or triple point, the cracks or voids along the bicrystal 
do not result in an intererystalline failure 
pecimen the crack propagation 
to be initiated from the triple point 
In thi 


boundark 
In polycrystalline 
certainly ippear 
and not from the center of the grain boundary 
regard, the triple points play a significant role. This, of 
course, will not minimize the contribution of scattered 
but frequent intercrystalline voids to the rate of propa 
gation and direction of the advancing intererystalline 
crac k 

Regarding Fig. 2, the dots may be unfortu 
nately we did not examine them closely enough to con 
voids 


voids 


firm or deny their identity a 


Re- Examination of Ti-Fe and Ti-Fe O Phase Relations 


ov Merai 


W. Rostoker and R. J. Van Thyne (Armour Research 
Foundation, Chicago)—The case for the existence of a 
phase Ti.Fe has been long and invariably ambiguous. It 

obvious that if it does exist, its rate of formation is 
extremely sluggish. The possibilities of oxygen pickup 
and consequent oxide ternary phase formation are 
therefore better than average. Fig. 2 purports to show 
small amount of this phase in a 41.2 
certainly 


an extremely 
atomic pct Fe alloy but the configuration 1 
not that of a peritectoid transformation Even the sug- 
gestion that the indicated area is one of a third phase 
appears subject to doubt. It is stated that the Ti.Fe 
powder pattern appears only in annealed powder while 
-crushed (a brittle sample) powder is consi 

without evidence of this elusive phase. The 
authors conclude that a diffusion-controlled proce in 
volving gross changes in chemical composition and 
long times at 800°C can be reversed by the inconse 


the a 
tently 
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quential stored energy of brittle fracture, It appear 
to us equally consistent with the evidence, and prefer- 
able in to believe that annealing has de 
ve loped a thin 
powder particles 
an artifact 

It is interesting to note that in one 
authors avow that wedge shaped specimen 
subject to oxygen pickup on annealing by virtue of 
precedin 


ome re pect 
kin of oxygen-enriched alloy in the 
revealing the ternary oxide phase as 


paragraph the 
were not 


envelopment in titanium capsules. Yet in 
paragraph they tate at wedge haped specimen 
were electropolished after heat treatment 

The authors note that Polonis and Parr did not ob- 
tain oxygen analyses on their annealed powders and 
tate that such evidence, if showing very little oxygen 
increase, could be taken as proof of the validity of 
their experimental results. However, it only require: 
that the surface of the powder particles be contami 
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nated and form the « phase to show a strong dif- 
fraction pattern of it. We would cite some of our ex- 
periences with thoriurn powder to illustrate this. A 
quantity of thorium powder was produced by filing in 
argon. The powder pattern of this material showed a 
very weak pattern of ThO,. On annealing this powder 
in a Vycor bulb at 1000°C for several hours, the new 
powder pattern howed that ThO, lines were as 
trong as thorium line This powder was remelted in 
an are furnace. The total amount of oxide appearing as 
dendrite wi indistinguishably different 
original button melt. Thus the uperficial 
formed by annealing is capable of giving an 
exaggerated impression of its amount 
when in fact the gross oxygen increase is trivial 
Table II] in the original paper illustrates the diffi- 
tain-etching procedure for phase 
in procedure (1,2 


primary 
from the 
oxide 


exceedingly 


culty of using a 
identification. By minor variation 

24 sec total immersion time) the color greenish- 
blue identifie TiFe or the « phase and the color 
violet identifies « or the » phase Such distinctions are 
of course, vital to the case presented 

It might be of interest at this point to recount that 
we have resurrected some of the original Ti-Fe sample 
for re-examination. In one particular instance, an alloy 
containing 18 pet Fe annealed at 575°C for 624 hr 
clearly showed areas of eutectoid in a matrix of un- 
transformed #. A powder pattern of this specimen 
showed positive evidence of @ and Tike. The hypo 
thetical Ti,.Fe phase must therefore form peritectoid- 
ally below 1000°C and decompose eutectoidally above 
90°C 

The author uggest that there are two oxide ternary 
phase » and « Their case could have been much 

tronger if they had made a few more alloys within 
the single phase fields. Their data points give the im- 
pression of skirting this most important point. Table 
VI lists seven alloys with small amounts of unidenti- 
fied phases in addition to two other In Fig. 3, six of 
these are designated two phase and the seventh as 
three phase. Fig. 7 shows the microstructure of an 
alloy purported to occur near the corner of a three 
phase field but the apparent proportions of phases be- 
lies this 

We would object to the practice of taking data 
points from our prior papers and reports to use as 

ubstantiation of the authors’ isothermal section. The 
data given implied not only the number of phases but 
identifications. For instance, the authors 
would put our 25 pet Fe, 12.5 pet O alloy in a (y+ <6) 
field when, in fact, the phases a « (T) were identi- 
fled, with the lattice parameter of «a indicating about 
27 atomic pet O. Even at that the fit is not too good, 
ince at least seven of 32 (alloys) are not in agreement 
with the phase boundaries. The data of the authors 
can be superimposed on our diagram leading actually 
to a somewhat better fit (Fig. 11) 

Table VII lists the diffraction lines of the « and ¥ 
phases. We have re-examined our own powder patterns 
and find that some of the lines for 7 appear only when 
» is present. That is to say the interplanar spacing 
2.395, 2.248, 1.745A can belong to the a phase powder 
pattern, The strongest line of the hypothetical phase, 
iLe., 2.125A, does not appear in our pattern: 

The authors undertake to revise the constitution of 
However, the discussers 


also phase 


two system n their paper 
feel that the arguments for their suggested revisions 
are based on tenuous evidence, Although we would 
welcome solidly ubstantiated contradictions to our 
respective prior publications, the discussers are of the 
opinion that the present paper falls far short of this 

D. H. Polonis and J. Gordon Parr (University of 
Washington, Seattle, and University of Alberta, Ed- 
monton, Alberta, Canada, respectively)—We are happy 
to learn that this investigation strengthens the belief 
that Ti.Fe exist Since the publication of our paper 
on Ti-Fe we have obtained substantiating evidence of 
the existence of this controversial phase, which we 
would like to outline 
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An as-cast alloy containing 33 pct (atomic) Fe, bal- 
ance titanium, showed no Ti.Fe when examined by 
X-ray diffraction techniques. After 3 hr of heat-treat- 
ment at 1000°C, crushed —200 mesh powders showed 
fairly strong diffraction lines corresponding to the 
phase Ti,Fe. It has in the past” been implied that the 
phase occurred as a result of oxygen contamination 
However, when the heat-treated powder (which was 
lightly sintered) was remelted by supporting it on a 
molybdenum wire in an inductive field, the resulting 
ingot showed almost no Ti.Fe present. The remaining 
trace may be accounted for by the fact that the center 
of the sinter did not completely melt during this op- 
eration. Had oxygen been present, the phase Ti.F¢ 
would presumably have persisted 

These results appear to us to be in agreement with 
the observation of Ence and Margolin that Ti,Fe is 
formed by a peritectoid reaction in the vicinity of 
1000°C 


Elmars Ence and Harold Margolin (authors reply)- 
We appreciate the interest in our paper shown by the 
discussers. The added results of Drs. Polonis and Parr 
come into the category of points raised in the detailed 
discussion by Dr. Rostoker and Mr. Van Thyne and we 
will therefore proceed with the points raised by the 
latter authors 

It is to be expected that Dr. Rostoker and Mr. Van 
Thyne should offer objections to our paper, but it is 
our belief that our results are based not on tenuous 
evidence but on microstructural and X-ray evidence 
which are consistent with one another 

From Fig. 2 it may be difficult, we agree, to be sure 
that the area marked X is truly another phase. How- 
ever, examination of the specimen itself can leave no 
doubt that a third phase is there. From the amount of 
the X phase in the microstructure one would not ex- 
pect it to show up in the Debye-Scherrer pattern. The 
fact that the photogram revealed lines of Ti.Fe indi- 
cates that the phase precipitating within TiFe is not 
gf but X. We agree that the phase does not have the 
usual peritectoid distribution. However, the fact that 
it appears within TiFe, and not within » but between 
TiFe and s, has led to the conclusion that the phase 
forms peritectoidally 

We believe that our discussion regarding contamina- 
tion of powders has not been correctly interpreted by 
the discussers and therefore wish to elaborate thi 
point in somewhat greater detail. The paper pointed 
out that X-ray evidence of annealed powders revealed 
Ti,.Fe, whereas the as-crushed powders did not. One 
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Fig. 11—Isothermal section Ti-Fe-O according to Rostoker, 
with the data of Ence and Margolin superimposed 
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would naturally suspect that the difference was due 
to surface contamination. We therefore attempted to 
do all that was possible to exclude contamination by 
oxygen and nitrogen. Wedge shaped specimens were 
ealed in argon-filled titanium capsules and annealed 
As an added precaution after annealing, the apparently 
uncontaminated surface of the wedge was removed by 
electropolishing before exposure to X-ray. Since X- 
ray evidence for Ti.Fe was obtained under these cir- 
cumstances, we concluded that the X-ray evidence of 
Ti.Fe obtained in the powder was not due to contami- 
nation. It remained, therefore, to explain why the 
crushed powders did not reveal Ti.Fe. We did not 
conclude, as stated by the discussers, that the precipi- 
tate had gone back into solution, but that the operation 
of crushing had obscured the line of Ti.Fe. The § and 
Ti.Fe lines from as-crushed samples were fuzzy and 
lent credence to the belief that lattice distortions were 
responsible for obscuring lines which, under the best 
circumstances, were relatively weak 

A reply to the discussion of our Polonis and Part 
reference appears to us to be unnecessary, In view of 
the above reply 

The discussers apparently are not aware of the 
manner in which the electrolytic stain-etching pro- 
cedure operates. The discussers are referred to an 
earlier publication’ for details of the procedure. What 
need be said is only that the colors of the various 
phases change in a regular and predictable manner at 
different rates as time of etching increas There is 
no difficulty in interpretation and the method has been 
used successfully in the study of about 25 titanium 
alloy system 

Dr. Rostoker and Mr. Van Thyne point out, as did 
our paper, that six alloys showing three phases were 
plotted as two-phase and one four-phase alloy plotted 
as three-phase. The paper indicated that equilibrium 
was attained only in those alloys containing less than 
9 atomic pet O. Each of the alloys referred to by the 
discussers was not in equilibrium (the times used were 
comparable to those employed by one of the discussers 
in his work). The alloys were plotted as two or three 
phases because this interpretation was consistent with 
equilibrium data 


The discussers suggest that the proportion of phases 
shown in Fig. 7, alloy 3, does not agree with the plotted 
boundari The alloy is not at the corner of the three- 
phase field, as stated by the discussers. According to 
the plot, the alloy should show very little , 7 as the 
largest constituent, and « in large amounts but less 
than y. The microstructure of Fig. 7 is consistent with 
these requirements 

Dr. Rostoker and Mr. Van Thyne object to the use 
of their data points to substantiate the diagram pre 
ented in the paper, because number as we ll as phase 
identification was implied. The discussers also point 
out that our data can be plotted on their diagram to 
a somewhat better fit. This procedure, if used, would 
leave unresolved why, at compositions where equilib- 
rium can be attained, the discussers have two-phase 
a+ alloys in five cases where their diagram indicate: 
they should have three phase 14+ This conflict 
does not occur in our interpretation which is consis- 
tent with the equilibrium data 

We can offer no explanation of why the discussers 
have not found the strongest ¥y line, 2.125A. In all cases 
where + was identified by X-ray it was observed in 
the microstructure as part of a two or three-phase 
structure 

As was pointed out in the paper, we do not know 
the limit of #4 TiFe4«/s4TiFe boundary. It is con- 
ceivable that the boundary may extend to oxygen con- 
tents below 0.03 wt pct. In such a case the appearance 
of Ti.Fe would be due to residual oxygen in the metal 
plus oxygen picked up during melting. It is this possi 
bility which prevented us from making the final con 
clusion that Ti,.Fe does exist. The paper also indicated 
that aluminum, molybdenum, and vanadium may ae 
celerate the formation of Ti.F« It is possible that 
the lower limit of oxygen content at which « forms a 
a single phase may be drastically reduced, so that, a 
in the case of Gruhl and Amman,” the « phase may 
exist at 0.08 pct O. We are till not permitted to con 
clude thereby that Ti,Fe does not exist 
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M. Metzger (University of Illinois, Urbana, Ill.)—It 
is possible that the grain growth observed by the 
authors in stressed specimens is related to the concen- 
trations of iron (and possibly other impurity) atoms 
in or adjacent to the grain boundari The effect of 
the iron present in preventing any pronounced grain 
coarsening in unstressed below tempera- 
tures in the vicinity of the iron solvus has been pointed 
out previously.” It is important to note that the amount 
of the Fe-Al phase visible microscopically is generally 
far too little to account for the inhibition of coarsen- 
urmised that concentrations of iron atoms 


pecimen 


ing. It is 


in olid preprecipitation cluster and 


olution (eg 
grain boundary segregations) are involved. Wyon and 
Lacombe have triking metallo- 


graphic evidence suggesting that a grain boundary in 


recently pre ented 


aluminum migrating (in the absence of external stress) 
at temperatures in the general neighborhood of the 
iron solvus had to break away from an iron atmos- 
phere in order to begin or resume its motion. It there- 
fore seems possible that the original grain size in the 
author pecimens had been temporarily stabilized by 
iron concentrations and that the grain growth observed 


in stressed specimens was due to the assistance of plas- 
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High Purity Aluminum 


tic strain enabling the boundaries to break away. Such 
effects would be expected in the temperature range 
of 300° to 450°C used by the author ince this range 
traddles the iron solvus for their material which was 
in the ne ighborhood of 400°C 

These considerations do not detract from the value 
of the authors’ study, which was concerned with the 
phenomenology of the deformation, but do serve to 
emphasize that the creep behavior of high purity 
aluminum should not be considered as that of a pure 
metal substantially uninfluenced by foreign atom 

R. W. Guard and W. R. Hibbard, Jr. (authors reply) 

We appreciate the significance of Dr. Metzger’s com 
ments on the effect of iron on grain size stability in 
aluminum. We cannot say from our data whether such 
an effect is necessary to explain our results or whether 
the effect 1 imply 
tion. We have observed some difference 
of the same nominal composition which may be attrib 
utable to the effect of iron content 
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Tensile Deformation of Molybdenum as a Function of Temperature and Strain Rote 


by Carreker. jr and R. W. Guard 


Jovuwnat or Metats, February 1956, AIME Trans., 1956, vol 206, pp. 178-184 


G. A. Alers and J. H. Bechtold (Westinghouse Elec- Another interesting observation concerns the effect 
tric Corp., Pittsburgh)—The authors are to be com- of purity on the discontinuous yield phenomenon. Som 
mended for the very wide range of temperatures cov- compression samples were annealed for 4 hr at 
ered by their work. Also, reporting observations on 2100°C in a vacuum of 5x10° mm Hg. This treatment 
all the many aspects of deformation makes their paper reduces the impurity content, particularly the gaseou 
very complete. Our discussion is concerned mainly impurities Fig. 19 shows a comparison of the stre 
with some additional observations on yielding at low strain curves of samples after the regular annealing 
temperature treatment with the vacuum annealed samples It 

In order to study yielding in body-centered-cubic hould be noted that, in agreement with Carreker and 
materials at low temperatures, it is necessary to avoid Guard, the more impure samples begin to show a di 
brittle fracture which can terminate the tensile test continuous yielding at about 400°C. However, in the 
before macroscopic yielding takes place. By testing in purified samples, there was no similar yielding phe- 
compression, fracture does not occur since there are nomenon observed until the temperature wa 150°C 
no tensile stresses until some deformation has occurred Furthermore, it is interesting to note that as the tem- 
Thus, by using compression tests we have been able perature decreases, the proportional limit of both sam- 
to study yielding in molybdenum down to 196°C ples rises even though no yield point occurs in the 


Since we found excellent agreement between the com ees 
pression and tension data in the temperature range 
above the ductile to brittle transition temperature 


70°C), we concluded that the yielding phenom- / * Pur 
ena observed in compression were properties of the 20 / 50° train Rate 26 » ” $@ 
material and not of the testing method 


° 
— tondara 


The authors report that their data fit the prediction a 
of Fisher” that the yield stress is a linear function of » 16% { 
the reciprocal of the absolute temperature. We have = 
applied this prediction to our data and find that it fits > 120 N , 
only over that narrow part of the temperature range 4 | 
in which Carreker and Guard also found agreement 
Below about —70°C the yield stress deviates markedly 60 


from the straight line as is shown in Fig. 18 


| 

— 


. 
Fig. 19--Comparison of stress-strain curves for different 
7 purity molybdenum samples at different temperatures 


purer samples. This indicates that the rapid rise in 
yield strength with decreasing temperature is not di- 
rectly associated with the existence of a discontinuous 
yield point 

Fig. 18—Yield stress In connection with the grain size effect observed by 
is shown vs 1/°K the authors, we would like to point out that their data 
agree with the results of Petch” (who has worked ex- 
tensively in iron) in that both show the lower yield 
point to be a linear function of the reciprocal of the 
square root of the grain diameter. Petch shows that 
this dependence is to be expected if yielding is gov 
erned by the stress concentrations formed when dislo- 
cations pile up against grain boundaries 


Fisher: Trans. ASM, 1955, vol. 47, p. 451 

RE. Maringer and A. D. Schwope: Final Report on the An 
elasticity of Molybdenur Battelle Memorial Inst., July 14, 1953 

N. J. Petch: The Fracture of Metals. Progress in Metal Physics 
1954, vol. 5, p. 1 


Titanium-Rich Corner of the Ti-Al-V System 


Rausch, A Crossiey, and HW Kessler 


Jounnat or Metats, May 1956, AIME Trans, 1956, vol. 206, pp 211-214 


M. K. McQuillan (Imperial Chemical Industries Ltd., the occurrence of this type of ordering in binary Ti-Al 


Birmingham, England)—The authors present evidence alloys may be inferred has been obtained in our lab- 
to show that curves in which the hardness of quenched oratory, and experience with TiAl and Ti-Au phases 
ri-Al-V alloys is plotted against aluminum content for has shown that these ordered structures may give 
everal different vanadium contents all fall to a mini quite low hardness values without being ductile. The 
mum at 16 pet Al, and that the softening which occurs aluminum content at which ordering occurs in ternary 
at this composition is associated with the a phase. I alloys would not be expected to depend on the vana- 
would like to suggest that this is due to ordering of the dium concentration, since vanadium would occupy the 
Mzg.Cd type occurring in the a phase at 25 atomic pct titanium sites in the ordered lattice and not the alumi 
(16 wt pet) Al. Experimental evidence from which num sites. 
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